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Lead-in

One of the most practical concept used in physics and engineering is the concept of trig-
ger or switch, consisting of a means to start a controlled chain of energy transformation.
A switch can lead to reversible or irreversible consequences. Technological development
usually seeks to make use of the former because it allows for repetitive logical tasks. Such
triggers exist via the coupling between two or more types of energetic transformations.
It is formally described by the interaction between two or more distinct fields and their
expression on a system. Amongst the most studied coupling in material physics, we find
electro-mechanical couplings such as piezoelectricity or ferroelectricity, electro-caloric or
magneto-caloric couplings such as pyroelectricity and pyro-magnetism, magneto-electric,
etc. The fundamental and experimental domestication and understanding of these cou-
plings is usually followed (and very often motivated) by the design of practical application
in electronics engineering technology.

A growing interest in the harnessing of such types of energy transfers has emerged
with the discovery of microscopically ordered materials and crystal structures. In such
compounds, it was possible to describe at a microscopic and collective level the ener-
getic interaction in solids. It started from the 18th century with pyroelectricity (Carl
Von Linné, Franz Aepinius), and rally took off with the understanding of the ordered
microstructure of matter and crystal theory in the 19th century, with magnetostriction
(James Prescott Joule, 1847) and electrostriction (or piezoelectricity) (Pierre and Jacques
Curie, 1880).

Over the decades, finer comprehension of materials and crystal structure, along with
the understanding, in the 20th century, of quantum mechanics and magnetic exchange at
the atomic level, allowed to discover new properties of materials, such as semiconductors,
superconductors, and master breakthrough technologies such as light spectroscopy as
a tool to investigate atomic scale interactions. These advances gave rise to computer
architecture and fast processing devices and large storage-capacity platforms, that are
nowadays at the center of the modern research effort in material science.

Today, we are facing several practical problems because the down scaling of memory
and processing units has reached the thermodynamic limit of finite systems, such as the
source-to-drain leakage of transistors or such as hardly sustainable magnetic orientation
of magnetic bits at normal functioning temperatures (around 300K). Concerning the
former, one of the main possibilities to keep up to speed with Moore’s law in the coming
decade lies in spintronics, the control of spin information. On the storage architecture
side, new routes are also considered, such as memristive devices that mimic biological
neural networks (bridging memory and processing), and other means to store physical
information, such as ferroelectric materials that hypothetically offer a down scaling of
bit units at the angstrom.
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Another major problem in the computing industry lies in the evacuation of heat pro-
duced by Joule effect in processing and memory write/read operations. The flip of a
magnetic unit by a magnetic field demands a large electric current, that will generate
a consequent amount of heat. One of the possible ways to massively reduce that con-
sumption is to use magneto-electric materials, one of the most studied subject in the
solid state community. The electric polarization demands only a minimal voltage to be
switched, which represents an energy significantly smaller than typical magnetic domain
switching. An achievement consists in using the electric order as a switch to the magnetic
information, thus taking advantage of the coupling between the ferroic orders.

Our work falls within this task force. We mainly tried to conjugate two ferroic
orders, ferroelectricity and ferromagnetism. Such coupling can be inherently found in
certain materials called intrinsic multiferroics. But they are very scarce and present
weak coupling. Another approach is to design the magneto-electric coupling from two
separate systems with, each of them containing one of the orders. This approach allows
to select a large variety of materials with the desired functionalities, but the challenge lies
in the means used to conjugate the orders. We understand that on this path, the major
part of the work will consist in interfacing the materials and their properties. In the last
ten years, the interest in intrinsic multiferoics and designed magneto-electric systems has
tremendously increased and various types of architectures of composite multiferroics have
been reviewed. The approach in artificial multiferroics started with rather voluminous
3D structures with one material included in another, usually using strain to mediate the
coupling between ferroic orders. With the improvement of epitaxial growth techniques
and spectroscopy, the design of system progressively evolved towards nanometric systems
with a control of the structure at the atomic resolution. These improvements allowed
to build systems closer to their ideal theoretical description. One of the possibilities
consists of horizontal heterostructures, where ultrathin films are epitaxially deposited on
a substrate to allow for hybridization of the properties at the interface.

We focused on this type of system. A primary design of such artificial multiferroic
structure consists in using a typical ferromagnet (Fe, Co), and a typical ferroelectric
(BaTiO3). One could think that using materials with robust properties could be taken
as a good reference, and maybe generate a strong interaction between ferroic orders. One
can also oppositely think that as the ferroic phases of reference materials are stable, they
will not easily hybridize. An alternative to this is to select one of the materials with a
phase transition because close to the phase change, the susceptibility of the order param-
eter diverges. This could result in an enhancement of the coupling in the vicinity of the
transition. Following this idea, we have also considered the transition metal alloy FeRh
that has an antiferromagnetic to ferromagnetic transition close to room temperatures
instead of the typical ferromagnetic thin films.

In this document, we expose our progression towards the design of a system with a
strong magneto-electric coupling, from the selection of materials, to the realization of
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the system, conception of possible technological application and its fundamental under-
standing.

• In chapter 1, we recall basic knowledge and important works in the domain of
ferroelectrics and multiferoics. This should provide a good basis of information to
build upon, and refer our findings along the development.

• In chapter 2, we present an experimental review of the properties of the transi-
tion metal alloy FeRh and its peculiar magnetic phase transition close to room
temperature.

• In chapter 3, we briefly describe the various materials and experimental techniques
used for the realization of this work. This chapter is very descriptive. It can thus
be omitted in the reading, and only be used for precision on the techniques used
along the following chapters.

• In chapter 4, we present the first experimental results on the ferromagnetic(Fe,
Co)/ferroelectric(BaTiO3) architectures for an interface mediated magneto-electric
coupling. We also tried to induce a ferromagnetic moment in a Pd thin film via
ferroelectric field effect. We used dichroic synchrotron techniques to investigate on
the magnetic properties of the interface of each system.

• From the results obtained on these typical ferromagnet/ferroelectric systems, we
designed a new system where we replaced the typical ferromagnet by FeRh. In
order to build this novel magneto-electric system, FeRh/BaTiO, it was necessary
to optimize the growth of FeRh thin films. In chapter 5, we present growth details
and methods on how to grow FeRh in ultra-thin films in the 45nm-5nm range on
various substrates.

• In chapter 6, we investigate on the magneto-electric properties of the FeRh/ferroelectric
system by magnetometry and surface imaging. We demonstrate a very large effect
of external voltage on the magnetization of FeRh, with a record magneto-electric
coupling constant. We found that two different mechanism are involved in the
magneto-electric coupling of this system, with a large strain-mediated effect but
also a charge-mediated effect.

• The conceptual analysis of the FeRh/ferroelectric system and the understanding of
its properties allowed us to propose a mathematical description of FeRh in ultra-
thin film as a memristive system and FeRh/piezoelectric as a novel type of tunable-
response memristive system. This description is exposed in chapter 7.

• Finally, in chapter 8, we propose a more conceptual study by Ab Initio calculation
on the properties of FeRh and the understanding of its magnetic transition via the
study of the fine modifications of density of states of each magnetic phase under
various pressure states.
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In the search to understand and gain control of our physical environment we al-
ways face a moment when observation does not meet predictions. At this moment, we
understand that the set of logic rules we use are not sufficient to correctly define the
phenomenon. When faced with a system, we first need to define a range of knowledge
and understand the underlying concepts. Observation and theory are necessary, and
represent the steps where the interplay of energies are brought to light. Understanding
then allows to model physical objects, and later, take advantage of the identified physical
interaction.

We tried to use this philosophical approach in our research and hope to have rendered
such methodology in the following document. In every section, we first introduce the
conceptual ideas and our expectations. This part of the process very interesting and
fundamental because it gives the mind a logical frame to analyze the results and allows
to gain a deeper understanding of the system. We then explain how we are going to
proceed, either experimentally or theoretically, using the tools at our disposal. Finally
we show the results and confront our conceptual views with the reality of the phenomena.
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In this chapter, we present the conceptual, experimental and theoretical background
we used to develop our research. We first expose Ferroelectrics that we used as a switch
in a magneto-electric experiment. We then present the main aspects of multiferroics and
the magneto-electric coupling.

1.1 Ferroelectrics

Our work on magnetoelectric coupling in multiferroic heterostructure is built around the
notion of ferroelectrics. A major part of the conceptual and applied work reported in this
document is based on the possibility to use ferroelectric switching as a reversible switch
of the magnetic properties of the metallic layer of the heterostructure through interfacial
effects (proximity effects, charge accumulation, interfacial reconstruction, work function
and Fermi level junction, etc).

Ferroelectrics provide a large panel of ’active’ properties including piezoelectricity,
charge accumulation/depletion effects at their interfaces arising from the reversible per-
manent dipole direction, nanoscale integrability thanks to the robustness of the ferro-
electric instability in nanometeric-scale thin films. In the present section we will define
ferroelectricy and expose the properties of ferroelectric materials with an emphasis on
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Baryum Titanate (BaTiO3 or BTO in short). We will also develop on the fundamen-
tal mechanisms stabilizing ferroelectricity and expose Landau phase transition theory
applied to paraelectric-ferroelectric phase transitions.

1.1.1 General facts

1.1.1.1 crystallographic classification

There are 230 distinct space groups (including chiaral copies) in a three-dimentional
space. In the classification of crystals, a point group is also referred as a crystal class.
The crystallographic restriction theorem applied to the general point group families ex-
tracts 32 crystal classes, further divided into two subgroups, 11 centrosymmetric classes,
with an inversion symmetry center, and 21 non-centrosymmetric classes, devoid of inver-
sion symmetry center. Among the latter group, 20 are piezoelectric (electromechanical
interaction).

Whereas all non-metallic crystals exhibit a dipolar polarization when subjected to
an external electric field, some materials can sustain a permanent charge displacement
in the absence of a field. A non-zero electric dipole moment, d =

∫

ρ(r)rdxdydz then
arises from non-compensated charge distribution ρ(r). These materials are called polar
crystals and represent 10 of the 20 piezoelectric crystals.

During the growth process of a polar crystal, internal/external charge carriers rear-
range to screen the persistent dipoles in the crystal. After growth, the sample is stabilized
in a neutral electronic state. However, when a polar crystal is subject to temperature
change, external or internal currents are not sufficient to compensate the dipole variation.
This characteristic of crystals is called pyroelectricity. All polar crystals are pyroelectric.

Ferroelectrics are pyroelectrics exhibiting a reversible electric polarization switchable
by the application of an external electric field and the permanent dipole can access
several (at least two) stable polarization states. Obviously, ferroelectric materials are
also insulating, otherwise free carriers would immediately screen the permanent dipoles
and no net polarization would be observed.

1.1.1.2 Ferroelectric crystals and perovskites

Ferroelectric materials can be classified in two main structural groups:

1. Compounds containing hydrogen bonded radicals, among which the Rochelle salt
(first ferroelectric discovered) type and the group of potassium dihydrogen phos-
phate (KH2PO4) [1]. In these ferroelectric crystals with hydrogen bonds, the mo-
tion of the positive ions is specifically connected with the ferroelectric properties.

2. Ionic crystals with crystal structures closely related to the perovskite and ilmenite
structures. The perovskite structure is the simplest crystal structure to exhibit
ferroelectricity, with a referent member, Barium Titanate, BaTiO3, see Fig.1.1.
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Figure 1.1: Two different views of the unit cell of the ABO3 ideal cubic perovskite
structure. The B atom (grilled circles) is at the center of an octahedron composed of
oxygen atoms (white circles). The A atom (dashed circles) has 12 oxygen first neighbors
[2], [3].

The second category, discovered with Barium Titanate BaTiO3 in 1949, presents a
much simpler structure and more robust ferroelectric properties. The perovskite family
includes multiple ferroelectrics such as KNbO3, PbTiO3, KTaO3, NaTaO3, LiNbO3, etc
[3], [4].

The perovskite structure is framed by the oxygen octahedra that contain the B atoms.
A atoms are disposed in the holes between octahedra. A perovskite with given A and
B atoms is given by The Goldschmidt criterion [5] that tells if a perovskite with given
A and B atoms can exist, based on packing considerations. As a general statement,
ferroelectricity can be favored when the A atom is sufficiently big, and the B atom
sufficiently small (both in the limit of crystal stability), so that the structure develops
a small polar distortion[6]. This distortion represents a small symmetry breaking of the
higher-symmetry cubic reference state. Ferroelectricity is therefore strongly coupled to
strain effects in this type of structure, hence displaying piezoelectricity. For instance in
thin films, an enhancement of the ferroelectric properties can be obtained via epitaxial
strain.

Studies on BaTiO3 and related isomorphous crystals dramatically changed the un-
derstanding of ferroelectricity. The perovskite family offers several functional oxides that
can be epitaxialy mixed with other compounds and therefore open the possibility to build
complex ferroelectric oxide heterostructures.

1.1.2 Macroscopic signature of ferroelectricity

In all known ferroelectric crystals, the ferroelectric order exists in a low temperature
range and vanishes above a critical temperature also called Curie temperature, in analogy
to the theory of ferromagnetism. Two types of ferroelectric to paraelectric transitions
are known. Displacive transitions drive the crystal from a non-polar centrosymmetric
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paraelectric phase to a polar phase with several symmetric polarization variants. Order-
disorder phase transitions drive the crystal from an ordered polar phase to a disordered
polar phase. Both types can usually coexist [7].

1.1.2.1 Anomalous behavior of the dielectric constant

As for any thermally driven phase transition, the paraelectric-ferroelectric transition is
visible in the temperature dependence of the electric susceptibility χe or of the dielectric
constant (or relative permittivity) linked by the relation ǫr = 1 + χe. Also, due to
their elastoelectric properties, structural transition in ferroelectrics necessarily induce a
modification of the polar properties of the material. Thus, as shown in Fig. 1.2, the
dielectric constant of BaTiO3 systematically diverges in the vicinity of a structural phase
transition, the paraelectric-feroelectric transition being also structural.

Figure 1.2: Temperature dependence of the dielectric constants of BaTiO3, measured
along the pseudo-cubic [010] and [001] axis [8].

Above the Curie temperature, the crystal is cubic. As temperature decreases through
120◦C, the material becomes ferroelectric and its structure shifts from cubic to tetragonal
and goes from paraelectric to ferroelectric. This transition does not show a hysteretic
behavior on the presented graph, but has however been identified as a first order transition
[9]. Then two other first order transitions at 0◦C and -80◦C change the structure of the
crystal to orthorhombic and rhombohedral. The dielectric constant is given for the non-
equivalent a and c orientations, except in the cubic phase.

16



1.1. Ferroelectrics

For more details on BaTiO3, see section 3.1.1.1.

1.1.2.2 Ferroelectric cycle

By definition and similarly to ferromagnetism, the ferroelectric switching is hysteretic.
It is thus necessary to observe a Polarization-Electric field (P-E) hysteresis loop as the
material switches between two different polarization states to insure that a material is
indeed ferroelectric below TC .

The electric polarization P is usually defined as the average electric dipole moment
per unit volume as:

P =
1

Vtot

∫

V
rρ(r)dr (1.1)

In the ferroelectric phase, the relation of the macroscopic polarization and the electric
field is given by a hysteresis loop, see Fig.1.3. At high fields away from the coercive field
Ec proximity, the ferroelectric behaves like a normal dielectric. At Ec, the ferroelectic
switching induces a sudden charge displacement, cause of a large dielectric non-linearity.
When the energy of the electric couple between the ferroelectric dipoles and the external
field is minimized, the polarization Ps is maximum. This polarization is called saturation
or spontaneous polarization. At E = 0, the polarization reaches its remnant value Pr. In
a perfectly mono-domain structure, the remanent and spontaneous polarization are still
not equal, due to the enhancement of the dipoles with increasing field. The increase from
the remanent polarization would be linear with a slope equal to the dielectric constant.
This can however differ in a multidomain or ferroelastic system, or in an imperfect crystal,
when a non-zero electric field is necessary to maintain all the domains aligned. Defects
affect the polarization and dielectric behavior of the ferroelectric, their action can be
translated into an additional contribution to the total polarization of the system, and
depending on the defect distribution and their polar characteristics, the coercive fields
can be modified, and the cycle can become asymmetric, shifted or slanted [10]. The
area delimited by the loop is a measure of twice the energy necessary to reverse the
polarization.

The spontaneous polarization can be estimated using Born effective charges Z.e and
displacements u from the reference structure as 1

Ω

∑

Z.eu, where Ω is the volume of the
unit cell.

1.1.3 Phenomenology of the phase transition

In the fifties, Devonshire applied Landau’s phase transition theory based on symmetry to
describe first and second order paraelectric-ferroelectric transitions [11], [12]. The formal-
ism is appropriated to describe systems with long-range interactions, such as ferroelectrics
or superconductors, because it assumes a spatial averaging of all local fluctuations. This
method is then reliable on a wider range of temperatures around the transition than for
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Figure 1.3: Typical hysteresis loop of a ferroelectric, with Ec the coercive field, Pr the
polarization at remanence and Ps the polarization at saturation or spontaneous polar-
ization.

instance ferromagnetic systems, where the exchange is short range. It is also interesting
to note that in several systems, phase transitions described as second order turned out to
be first order [13]. The paraelectric-ferroelecric transition of BaTiO3 was first regarded
as second order [8], [14] and even taken by Landau as an example for his second order
phase transition phenomenology [13], but turned out to be first order [9], [15].

1.1.3.1 General phenomenology

Landau-Devonshire theory of ferroelectrics provides a phenomenological description of
the transition in bulk systems with spatially uniform polarization. The thermodynamic
state of a ferroelectric at equilibrium can be fully determined by the following variables:
the temperature T , the polarization P , the electric field E, the strain η and the stress σ,
with P and η as internal variables.

In the vicinity of a phase transition, the free energy can be expressed as a power
expansion of the internal variables around the transition temperature. The coefficients
associated to each term can be estimated from experiments or derived from calculations.
For simplicity, we will consider the case of a uniaxial ferroelectric where the strain field can
be neglected. It is important to note that ferroelasticity and ferroelectricity are usually
strongly coupled, such that the onset of a macroscopic polarization is accompanied by a
macroscopic stress, so stress should not be neglected in most ferroelectrics [16].

The expansion will only contain even powers of the polarization P as the up and
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down polarization are equivalent (the energy of the free unpolarized crystal is set to 0):

F =
1

2
aP 2 +

1

4
bP 4 +

1

6
cP 6 − EP (1.2)

with E the electric field and −E.P the coupling energy between the electric field
E and the polarization P and a, b and c the Landau coefficients. The development is
truncated at the 6th power as higher orders are not necessary to describe the transition. In
Landau theory, the non-trivial temperature dependence terms is assumed to reside in the
lowest order term in the expansion and is expressed close to the transition temperature
Tc as :

a = a0(T − T0) (1.3)

with a0 > 0. The other parameters b and c associated to higher powers of P are
also temperature dependent in physical systems. But if their variations are smooth,
their effect can be neglected close to a phase transition. Supposing that they are not
temperature dependent is rigorous for continuous or ’second-order’ transitions, but is an
approximation in discontinuous or ’first-order’ transitions.

The equilibrium state is reached when the free energy is minimum. The condition is
found when:

∂F

∂P
= 0 (1.4)

We then obtain the following equality expressing the electric field function of the
electric polarization:

E = aP + bP 3 + cP 5 (1.5)

We can define the dielectric susceptibility χ =
(

∂E
∂P

)−1
. Above the transition P = 0,

we get with 1.3:

χ =
1

a
=

1

a0(T − T0)
(1.6)

The application of Landau theory predicts a Curie-Weiss behavior in χ which is
observed in most ferroelectrics. Here T0 is Tc. It also shows that the dielectric constant
diverges at the transition temperature.

We can write the expression of the temperature dependent free energy:

F =
1

2
a0(T − T0)P

2 +
1

4
bP 4 +

1

6
cP 6 − EP (1.7)

The factors a0 and c are reported to be positive in all ferroelectrics [17]. For T < Tc,
the quadratic component in P is negative and F (P ) has two symmetrical stable minima
at ±P0. For T > Tc, the quadratic component is positive and there is only one stable
minimum at P = 0.
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The sign of b indicates the transition order, for b > 0 the transition is second order
and b < 0 depicts a first order transition.

1.1.3.2 Second order transition

As said above, b > 0 indicates that the transition is second order. A representation of
the free energy at different temperature is represented Fig.1.4.

Figure 1.4: Second-order phase transition. (a) Free energy as a function of the polariza-
tion at T > T0 , T = T0, and T < T0; (b) Spontaneous polarization P0(T ) as a function
of temperature; (c) The susceptibility χ and its inverse, where χ = ∂P

∂E |P0
is evaluated

at the equilibrium polarization P0(T ) [16].

The spontaneous polarization P0 can be estimated at E = 0 in Eq. 1.5. As all
coefficient are positive, we get rid of the higher orders and only the quadratic and quartic
contribution are kept, giving:

P0 =

√

a0
b
(Tc − T ) (1.8)

The order parameter will indeed increase continuously from Ps = 0 at T ≥ Tc in the
paraelectric phase to positive values below T = Tc.

We determine an expression for the dielectric susceptibility below the transition as
χ = ∂P

∂E |P=P0
:

χ =
1

2a0(Tc − T )
(1.9)

The dielectric constant has the same dependence in T and diverges at the transition
temperature Tc. In physical systems, the dielectric constant cannot diverge and reaches
a high finite value.
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1.1.3.3 First order transition

For b < 0, the transition is first order. It means that there is a discontinuity of the order
parameter at the transition temperature. Also, first order transition are accompanied by
a hysteresis.

With a negative quartic coefficient, eventhought T > T0, there might be two local
minima in the free energy at ±P 6= 0 that will lower their position with decreasing T,
see Fig.1.5. However, as the parameter a is still positive but sufficiently small, there is a
temperature at which all three minima have the same energy. This temperature repre-
sents the Curie temperature at which the ferrolectric order becomes stable. Decreasing
further, T will reach the condition T = T0 for which the minimum at P = 0 disappears.
The fact that three minima coexist close to Tc and are degenerated at TC is fundamental
to describe the hysteretic and discontinuous character of first order transitions.

Figure 1.5: First-order phase transition. (a) Free energy as a function of the polarization
at T > Tc , T = Tc, and T < T0 < Tc; (b) Spontaneous polarization P0(T ) as a function
of temperature; (c) Susceptibility χ [16].

1.1.4 Microscopic understanding of Ferroelectricity

In the previous sections, we have defined ferroelectrics on a macroscpic level and give
a phenomenological description of the paraelectric-ferroelectric transition. We are now
going to focus on the microscopic mechanisms responsible for the ferroelectric instability.

In an attempt to understand ferroelectricity and the causes of the spontaneous re-
versible polarization, extensive studies, initiated by Valasek in 1921 [18], tried to put light
on the mechanism of the ferroelectric order through similarities between the dielectric
properties of Rochelle salt and the magnetic properties of ferromagnetic materials.
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Even though the macroscopic features of both orders are similar, the underlying
mechanism at the electron-level that lead to electric or magnetic polarization are very
different. The non-centrosymmetry is a necessary but not sufficient element to obtain
a ferroelectric order on the long range. We expose some mechanisms that force non-
centrosymmetry and discuss on the long range forces to lead to a ferroelectric ground
state mainly in BaTiO3.

1.1.4.1 Non-centrosymmetry mechanisms

Let’s assume an ideal perfectly packed perovskite with ions A and B of the adequate size.
Eventhough the long-range Coulomb forces favor ferroelectricity in such a structure, a
non polar centrosymmetric configuration would be more favorable due to the short range
repulsion between the electron clouds of the ions [19]. The type and size of the A and
B ions can modify this outcome. The key parameter for the existence of ferroelectricity
resides in the balance between these short range forces preventing the polar displacement,
and the local modifications in chemical bonding able to stabilize the distorted structure.
These modifications in chemical bonding are known as second order Jahn-Teller effects,
as we will show in the following.

To model the energy change arising from a polar distortion, we can write a pertur-
bation expansion of the cubic centrosymmetric ground state E(q), as a function of the
displacement coordinate q [20]:

E(q) = E(0) + 〈0|H∐|0〉q +
1

2

[

〈0|H∐∐|0〉 − 2
∑

n

|〈0|H∐|n〉|2
∆E0n

]

q2 + ... (1.10)

with E(0) the energy of the electronic ground state function of the distortion coordi-
nate q, Hq and Hqq the first and second derivatives of the electronic Hamiltonian, ∆E0n

the difference between the energy of excited state n and the ground state 0.

The term linear in q is the first-order Jahn-Teller (FOJT) contribution and arises from
incompletely filled shells. For instance, it is responsible for the tetragonal distortions of
d1 and d4 perovskites.

The second order Jahn-Teller (SOJT) contribution depends on q2 and both terms
in the brackets are always positive. In the contrary to the FOJT, the SOJT is relevant
for filled shell ions and when the energy difference between the highest filled and the
lowest empty energy levels is small [21]. The first term, dominated by the Coulomb
repulsion of the electron clouds, measures the increase of energy under distortion with no
electron redistribution. This term tends to keep the system in a nonpolar state. As it is
associated to Coulomb repulsion, it is minimized for closed-shell ions because they don’t
display spatially extended valence electrons. The second term takes into account the
energy lowering associated to electronic clouds rearrangements and new chemical bond
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formation. It will be large if the formation energy of new stable chemical bonds in the
distorted configuration is small. In order to favor the stabilization of a polar state, the
first term has to be smaller than the second term [6].

The polar state then originates from two distinct mechanisms depending on the crystal
atoms and structure:

• The first mechanism, present in perovskites, is the ligand-field stabilization of the B
cation by the nearby oxygen anions. This mechanism is for instance responsible for
polar distortions in BaTiO3, CaMnO3 and YMnO3 [22]. The empty d0 character of
the cation is necessary to insure a change of the Oxygen p - B ion d hybridization
as the cation is displaced. For example, in BaTiO3, the Ti4+ cation is initially d0.
But loving it towards oxygen anions lowers the energy of the system, because the
states derived from orbitals oriented in the direction of the displacement contribute
to a rehybridization process that lowers the energy, see Fig.1.6. Moreover, Ti4+

is closed-shell, so the Coulomb repulsion forces do not increase much with the ion
displacement (first second-order term in the perturbative expansion) [6].

• The second mechanism consists in the mixing of ns2 lone pairs of electrons with the
cation or anion p character. This mixing process is called stereochemical activity.
The symmetry of the electron cloud is then broken. This electronic rearrangement is
at the origin of the polarity in ferroelectric rhombohedral-GeTe [23]. Stereochemical
activity is also the driving force of ferroelectricity in Bi-based perovskite such as
BiFeO3.

Both mechanisms can be at play in the same material, as it is the case for PbTiO3.
Also, other effects can enhance or counter-act an already existing distortion such as tilts
of oxygen octahedra, referred to as Glazer tilts [24], [25].

1.1.4.2 From non-centrosymmetric to ferroelectric

To sum up the previous section, we can say that in ferroelectrics the atomic arrangement
of ions in the crystal structure gives rise to a spontaneous local polarization. And the
mechanism of dipole appearance can be a separation factor between two groups of fer-
roelectrics, in conventional ferroelectrics, from the position of ions originate the dipoles,
whereas in electronic ferroelectrics, charge ordering of multiple valence is responsible for
the uncompensated charge distribution.

Nevertheless, the effects discussed in the previous section are responsible for the non-
centrosymmetry of ferroelectrics but are not sufficient to explain the observed macro-
scopic polarization and ferroelectric domain formation.

The appearance of a long-range polar order and a net macroscopic polarization is
mainly due to the dipole-dipole interaction, which is in ferroelectrics the analogous of
the exchange interaction in ferromagnets.
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Figure 1.6: Orbital-resolved density of Ti d and O p states in paraelectric centrosymmetric
BaTiO3. The upper panel refers to the structure with atoms placed in the centrosym-
metric positions, the lower panel to the structure with Ti ion displaced in the z direction
towards OT the ’on-top’ oxygen. The z oriented orbitals of Ti and O are strongly affected
and shifted down in energy whereas other orbitals remain unaffected [22], [6].

Other effects, such as Glazer tilts mentioned in the previous section, can compete
with the effect of the dipolar interaction and produce various types of collective behavior
and modify the offcentering directions in the crystal, see Fig. 1.7.

Figure 1.7: Comparison of A-site offcentering in non-Glazer-tilted (Left) and Glazer-
tilted (Right) structures. In high-symmetry structures without tiltings, all of the A-site
ions can offcenter in the same geometric direction, favoring a cooperative ferroelectric
distortion. In the tilted case, the axes of offcentering on adjacent ions are inequivalent,
and antiferroelectric ground states are often favored [6].

Among these, when the dipole alignment is not sufficiently strong, uncompensated or
compensated anti-parallel configuration can arise. It is then possible to observe what is
commonly referred as ’antiferroelectrics’, such as PbZrO3 [26]. The designation is chosen
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by analogy with antiferromagnets for the anti-parallel alignment and zero net polariza-
tion, but the analogy stops there. The anti-parallel configuration in antiferroelectrics
usually does not form domains and the ferroic phase cannot be characterized by a point
group pair [6]. In some cases when the system also contains a ferroelastic coupling, anti-
ferroelectric domains can form. In some other materials referred as ferrielectrics, several
distortions can occur and produce local dipole moments of opposite direction and dif-
ferent magnitude such that an overall polarization exists. An example of ferrielectric is
Na0.5Bi0.5TiO3, where the Ti4+ and Bi3+ move in opposite directions and [27].

The fact that non-centrosymmetry and long range order are independent mechanisms
suggests that at the ferroelectric-paraelectric transition, the noncentrosymmetry may not
systematically disappear. Different microscopic dynamics may then be associated to each
scenario.

The phase transition can be of the displacive type or order-disorder type. In the
former, there are no microscopic dipoles in the paraelectric phase as it is cubic. Be-
low the transition, the tetragonality of the cell and long-range dipolar interaction will
force the displacement of the ions in the elongated direction. In the latter, dipoles ex-
ist in each cell of the crystal in both phases. However, in the paraelecric phase, the
thermal excitation is stronger than the long-range dipolar interaction, which results in
a disordered dipole configuration. Below the transition temperature, the dipole-dipole
interaction takes precedence over thermal disorder and aligns the microscopic dipoles in
larger domains. These mechanism can be both present in a ferroelectric crystal.

For instance, in BaTiO3 the phase transition is of both types [28]. At temperatures
well above the Curie point, the crystal is centrosymmetric due to the too strong ther-
mal agiation. As the temperature tends to TC , the temperature gets low enough for
noncentrosymmetry to stabilize. But thermal excitation still prevent a long range or-
der, leaving the system in a disordered state. Each cell is then not able to keep one
particular polarization state out of the eight equivalent stable dipole direction [29]. The
time average polarization of each cell is zero and the cell still appears cubic. At TC , the
thermal energy is sufficiently low for each cell to maintain one polarization state long
enough to influence the neighboring dipoles. The dipole-dipole interaction can take over
and ferroelectric domains form.

The coexistence of both mechanism is more often in materials with several equivalent
dipoles orientations, in the contrary to uniaxial compounds such as LiTaO3 [30].
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1.2 Multiferroics and composite multiferroics

In the previous section we introduced ferroelectricity, an electrically ordered state of
matter. We also mentioned the conceptual similarity between ferroelectricity and ferro-
magnetism, both appearing below a critical temperature TC and displaying a macroscopic
order parameter, respectively the electric and magnetic polarization. These orders are
part of the four primary ferroic orders, ferroelectricity, ferromagnetism (antiferromag-
netism, ferrimagnetism) ferroelasticity and ferrotoroidicity. Materials that contain two
or more ferroic orders are called multiferroics. They can be found in single phase, but
also in engineered composite heterostructures where the coupling of ferroic orders is
monitored via interface and strain effects.

Our interest in the present work is mostly directed towards magnetoelectric materials
and magnetoelectric multiferroics, that is, materials that couple magnetic and electric
degrees of freedom, see Fig.1.8.

Figure 1.8: Time-reversal and spatial-inversion symmetry in ferroics. a, Ferro-
magnets. The local magnetic moment m may be represented classically by a charge that
dynamically traces an orbit, as indicated by the arrowheads. A spatial inversion produces
no change, but time reversal switches the orbit and thus m. b, Ferroelectrics. The local
dipole moment p may be represented by a positive point charge that lies asymmetrically
within a crystallographic unit cell that has no net charge. There is no net time depen-
dence, but spatial inversion reverses p. c, Multiferroics that are both ferromagnetic and
ferroelectric possess neither symmetry. [31].

The conceptual interest in having both ferromagnetic and ferroelectric orders coex-
isting in the same phase arose quite early in the late 1950’s, along with the discovery and
study of perovskite ferroelectrics. The fact that both ferroic orders coexist is appealing
in a fundamental point of view as a coupling could spring between two orders normally
uncorrelated. Some prototypes of materials containing both ferroic orders were proposed
at that time but the technological advances were not sufficient to thoroughly study these
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systems.

It is only recently that a strong and growing interest has shed light on multiferroics
and magnetoelectric coupling [32], [33]. This renewed interest was driven by the active
search of more efficient functional interactions and architectures for the next generations
of data storage, processing units and other key technological applications such as highly
sensitive magnetic field detectors.

Material engineering has tremendously evolved along the last decade with the master-
ing of ultrathin coatings and atomic layer-by-layer deposition (MBE, PLD, sputtering).
These advances made possible the study of novel types of multiferroic thin films and com-
posite heterostructures. At the same time, improvements in first principle calculations
now offer new ways to address strongly correlated systems (LDA+U) like most ferro-
electrics and multiferroics. Also, optimization of calculation codes and methods made
for the reduction of calculation times and now facilitates the modeling of nanometric sys-
tems. The conjunction of both technical and fundamental progress made possible direct
comparison of experimental and model systems, and constitute a powerful alliance to ex-
tract fundamental mechanisms, interactions and identify efficient routes of development.

In this section, we will first define the magneto-electric coupling via a phenomenolog-
ical description, then expose the how ferroic orders couple in single phase multiferroics,
and finally develop on composite multiferroic architectures and magneto-electric inter-
faces.

1.2.1 Phenomenology of the magneto-electric coupling

The magnetoelectric coupling is defined as the coupling between electric and magnetic
fields via their expressions in a medium, respectively the electric polarization P and
magnetization M . It is a flexible concept in the sense that it can exist regardless of the
nature of the electrical and magnetic order parameters, even in the absence of ferroic
orders. Magnetoelectric materials are not all multiferroic and vice-versa.

We can use Landau formalism to express the free energy of the system subject to
interactions between the electric field E, the magnetic field H and the stress tensor σ:

F =F0 − PSE − µ0MSH − ǫSσ

− 1

2
ǫ0χEE

2 − 1

2
µ0χMH2 − 1

2
sσ2

− αEH − dEσ − qHσ − . . .

(1.11)

For readability the summation on the three space coordinates i, j and k for vectors
and tensors are omitted. On the right, the first term F0 is the energy when no fields are
applied, the three next terms represent the interaction energy between the spontaneous
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electric polarization PS , magnetization MS and elastic deformation ǫS and the associated
fields. The following three second order terms account for the electrostatic, magnetostatic
and elastic energy, with χE and χM the electric and magnetic susceptibility, s the elastic
tensor. The three last terms represent the energy associated to the linear magnetoelectric
α, piezoelectric d and piezomagnetic q effects [34].

To obtain an expression of the order parameters, we can derive equation 1.11 with
respect to the adequate field as follows:

P = −∂F

∂E
= PS + ǫ0χEE + αH + dσ + . . .

µ0M = − ∂F

∂H
= µ0MS + µ0χMH + αE + qσ + . . .

ǫ = −∂F

∂σ
= ǫS + sσ + dE + qH + . . .

(1.12)

From these equations, it is clear that the electric (magnetic) polarization can be
influenced by an external magnetic (electric) field. We can then extract an expression of
the linear magnetoelectric coefficient α as:

α = µ0
∂M

∂E
=

∂P

∂H
(1.13)

The coupling constant α is measured in T.m.V−1 = s.m−1 (SI units).

1.2.2 Single phase magnetoelectric materials

As a matter of fact, the existence of both ferroic orders in the same material is somehow
difficult because most of the time contradictory. The scarcity of known single-phase
multiferroics originates from the fact that the majority of ferromagnets are metallic and
all ferroelectrics are insulating. This narrows down the magnetically ordered insulating
candidates that are usually antiferromagnetic or ferrimagnetic.

Also, the single phase multiferroics usually present a weak magnetoelectric coupling,
especially when the magnetic order is antiferromagnetic. This is due to the limitations
of the magnetoelectric coefficient α by the geometric mean of the magnetic and electric
susceptibilities [35]:

α2 < χeχm (1.14)

with χe and χm the electric and magnetic susceptibilities.

1.2.2.1 Type I : Split-order multiferroics

In most single multiferroics, the ferromagnetic and ferroelectric orders are not carried by
the same atoms, but are rather produced by different sublattices. This separation yields
a weak coupling in these structures.
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The best ferroelectrics are mostly from the perovskite family. The most widespread
mechanism for ferroelectricity in perovskite oxides is based on the offcentering stabiliza-
tion (ligand-field stabilization, see 1.1.4.1) of the small cation by the surrounding oxygen
atoms through the second order Jahn-Teller effect. As previously addressed, the sec-
ond Jahn-Teller effect is effective for transition metal ions with empty d states whereas
magnetism exists for cations with non zero d orbitals. This explains the absence of
ferroelectricity in ferromagnetic perovskites [36].

The requirement for both orders to coexist is to decouple magnetism from the cation
responsible for ferroelectricity. For instance, it is possible to use the stereochemical
activity of the A-atom lone pair for offcentering and ferroelectricity and keep a magnetic
ion on the B site like in BiFeO3 and other Bi-based perovskites. Theoretically, Glazer
tilts type of distortion can be used to enhance ferroelectricity and do not prevent the
coexistence with magnetic ordering.

Another approach is to build double perovskite structure with one sublattice carry-
ing the magnetic moment and the other, the ferroelectric order. It has been tried on
various systems such as ferromagnetic-ferroelectric Pb2CoWO6 and antiferromagnetic-
ferroelectric Pb2FeTaO3 [37], [38].

Another perovskite-like group, the hexagonal rare earth manganites, are also classified
as type I. They include materials such as YMnO3 where the ferromagnetic order comes
from the Mn ion and ferroelectricity form a closer packed structure based on Glazer tilts
[39].

1.2.2.2 Type II : Joint-order multiferroics

In this type of single phase multiferroics, the ferroelectricity is magnetically induced,
which yields both a larger magnetoelectric coupling than in type I, but a smaller fer-
roelectric polarization (about 10−4 - 10−5 C.m−2 against 0.1 - 1 C.m−2 in common
ferroelectrics) [40].

In this category, we can separate two groups, the spiral type and the collinear type.
The former includes materials such as TbMnO3 and TbMn2O5 in which the magnetic

order adopts a sinusoidal antiferromagnetic structure. The ferroelectric polarization is
induced by the magnetoelastically induced lattice modulation. In TbMnO3, the polar-
ization can rotate by 90◦ under a critical magnetic field [41], [42].

The latter group consists of multiferroics, such as Ca3CoMnO6 with alternating Co
and Mn ions and an ↑↑↓↓ spin configuration, where the polarization results from the space
inversion symmetry breaking by the collinear magnetic spin chain. This occurs through
the exchange-striction mechanism that distorts the bonds and enables the ferroelectric
polarization [43].
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1.2.3 Composite multiferroic heterostructures and proximity effects

Because of their complex coupling mechanisms and structures, single phase multiferroics
are not easy to manipulate and understand. Eventhough their properties have been
extensively studied theoretically and experimentally, and growth methods improved along
the last decade, they remain scarce, challenging to model (strongly correlated systems),
to grow (complex crystal structure) and the magnetoelectric coupling proves to be still
quite small in known single phase compounds. Added to that, the Curie and/or Néel
temperatures are also low and the possibility to improve the coupling characteristics is
very limited. This situation occurs because each ferroic order is sensitive to volumic
effects, and as both orders have to co-exist in the same crystal structure, the degrees of
freedom for each order to be expressed are greatly constrained, resulting in a somehow
’stiff’ magneto-electric system.

Yet, it is possible to circumvent the problem. An alternative approach to multifer-
roicity consists in designing magneto-electric heterostructures, where a ferromagnet and
a ferroelectric are brought in contact. At the interface, proximity effects derived from
strain, electronic reconstruction and bond hybridization can engender an interfacial mag-
netoelectric coupling. Such systems are called composite or artificial magnetoelectrics
[32], [44]. The idea of composite multiferroic is not new, the first design of composite
multiferroic was formulated in 1948 by Tellegen [45], more than ten years before the first
observation of ME coupling in an intrinsic multiferroic.

More specifically, the mechanisms driving the coupling can be indirectly driven, by
in-plane strain, which is the case for most artificial multiferroics [46], or directly driven,
by magnetic exchange interaction or ferroelectric field effect through charge accumula-
tion/depletion.

All three can result in the modification of magnetic properties such as the exchange
constant (directs the magnetic order), the magnetic anisotropy (from spin-orbit coupling)
or the saturation magnetization, see Fig.1.9.

A great advantage of composite multiferroics is that the fundamental limitation on
the strength of the ME coupling given by Eq.1.14 is no more valid. Also this allows
to work with a wide choice of ferroelectric and ferromagnetic materials, with high Tc

and high polarization, to design and optimize the coupling in such hybrid systems. New
degrees of freedom, such as the stoichiometry, microstructure, epitaxial strain, become
available to improve the ME coupling, and ideally, work at room temperature.

On the other hand, one of the current challenges in such composite architectures is
that they rely on a coupling mediated by the interfaces between each phase (including
strain transmitted by the interface in epitaxial two or three dimensional structures). This
implies that in most cases the effects tend to be limited to the near interface regions.
Special care has to be taken of the interface quality and sharpness, especially that most
ferromagnets are oxidable metals and most ferroelectrics are oxides. A phase intermixing
could result in the complete loss of the ferroic orders and coupling at the interface. Addi-
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Figure 1.9: Diagrammatic illustration of the different types of interfacial coupling in fer-
romagnetic/ferroelectric artificial multiferroic structures: (a) strain, where electrostrain
in the ferroelectric propagates to the ferromagnet to induce a magnetoelastic anisotropy;
(b) spin exchange, where the exchange bias direction is controlled by the orientation of the
antiferromagnetic spin alignment of a multiferroic layer; and (c) charge mediated, where
charge modulation through screening of the ferroelectric polarisation induces changes
in the magnetic interaction of the ferromagnet. Arrows represent magnetic moments,
ellipses the ferroelectric polarisation. Figure taken from [47].

tionally, adequate measurement instrumentation has to be used to fully characterize and
render the subtle underlying phenomena to the coupling of ferroic orders. Recent devel-
opment of nanoscale spectroscopy technique such as STEM, XMCD, XRMS, XPEEM
and other scanning probe microscopy and time resolved X-ray synchrotron spectroscopy
techniques, made possible the advances in the field of artificial multiferroics [47].

1.2.3.1 Magneto-electric coupling in composites

In intrinsic multiferroics, see Eq. 1.13, the coupling constant α is proportional to the
change of magnetization ∆M over the electric field applied E and is equal to the inverse
relation involving the change of electric polarization ∆P under the applied magnetic field
H.

In composite multiferroics, the determination of the coupling constant is not as direct
because multiple components in the measurement can parasite the coupling value. When
one measures the change in magnetization under external electric field, the α coefficient
can directly be measured and is then similar to the coupling coefficient found in single
phase multiferroics. However, when the electric response is measured under magnetic
field, the dependence of the coupling constant is usually not linear [32]. So to measure
the ME response in composites, it is usually necessary to use a large DC magnetic field
applied to trigger the ME response, on which a weak AC magnetic field up to 10 Oe
and at frequencies between 100 Hz and 1 MHz is superimposed. The electric response is
proportional to the amplitude of the AC magnetic field. This implies that the measured
ME response depends on both the AC frequency and DC bias and a resonant response
is detected when the modulation frequency coincides with eigenmodes of the system.
This protocol establishes an equivalent to the α coefficient measured in single phase
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multiferroics [34] and is expressed as:

αE =
∂E

µ0∂H
=

c2

µ0χE
α (1.15)

with χE the electric susceptibility defined as P = ǫ0χEE. The constant αE is mea-
sured in V(m.T)−1 (SI unit).

1.2.3.2 Strain mediated ME coupling

In strain mediated ME coupling, the electro-strictive effect of the ferroelectric is used
to modulate the in-plane stress experienced by the ferromagnet. This should affect
the magnetic anisotropy of the ferromagnet by means of magnetoelasticity . This type
of composite is the most common and show the strongest ME coupling among known
systems [48]. It can be explained by the fact that the elastic interaction, usually unlike
charge accumulation or exchange interaction, tends to expand on larger lengthscales,
up to some hundreds of nanometers. And also because magnetic anisotropy, exchange
properties, hybridization and ferroelectric deformation all commonly depend on relative
atomic spacing.

Studies of strain mediated artificial multiferroics show interest in both control of
ferromagnetism through electric field and ferroelectric response through magnetic field.
Various studies focus on the magnetically induced electric response for novel design of
ultra-sensitive magnetic field detectors, solid state transformers, or energy harvesting
[48], [46], [49], [50], [51]. The electric control of magnetism is studied for RF filters,
miniaturized antennas and electric field controlled magnetic random access memory cells.

The first strain-mediated artificial ME heterostructure was grown by Boomgard et
al. They coupled BaTiO3 and CoFe2O4 by their piezoelectric and piezomagnetic re-
sponses [32]. The composite had a coupling constant α = 130 mV.cm−1.Oe−1. We note
that this ME response is already larger than the highest values obtained in single-phase
multiferroics.

Several material arrangement have been explored to create strain induced ME cou-
pling in ferroelectric-ferromagnetic composite systems. Among which can be found:

• The inclusion of three-dimentional magnetic particles in a ferroelectric phase where
the electric field induced strain is transmitted at the grain boundary, they are re-
ferred as bulk size particulate multiferroic composites. The early bulk size particle
type of architecture have been replaced by self assembled ferromagnetic (ferroelec-
tric) nanopilars or nanoparticles grown epitaxially in a ferroelectric (ferromagnetic)
matrix, see Fig. 1.10 - Left. These types of structure are usually more adapted
to strain mediated ME coupling because one of the ferroic phases is completely
embedded in the other [52], [53].
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• The multistack of ferroelectric and ferromagnetic layers forming laminate compos-
ites. Strain propagates through the bonds between plates. Early laminates were
replaced by epitaxial multilayers or trilayers where a piezoelectric layer is embedded
in between two magnetostrictive layers. This structure is the horizontal analogous
of the previous type, see Fig. 1.10 - Center. The best laminates nowadays in-
volve strong piezoelectrics like Pb(Zr,Ti)O3, and magnetostrictive materials such
as TbDyFe2 (Trefenol-D) [54], [55] or NiFe2O3 [56].

• The epitaxial growth of ferroelectric-ferromagnetic thin films. In these structures,
the strain is imposed by the lattice mismatch between the cell parameter of each
phase as grown, see Fig. 1.10 - Right. Then the electrostrictive effect will act as
an additive in-plain strain [57], [58].

Figure 1.10: Schematics of the three types of model thin-film architectures. Left the
vertical heterostructure in which nanopillars (or nanodots) of one phase are embedded
epitaxially in a matrix of the other phase. Center horizontal heterostructures in which
a magnetic phase is epitaxially interleaved with a ferroelectric (piezoelectric) phase to
create an engineered magnetoelectric. Right epitaxial films grown on single-crystal sub-
strates. [44]

A good control of the interface quality is a key factor in strain mediated compos-
ites, good epitaxial properties insure that the elastic stress is transmitted through the
interface. Great effort in the last few years made possible a precise control of growth
regimes and properties, and ultrathin film epitaxy with great defect reduction, resulting
in enhanced coupling between the ferromagnetic and ferroelectric phases.

1.2.3.2.1 Vertical epitaxial heterostructure The prototypical structure of ver-
tical heterostructure consists of a magnetic spinel phase epitaxialy embedded into a
ferroelectric matrix, usually self assembled. The stoichiometry of the species during the
deposition is an important factor in the formation and properties of the structure.

In 2007, Wan et al. [59] found that in CoFe2O4-PZT composites, the ME coupling
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strongly depends on the proportion of CoFeO4 in the PZT matrix. The composition of the
system determines the type and shape of island growth and thus their connectivity with
the matrix. The study showed that for smaller contents of CoFe2O4, the particles formed
vertical nanopillars. This configuration produced the largest ME coupling parameter, αE

∼ 390 mV.cm−1.Oe−1 that is one order of magnitude larger than the other composition
and island configuration. Indeed the vertical position of pillars insures less coupling to
the substrate that tends to minimize the in-plane piezoelectric strain of PZT [60], [61].

In years 2004-2009, a series of studies were carried out on magnetostrictive CoFe2O4

embedded in various ferroelectric matrix such as BaTiO3 [62], [63], and notably in [64]
where the epitaxial structure was deposited from a unique target and self assembled
in hexagonal arrays of cobalt ferrite embedded in the ferroelectric matrix, BiFeO3 [65],
PbTiO3 [66], or Pb(Zr,Ti)O3 [67]. The highest ME voltage coefficient found in these
structures, around αE ∼ 1-5 V.cm−1.Oe−1, is not as high as αE ∼ 10-100 V.cm−1.Oe−1

found in laminated composites such as PZT-Trefenol-D [68] or cylindrical Ni-PZT-Ni [69],
however as a consequence of epitaxial growth technique, usually by PLD co-deposition
of both phases, the size of the artificial multiferroic systems is tremendously reduced.

These examples shows how important the pillar ordering and epitaxial condition is to
vertical heterostructures. Yet, such systems do not permit yet to control the magnetiza-
tion switching unless a weak magnetic field is added to lift the time-reversal symmetry.

1.2.3.2.2 Horizontal epitaxial heterostructure Epitaxial 2D growth of thin films
and superstructures presents a great improvement of artificial multiferroics. With the
film engineering improvements in PLD and MBE, the deposition of single-atomic layer
superlattice is at reach. Also, the simpler interface disposition facilitates the comparison
of experimental results with first principle predictions.

Such complex architecture has been demonstrated successfully for the double per-
ovskite La2FeCrO6, which can be considered at the boundary of intrinsic and composite
multiferroic systems. Based on the large variety of perovskites, Beattig and Spaldin
proposed to replace Lanthanum by Bismuth as a possible multiferroic. Indeed, density
functional calculations showed conclusive results for the (111) ordered structure with a
R3c ground state, with a ferroelectric polarization of 80µC.cm−2 and a ferrimagnetic
ordering with average moment of 160 emu.cm−3 (2µB per unit formula) [70]. These pre-
dictions triggered large efforts towards the realization of double perovskite systems and
growth and experimental evidence of such properties are progressing [71], [72], [73]. The
use of ferrimagnets in multiferroic architecture seems promising as they usually exhibit
a net magnetic moment combined with an insulating behavior, this last feature being
necessary for a ferroelectric polarization to exist.

Interesting results have also been reported on single-interface composites. In 2007,
Eerenstein et al. demonstrated a large coupling constant of α = 2.3 10−7 s.m−1 occur-
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ring at a single interface between a 40nm LaSrMnO3 epitaxial thin film and a BaTiO3

substrate. The strain coupling was demonstrated by X-Ray diffraction via ferroelastic
BaTiO3 domains. The coupling value exceeds the report from laminated Pb(Zr,Ti)O3/trefenol-
D around 10−8 s.m−1 [54].

Strain-mediated coupling has shown to be efficient in the control of magnetic anisotropy
through the piezoelectric distortion of the ferroelectric. In 2011, Shirahata et al. report
the modification of the symmetry of the magnetic anisotropy by magneoelastic coupling
at the interface of an epitaxial Fe thin layer on BaTiO3 [74]. The modification occurs
at the orthorhombic-tetragonal structural phase transition of BaTiO3, with a four-fold
symmetry of the normalized mangnetization of Fe and an easy axis along [100] at room
temperature, and a two-fold symmetry and easy axis along [110] at 230K, see Fig. 1.11.

Figure 1.11: Normalized magnetization curves of an Fe/BaTiO3 heterostructure for the
field directions of [100] (black) and [010] (red) of BaTiO3 substrate at (a) room temper-
ature, (b) 230 K, and (c) 150 K. Polar plots of the normalized remanent magnetization
(Mr/Ms) at (d) room temperature, (e) 230 K, and (f) 150 K. [74]

The same year, Buzzi et al. demonstrated a nonvolatile and reversible switching
of the magnetization direction by 90◦ of 50 nm Ni dots deposited on a monocrystal of
PMN-PT by an electric field. The effect was imaged by X-PEEM and the electric field
was applied in-situ [75].

35



Chapter 1. Basic knowledge and literature review on ferroelectrics and multiferroics

1.2.3.3 Charge mediated ME effect

Good epitaxial properties in horizontal heterostructure also give the opportunity to study
more subtle types of coupling mediated by charge or exchange interaction that tend to
happen in the very vicinity of the interface.

In the early 2000s, studies combining ferroelectric or piezoelectric with a carrier-
mediated magnet [76], [77] opened the possibility to artificially engineer multiferroics
where the coupling is mediated by a charge density modulation at the interface via
electric-field effect [44]. More specifically, Tanaka et al. demonstrated the possibil-
ity to switch the double exchange ferromagnetism in manganites at room temperature,
with only a few volts [77]. Similarly, experimental work of Zhao et al. on Co-doped
TiO2/PZT showed the reversible modulation of the magnetic moment and coercive field
of the oxide-based diluted ferromagnet by electric field effect at room temperature [78].
Notable results in the following years include work of Stolichnov et al. in 2008 on P(VDF-
TrFE)/(Ga,Mn)As for better integrability of magneto-electric systems in conventional
semiconductor microelectronics, such as multiferroic FeFET-type of architecture [79].
They showed that on reversal of the ferroelectric polarization of the polymer ferroelec-
tric P(VDF-TrFE) (polymer polyvinylidene fluoride with trifluoroethylene), the Curie
temperature of the diluted magnetic semiconductor (Ga,Mn)As was modulated. The fol-
lowing year, Molegraaf et al. demonstrated the reversible control of the onset of magnetic
order and magnetization amplitude of a ferromagnetic thin film of La0.8Sr0.2MnO3 by
the ferroelectric reversal of a PbZr0.2Ti0.8O3 thin film [80]. More specifically, accumula-
tion/depletion of charges are induced by ferroelectric field effect in the CMR manganite,
resulting in a modulation of TC by 20K and a coupling constant of 0.8 Oe.cm.V−1.

Such composite systems based on electric field effects have better chances to work
when combining a ferroelectric with an ferromagnetic insulator. Indeed, charge den-
sity modulation tends to represent a small fraction of the free carriers and is efficiently
screened in metallic compounds. Nonetheless, reducing the thickness of the films close to
the screening length of the ferromagnetic metal increases the chances to observe a modu-
lation. Shu et al. for instance showed in the Ni/BaTiO3 system that there is a transition
from a strain-dominated ME coupling for 30 nm Ni films to a charge-dominated ME
coupling when the Ni film thickness is reduced to 5nm [81].

The size reduction of the films however presents a technological and physical chal-
lenge. In order to model and study systems using the above type of mechanisms, one
should be able to keep ferroelectric and/or ferromagnetic properties of materials in the
ultrathin film configuration, facing the difficulties of the thermodynamic limit of finite
systems.In 2004, Choi et al. [82] demonstrated that under compressive or tensile strain
of 1.7%, the TC of 200nm-thin films of BaTiO3 was increased to 500◦C. The same year,
Fong et al. [83] showed that in PbTiO3 thin films of just 3 monolayers, ferroelectricity
could be maintained at room temperature with a TC around 500K. And in 2009, Tenne
et al. [84] showed similar results, with a TC of 375K in 2.2% strained BaTiO3 thin films
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of 2.4 nm grown on SrTiO3 substrates. These result greatly improved the study of fer-
roelectric field effect on ferromagnets and interfacial ME coupling mediated by charge,
and allowing a better comparison to theoretical predictions.

Duan et al. [85] performed calculations on a model epitaxial system of Fe/BaTiO3

and demonstrated a ME coupling mediated by electronic effects only. They showed that
the atomic displacement driven by the ferroelectric instability in BaTiO3 influences the
orbital overlap at the interface, resulting in a change of the spin dependent density of
states and magnetic moment of the species at the interface. The magnetoelectric response
is attributed to hybridization of Ti 3d, Fe 3d and O 2p orbital states. A similar effect is
expected at the interface of Fe3O4 and TiO2-terminated BaTiO3 [86]. As a consequence
of proximity, interfacial Ti and O atoms gain a magnetic moment and their magnitude
depends on the polarization direction. They also predicted that interfacial Fe should see
their magnetic properties altered by the nearby orbital hybridization change between the
up and down state of the ferroelectric polarization, see Fig. 1.12.

Figure 1.12: Left Orbital-resolved density of states (DOS) for interfacial atoms in a
Fe/BaTiO3 multilayer (a) Ti 3d; (b) Fe 3d; (c) O 2p. Majority-spin and minority-spin
DOS are shown in upper and lower panels respectively. Red and blue curves correspond
to the DOS of atoms at the top (polarization pointing to) and bottom (polarization
point away) interfaces respectively. Shaded plots are the DOS of atoms in the central
monolayer of Fe (b) or TiO2 (a,c) which can be regarded as bulk. The vertical line
indicates the Fermi energy (EF ). Right Minority-spin charge density (in arbitrary units)
at the Fe/BaTiO3 interface for two opposite polarization direction in BaTiO3. The charge
density is calculated in the energy window from [EF - 1 eV] to EF in the (010) plane.
(a) Net polarization pointing up; (b) net polarization pointing down. [85].

37



Chapter 1. Basic knowledge and literature review on ferroelectrics and multiferroics

In 2011, the magnetic induced moment on Ti as well as the dependence of the inter-
facial spin polarization on ferroelectric polarization direction have been experimentally
measured respectively by XRMS and tunneling electro-magneto-resistance (TEMR) ex-
periments [87]. These results affirm the simultaneous presence of ferromagnetism on Ti
and ferroelectricity at the interface of Fe and BaTiO3, generating a multiferroic interfacial
state at room temperature, see Fig. 1.13.

Figure 1.13: Evidence for room-temperature multiferroicity. a. XRMS versus H for Mn,
Fe, Ti and O for the Fe/BTO sample, b. XRMS versus H for Mn, Co, Ti and O for the
Co/BTO sample, c. Out-of-plane piezoresponse phase loop of a BTO(1.2 nm)/LSMO
sample. The corresponding amplitude and extracted piezoelectric coefficient (d33) data
are shown in the insets [87].

Scanning tunneling electron microscopy images and calculations showed that the
interface was different than predicted by [85], with the first Fe monolayer being oxidized
by the O of BaTiO3. This hybridization did not prove to be a problem in the ME
response. This is experimental result is supported by the calculation of Mertig et al.
who showed that the effect of Fe oxydation at the interface does no weaken the strength
of magnetoelectric coupling [88].

A magnetic moment on Ti cation has also been reported at LaMnO3/SrTiO3 interface
by charge transfer to the empty 3d0 conduction band of Ti [89], with the possibility of
tuning magnetic alignment (ferromagnetic or antiferromagnetic) of Ti and Mn moments
by structural parameters.

Parallel to Duan’s work, Stengel and Spaldin [90] performed DFT calculation on
an SrRuO3/SrTiO3/SrRuO3 heterostructure in the presence of an external bias ∆V =
27.8 mV. They showed that by charge accumulation/depletion at the interface of the
metal/insulator, the dielectric constant ǫr drops dramatically, forming a sub polarized
region identified as a dielectric dead layer. The system stabilizes by forming a depolarizing
field, that penetrates approximately 2 nm inside the SrRuO3 metallic layer, see Fig.1.14-
Left. As SrRuO3 is also ferromagnetic, associated with the net electric polarization at
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the interface, the interfacial layer should exhibit a magnetoelectric signature.

Figure 1.14: Left a, Calculated inverse permittivity profile for the SrTiO3/SrRuO3 ca-
pacitor (blue solid curve) as compared to the classical picture (thick dashed curve) of
a sharp transition between two ideal bulk materials. b, Induced electrostatic potentials
for an external bias ∆V = 27.8 mV. Red dotted curve: potential arising from relaxed
electrons while keeping the atoms frozen in their zero-field centrosymmetric positions.
Blue solid curve: potential arising from a fully relaxed structure within the external bias.
Black dashed curve: difference between the two provides the depolarizing field Ed [90].
Right Calculated magnetization profile under ∆ V= 27.8 mV in the same nanocapacitor,
with ferromagnetic metallic SrRuO3. a, Static response including ionic and electronic
contributions. b, the high-frequency (electronic only) response. [91]

Rondinelli et al. published a follow up of this major result and demonstrate that the
charge-mediated linear magnetoelectric effect universally occurring in all dielectric/spin-
polarized metal interface [91]. It can occur because the space symmetry is intrinsically
broken at the interface of dissimilar materials, even though they are centrosymmetric.
Moreover, if one of the sides can break time-reversal symmetry, for instance a ferromag-
netic material, both space and time symmetry are broken in the same material. These
elements should be sufficient for a linear magnetoelectric coupling to occur.

The model system is the same as previously discussed, but here the attention is
brought on the magnetic response to an external bias at the SrRuO3/SrTiO3 interface.
The electric field across the structure leads to a spin accumulation in SrRuO3 at both in-
terfaces, with the same magnitude and opposite sign, such that the overall magnetization
of the system is 0, see Fig.1.14-Right.
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A review of FeRh properties
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An approach to multiferroic coupling resides in the use of materials with phase tran-
sitions and several degrees of freedom to act on. FeRh, a transition metal alloy, is inter-
esting close to equiatomic compositions because it presents a metamagnetic transition
close to room temperature, AF at low temperature and FM at high temperature, that
can also be driven by pressure and magnetic field. Notably, the transition is accompanied
by an electronic reconstruction yielding high electronic and magnetic entropy creation in
the phase change region. This suggests that both strain and electronic changes through
piezoelectric and ferroelectric field effect can affect the transition.

In this chapter, we thoroughly develop on the fundamental and experimental aspects
of the the magnetic transition in FeRh. We present the properties and origins of the
magnetic transition of binary and ternary alloys near the equiatomic FeRh proportions
in bulk and thin film.
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2.1 Discovery of the system and first reports

In 1937-1939 for the first time, Fallot et al. ([92] and [93]) discovered the peculiar
magnetic properties of the metallic alloy FeRh close to equiatomic proportions. They
observed a large magnetization change as temperature was increased trough a critical
value. X-Ray measurements of the alloy in various compositions showed that FeRh can
be found in three crystalline phases, fcc called γ, disordered bcc called α and chemically
ordered CsCl bcc called α’ or B2. This last configuration is the only one offering the
metamagnetic transition, whereas α is rather FM and γ paramagnetic [93].

In the sixties, about twenty years later, Kouvel et al. [94] (General Electric Research
laboratory), Shirane et al. [95] and De Bergevin et al. [96] realized extensive studies
on the alloy in bulk through magnetic, X-Rays and resistivity measurements. In [97]
and [98], Muldawer and De Bergevin found that the CsCl crystalline ordering of FeRh
is retained in both phases, with a cell parameter a = 2.987 Å in the antiferromagnetic
phase and a = 2.997 Å in the ferromagnetic phase. They also noticed a rapid and
uniform increase of the cell parameter by approximately 1% at the transition. Neutron
diffraction experiments on FeRh powder [96] established that the transition is first order,
from G-type (or type II)AF at low temperature to FM at high temperature.

These data were confirmed by a Mössbauer study of FeRh alloys in the composition
range between 0 and 52 at.% Rh by Shirane et al. [95]. They also reported that at
300K for Rh concentration between 0% and 25%, the alloy is FM and the moment per
alloy atom increases from 2.2µB up to 2.35µB with Rh content and decreases for higher
Rh concentrations, reaching 2.0µB at 50 at. % Rh. Up that point, the moment drops
rapidly as the alloy becomes AF overall. Early phase diagram [95] roughly established
that Rh concentrations larger than 47 at. % Rh and lower than 53 at. % Rh are the
ideal proportions to get a highly ordered α′ phase with no parasitic phase and a sharp
magnetic transition.
In Fig.2.1, we present a phase diagram by Kubaschewski published in 1982 [99].

2.2 Properties of binary and ternary FeRh alloys

The transition is very sensitive to the alloys composition. It is first order and involves a
change in entropy, magnetic order and volume. In this section we show reports on the
effect of dopants on the transition and the roles and relation between the three parameters
temperature, magnetic field and pressure.

2.2.1 First-order transition

The magnetic transition of FeRh involves latent heat (abruptness), presents a hysteretic
behavior and a large creation of entropy, all three characteristics indicating of a first
order transition. Kouvel and Hartelius [94] presented the first temperature dependent
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Figure 2.1: Phase diagram for Fe–Rh compound as given by Kubaschewski. Lines sep-
arating single phase and two-phase regions are indicated with dashed lines. Magnetic
transition temperatures are indicated with a dashed-dotted line [99].

magnetization and resistivity data of the transition from an Fe48Rh52 ingot previously
annealed at 950◦C, see Fig.2.2. X-ray diffraction characterization indicated a homoge-
neous CsCl-type structure (with mild traces of fcc phase) with a cell parameter a0 = 2.99
Å at room temperature.

In that experiment, the first-order transition temperature was found around 350 K
from an almost zero moment before the transition in the AF phase, to a moment of
about 113 emu.g−1 or 1114 emu.cm−3 in the FM phase (considering a mass density of ρ
= 9.858 g.cm−3 calculated from the volume of the sample and cell parameter a0 given
in [94]). At higher temperature, the moment decreases until it disappears at Tc=675◦C
(usual ferromagnetic to paramagnetic second order transition). The transition can also
be seen in the transport data, with an abrupt drop of the resistivity of about 43%
from 350 µω.cm. The hysteresis in temperature is also clearly visible, see Fig. 2.2 - b.
They also measured a volume expansion at the transition of 1%, strong indication that
compressive pressure should delay the transition to higher temperatures. In the same
way, the application of an external magnetic field favors the FM phase and thus lowers
the transition temperature.

In addition, in their Hall measurements on (FeNi)Rh in the FM phase, Kobayashi et
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Figure 2.2: (a) Magnetization (at 5 kOe) and inverse initial susceptibility and (b) elec-
trical resistivity of ordered FeRh for increasing and decreasing temperature (closed and
open symbols, respectively). Figure taken from [94].

al. found the expected extraordinary Hall component in the low magnetic field region.
The data indicated a large contribution to the side-jump scattering n the extraordinary
hall coefficient, typical of the itinerant-electron magnetism of d ferromagnets, further sug-
gesting that both the polarized 3d and 4d bands are at play in the transition mechanism
[100], [101] (see hall measurement section 2.4.3).

2.2.2 Magnetic moments in equiatomic FeRh

The magnetic moment of Fe and Rh in both phases have been measured by neutron
diffraction on FeRh alloys of various composition [102], [103]. For an equiatomic FeRh
compound the magnetic moments of the Fe and Rh atoms in each phase take the following
values:

µFeAF
= 3.3µB µRhAF

= 0µB

and

µFeFM
= 3.14µB µRhFM

= 1.0µB

Mössbauer measurements [95] and theoretical symmetry consideration [104] confirm
that the net exchange field at the Rh sites is zero in the AF phase. In the FM phase, Rh
gains a sizable moment of 1.0µB , attributed to the proximity of FM Fe moments.

First principal calculation values are in good agreement with the experiment even
though calculations are preformed at 0K. In table 2.2.2 are listed a few calculated values
from the literature.
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AF mFe(µB) FM mFe(µB) FM mRh(µB)
Ref. [105] LDA 2.98 3.15 1.02

Ref. [106] (LMTO-ASA)LDA 3.125 3.202 1.016
Ref. [107] GGA 3.18 3.23 1.0
Ref. [108] GGA 2.99 3.11 1.07
Ref. [109] GGA 3.139 3.228 1.016

Table 2.1: Table of calculated values of the moment of Fe and Rh in the AF and FM
phases.

2.2.3 Effect of dopants in close to equiatomic FeRh

Transition metal alloys and their magnetic properties have been widely studied over the
past century. The motivation arose from the rich panel of physical properties generated
by the localized d-band character and hybridized bonds in these materials, usually related
to magnetic phenomena and magnetic phase stability [110].

Along with studies on the peculiar properties of FeNi compounds, alloying FeRh
with various transition metals came naturally [111], [112], [113]. The most interesting
result resides in the great tunability of the transition temperature as Rh is substituted
by various d-elements, both as an analysis criterion for the relative phase stability, and
for potential applications. The magnitude of the temperature shift strongly depends on
the substitute concentration. For high enough doping, the transition is suppressed and
only one magnetic phase remains below TC .

Figure 2.3: Magnetization in 7-kOe field vs temperature for Fe(Rh1−xMx)1.08, designated
as Mx [112].

Notably, substitution of the Rh content by 3% Pd shifts the transition by almost
100 K (i.e. ≃ 1.6% of the total composition). In the contrary, 6% of Pt or Ir increase
the transition by respectively ∼100 K and ∼200 K, see Fig. 2.3 [112].
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In [111], Walter presented the effect of a wider range of elements on the transition.
He reports that the transition temperature, maximum magnetization in the FM phase,
residual FM moment in the AF phase and lattice parameter strongly depend on the
proportion and nature of the substitute. For doping concentrations of about 2% of Co,
Ni, Nb, Mo, Ta and W the transition disappears, leading to a unique FM phase. Addition
of Ru, Os, Ir or Pt increases the transition temperature while Pd, V, Mn and Au decrease
it.

More recent papers showed similar strong dependence of the transition as Fe or Rh
were slightly substituted by other d transition metals. Baranov and Barabanova [114],
followed by Kobayashi et al. [100] confirmed the previous Tcrit shift trends in bulk ternary
alloys with Ni, Pd and Ir, and tried to extract more physical insight on the transition
mechanisms that will be discussed in section 2.3.2. Similar trends are found as well in
ternary alloys of FeRh in thin films, see [115], [116] and [117].

2.2.4 Critical pressure and elastocaloric effect

The 1% volume increase at the transition is a strong indication that the transition can be
influenced by external pressure, and the latent heat at the transition is likely to induce a
temperature change as tensile strain is applied on the alloy due to the early beginning of
the phase change. According to the positive change of entropy ∆S = 17 J.kg−1.K−1 at
the transition going from the lower temperature phase to the higher temperature phase,
the elastocaloric and magnetocaloric (see section 2.2.5.3) effects should both reflect that
change by a drop in temperature, as both strain and magnetic parameters are entangled.

2.2.4.1 P-T diagram

In [118], Wayne presents the results of hydrostatic compressive stress close to equiatomic
FeRh samples up to 25 kbars of both the transition and Curie temperatures. The mea-
surements were performed in a piston cylinder and pressure transmitting fluid. The
sample was placed in a coil and the transition was detected when quick changes of induc-
tance of the coil were recorded as the temperature rises. Indeed, fast changes of induction
indicate the appearance (Tcrit) and disappearance (TC) of ferromagnetism, Fig.2.4-Left.

He also shows that the relation between P and T is linear and states the existence of a
magnetic triple point in the P-T plane, see Fig.2.4-center. Another study by Zakharov et
al. [119] addresses the linear dependence of Tcrit on hydrostatic pressure of an equiatomic
FeRh alloy on the same pressure range and with more definition, Fig.2.4-Right. White
dots show the transition temperature going from AF to FM, and dark dots from FM to
AF. The linear fits are not parallel, suggesting that with increasing pressure, the latent
heat at the transition decreases with increasing hydrostatic pressure.

46



2.2. Properties of binary and ternary FeRh alloys

Figure 2.4: Left Ratio of inductance with sample in coil to air inductance versus tem-
perature for Fe47.2Rh52.8 alloy. Data given for three pressures. center A triple point in
the P -T plane is implied from the data for both binary alloys. The triple points are at
pressures and temperatures of 55 kbar and 634 K, and 56 kbar and 617 K respectively
for the 51.0 and 52.8 % Rh samples [118]. Right Shift of the transition temperature
Tk=Tcrit of FeRh alloy by pressure: ◦ - heating, • - cooling [119].

2.2.4.2 Giant elastocaloric effect

The P-T equivalence presented in the previous section suggests that the energy necessary
to trigger the transition can be brought by different sources. Let’s consider a bcc metal
without phase transition. In an adiabatic tensile stress process, the volume of the material
increases, which brings the system in a configuration with longer bonds and so with more
vibrational entropy because of the appearance of low energy phonon modes [120]. The
overall energy is conserved, so as more energy is needed for the higher entropy state,
thermal energy is taken from the material and the temperature of the solid decreases
slightly.This change in the sample temperature under permanent stress is the elastocaloric
effect and can be observed experimentally under adiabatic conditions.

This effect is expected to be large in FeRh because, added to the normal thermal
expansion contribution, is superimposed the large volume expansion of the material at
the magnetic transition that reflects in the diverging thermal expansion coefficient at
the transition. Importantly, Cooke et al. [121] found that the lattice entropy change
at the transition was negative because of the stiffer lattice in the FM phase (consistent
with the results of Ricodeau et al. [122] based on Young’s modulus measurement).
This contribution taken alone should yield a positive elastocaloric temperature change.
However, the transition involves a dominating positive magnetic entropy contribution
(and a small positive electronic entropy) that overcome the lattice contribution. The
temperature change should then be negative.

We note that the total energy change is not a thermodynamic cycle because of the
irreversible loss of energy through entropy at the transition, that is, the contribution
from the latent heat. Also, we can argue that because of the entangled thermodynamic
parameters acting simultaneously on the transition, the effect of pressure can affect the
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amount of latent heat necessary to drive the transition.

Nikitin, Annaorazov, et al. [123], [124] measured the elastocaloric effect versus tem-
perature through the AF-FM transition on a Fe49Rh51 alloy bar under tensile stress and
under adiabatic condition, see Fig. 2.5.

Figure 2.5: Left Temperature dependences of Fe49Rh51 alloy’s resistivity under tensile
stresses: 0 (1), 0.56 (2), 1.51 (3), 2.38 (4), 3.36 (5), 4.33 (6) and 5.29 (7), 109 Dyn/cm2.
Inserted are the AF-F transition temperatures under various tensile stresses. Right
Temperature dependences of elastocaloric effect on Fe49Rh51 under tensile stresses: 0.56
(1), 1.51 (2), 2.38 (3), 3.36 (4), 4.33 (5) and 5.29 (6), 109 Dyn/cm2 [124].

The elastocaloric effect in FeRh is very large, with a change of -5 K under 5.29
Dyn.cm−2, Fig.2.5-Right. Under this stress value, we note that the temperature at
which the effect peaks is not the transition temperature reported under the same pressure
conditions by resistivity measurements in Fig.2.5-Left, but higher due to the elasocaloric
thermal change ∆T.

2.2.5 Critical field, magnetostriction and magnetocaloric effect

Following a similar reasoning as for external pressure, the transition involves different
magnetic orders, and so, should be sensitive to the application of an external magnetic
field. The field favors the onset of the ferromagnetic order, resulting in a lower critical
temperature. At the transition, less latent heat will be needed to drive the transition, so
a relation of equivalence between H and T should exist.
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2.2.5.1 H-T diagram

In Fig. 2.6, we present an equivalence graphs between the transition magnetic field and
transition temperature (from AF to FM) Hcrit - Tcrit for equiatomic FeRh in the 300K
- 450K range (Left) and for trialloys doped with increasing amounts of Pd (right).

Figure 2.6: Left Thermal dependence of the critical field Hcrit obtained from the mag-
netostriction isotherms for increasing field [125]. Right Temperature dependence of
the critical fields Hc

↑ for (Fe1−xNix)49Rh51 (curve 1, x=0; curve 2, x=0.0125; curve 3,
x=0.0175; curve 4, x=0.025; curve 5, x=0.035), Hc

↓ for x=0.035 (curve 6) and Hc=(Hc
↑

+ Hc
↓)/2 for x=0.035 (curve 7). [114]

The same measurement were performed by Maat et al. [126], where they find that
the relation between the critical field and the critical temperature is linear, similarly to
Ibarra et al. However, data taken for higher magnetic fields by McKinnon et al. [127]
suggest that the relation is not linear, but rather follows the empirical trend given by :

H

H0
= 1− T

T0

2

(2.1)

where H0 = Hcrit(0K) and T0 = Tcrit(0K) are composition dependent parameters
that respectively set the transition field at T=0 K and the transition temperature at
H=0 T (see Fig. 2.6-Right). The same non linear relation was found by Baranov and
Barabanova [114] for trialloys with lower transition temperature (see Fig. 2.6-Left). We
note however that close to 0 K the parabolic trend is no more respected, possibly due to
effects of alloying with the third element.

2.2.5.2 Giant Magnetostriction in FeRh

As shown in the previous paragraph, the close-to-linear relation between the critical
field Hcrit and the critical temperature Tcrit tells that the transition can be triggered by
increasing the magnetic field through Hcrit at a given Tcrit. In such a case, the increase
of the unit cell volume is caused by the magnetic field and is a case of magnetostriction.
In Fig. 2.7, we present results of magnetostriction from Ibarra et al. [125].
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Figure 2.7: Isotherms of the volume magnetostriction ω for FeRh vs applied magnetic
field (the arrows show the direction of the field variation) [125].

We can see that as the temperature is increased in the transition region, the transition
necessitates less magnetic energy, so the cycles shift to lower fields and the amplitude of
the volume magnetostriction decreases.

2.2.5.3 Giant Magnetocaloric effect

Following the explanation given above in section 2.2.4.2, there is a magnetocaloric effect
in FeRh induced by the entropy change at the transition. The magnetocaloric effect is
experimentally observed under an increasing external magnetic field in adiabatic con-
ditions. Again, the temperature change is negative due to the increase of entropy at
the transition. Similarly to the discussion of the elastocaloric effect, we can argue that
the magnetic contribution to the entropy alone would have induced effect twice as large.
However, the negative lattice entropy acts against the two other forms of entropy. The
field and temperature dependences of the magnetocaloric effect are presented in Fig. 2.8,
Left and Right respectively.

We note that the maximal ∆T obtained by the application of the magnetic field in
both figures is about -8 K. This variation is larger than the -5 K reported for the elas-
tocaloric effect, see Fig. 2.5. These caloric effects both come from the total entropy
change at the transition and should then yield similar values. Nikitin et al. [123] cal-
culated a theoretical value (∆T)S = -8.7 K for the elastocaloric effect that matches the
values of the magnetocaloric effect. We also notice on Fig. 2.8 - Left, at temperature
larger than 310 K, the magnitude of ∆T decreases. The smaller experimental value of the
elastocaloric effect could be accounted for a transition that would not be fully induced
by strain.
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Figure 2.8: Left Magnetic field dependence of magnetocaloric effect on Fe49Rh51 alloy
at various temperatures [128]. Right Temperature dependences of magnetocaloric effect
on Fe49Rh51 alloy under magnetic fields: 3 (1), 5 (2), 7 (3), 9 (4), 11 (5), 13 (6), 15 (7),
17 (8), 19 (9), 21 (10), 23 (11) and 25 (12) kOe .

2.3 Description of the transition in FeRh: ∆S larger than
expected

Various models of the transition have been proposed over the years, but none succeeded
to account for all the characteristics of the transition.

In 1960, Kittel proposed the exchange-inversion model, a thermodynamic theory to
describe AF to FM first order transitions driven by temperature, present in certain
classes of magnetic crystals [129]. The model intended to and did well at describing the
transition in Mn2−xCrxSb and more generally, in materials having the nickel arsenide
type structure.

The general assertion is that thermal expansion conducts to an inversion of the ex-
change interaction when a critical lattice parameter value ac is reached. It has been
applied to FeRh because the apparent phenomenology of the transition and the charac-
teristic magneto-volumic effects were conceptually similar in materials well described by
the model. Indeed, the theory successfully addressed the transition temperature depen-
dence over the composition, external pressure and magnetic field. It however failed to
correctly predict the total change of entropy at the transition and the elastic properties
of FeRh ([127] and [124]).

2.3.1 Large entropy jump at Tcrit

In 1966, Kouvel measured the variation of ∆S, the entropy jump at the transition, as a
function of the transition temperature Tcrit in ternary alloys with various compositions
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[112]. Indeed, depending on the element and its proportion x in the trialloy formula
Fe(Rh1−xMx)1.08, several Tcrit could be obtained and the assumption was made that ∆S
only depends on temperature. The ∆S(Tcrit) curve is presented in Fig.2.9 (see Fig.2.3
for the temperature dependence of the magnetization of the samples used to derive the
entropy curve).

Figure 2.9: Total entropy change ∆S, lattice entropy change ∆Slatt, and their difference,
vs mean critical temperature [112].

The total entropy change was determined by the thermodynamic relationship:

∂Tcrit

∂H
n = −σF − σAF

SF − SAF
= −∆σ

∆S
(2.2)

With ∆S the total entropy change, Tcrit the transition temperature, H the external
magnetic field, ∆σ the magnetization change at the transition. He reports a positive
entropy jump ∆S = 14.0 mJ.deg−1.g−1.

According to Kittel’s exchange inversion model, the entropy at the transition arises
mainly from the lattice. We can calculate this contribution to the entropy with the
following expression [112], [127]:

(∆S)lat =
3α

κD

dV

V
(2.3)

With α the average thermal expansion coefficient, κ the compressibility, D the density
and dV

V the volume dilatation at the transition. The calculation states that the lattice
entropy is accountable for 4.5 mJ.deg−1.g−1, that is, almost one order of magnitude
smaller than the total entropy change. This results discards the explanation of a simple
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inversion of the exchange by magneto-volume effects, and suggest that the underlying
cause involves more complex mechanisms able to produce large amounts of entropy. This
observation was later confirmed by other studies ([118], [127], [122], [123], [124], [121]).

The nature and phenomenology of the transition leads to consider entropy sourcing
from electronic and magnetic origins. Both can be justified, as discussed by Shirane
et al. from extensive Mössbauer measurements [95], the band character at the Rh site
is somehow forced to a stronger d character than at the Fe sites and might not be
similar in each phase. Also, Tu et al. [130] observed a sizable increase of the low
specific heat coefficient in the FM phase. As for magnetic entropy, the transition involves
the appearance of a non-zero magnetic moment on Rh at the transition that should
account for a large magnetic entropy that Ricodeau and Melville evaluate around ∆Sm

≃ Nkln(2S+1) ≃ 36 J.kg−1.K−1 (coming from the difference of the 2N versus N degrees
of freedom of the spin waves in respectively the FM phase for both Rh and Fe and the
AF phase only for Fe, considering that there is no moment on Rh in the AF phase) [122].

Also, according to the magnitude of the difference between the total entropy and the
lattice entropy in Fig. 2.9 and the fact that this difference grows and peaks close to the
critical temperature of the alloys, Kouvel suggested that there might be a large magnetic
entropy contribution coming from the appearance of a magnetic moment on Rh atoms
and thus magnetic fluctuations in the transition process.

2.3.2 Electronic entropy

In 1969, Tu et al. [130] pointed out from Kouvel’s data in Fig. 2.9 that the total entropy
variation ∆S varies almost linearly with Tcrit, especially in the lower temperature range,
see Fig.2.9. This observation supports the idea that the entropy of the conduction-
electron system, written:

S(T ) =

∫ T

0

C(T ′)

T ′
dT ′ = γT (2.4)

(γ the coefficient of the linear term in specific heat) dominates in the total entropy
deviation. It follows that the electronic entropy difference takes the following form:

∆S = (γF − γA)Tcrit (2.5)

If one considers that the transition arises mainly from electronic origin, a large dif-
ference between γF and γAF should be observable because the specific heat coefficient
is proportional to the electronic density of state. Kobayashi et al. proposed to use the
following expression to link the Sommerfeld coefficient γ with the variation of the Fermi
surface SF and Fermi velocity vs [100]:
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γ =
π2k2B
3

1

8π3h̄

∑

s

dSF

|vs|
(2.6)

2.3.2.1 Low-temperature γAF and γFM

Low temperature specific heat measurements on various close-to-equiatomic FeRh binary
and ternary alloys (FeαRhα−x-Mx) showed that samples with a FM ground state (excess
of Fe or addition of dopants like Pd, V, Mn or Au, see section 2.2.3) had a lower elec-
tronic specific heat coefficient γ, also referred as the Sommerfeld coefficient, see Fig.2.10.
The electronic entropy difference for the reference Fe49Rh51 sample gives ∆S = 13.6
J.kg−1.K−1, in good agreement with the total entropy difference ∆S = 14.0 J.kg−1.K−1.
measured by Kouvel [112].

Figure 2.10: Left Low-temperature specific-heat data for Fe(Rh, Pd) alloys plotted as C
T

vs T 2. Intercepts with C
T axis give values for γ (electronic-heat coefficient) [130]. Right

a Measurements of Tu et al. [130], b Measurements of Fogarassy et al. [113]

The variance of γFM for FM alloys is small, in opposite to γAF that seems very
sensitive to the impurity concentration. More generally, all alloys with a FM ground state
present large similar Sommerfeld coefficient,γ ≃ 60 µJ.g−1.K−2. This value is consistent
with the density of states on a large d-band peak. In opposite, alloys with an AF
ground state have fairly small Sommerfeld coefficient, like that of Cu (≃ 11µJ.g−1.K−2),
and are very sensitive to dopant concentrations. The small value of the Sommerfeld
coefficient indicates a very reduced d-band density of states at the Fermi level [130],
[131]. The hypothesis of superzone gap formation, inducing a smaller Fermi surface in
the AF phase, could explain the decrease of γAF and the carrier number, as can be seen
in Eq 2.6. Further discussion on that argument can be found in section 2.4.3.2.
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We note that at the Fermi level of Cu states mostly from the broad s band are present
as the d-band lies lower in energy. Whereas for FeRh this low value of the Sommerfeld
coefficient in the AF phase rather indicates that the Fermi level sits in the pronounced
well of the density of states of FeRh, typical of bcc transition metal compounds, see Fig.
??. The strong sensitivity to Pd concentration also suggests that the Fermi surface is
close to a d-band gap that tends to close or shift as Pd is added [130].

In 1982, Koenig was the first to provide a calculated band structure of FeRh in
the local density approximation (LDA) in both the ferromagnetic and antiferromagnetic
states [132]. The difference he found between the electronic density of states at the Fermi
level of each phase is quite large, about 51 states.Ry−1, with nAF

ǫF =13.92 states.Ry−1

and nFM
ǫF =64.73 states.Ry−1 see Fig.2.11. This observation is consistent with the small

value of the Sommerfeld coefficient for AF equiatomic FeRh and supports the idea of
a large electronic entropy. Recent calculations performed in the generalized gradient
approximation (GGA) generally provide a smaller difference, around 10 states.Ry−1,
with nAF

ǫF
∼ 13 states.Ry−1 and nFM

ǫF
=30 states.Ry−1 [107], [108].

Figure 2.11: Total density of states per FeRh for both spin directions of Left ferromag-
netic FeRh, Right antiferromagnetic FeRh

It is possible to estimate the electronic entropy of the calculated system from the
density of states at the Fermi level. The electronic specific heat coefficient directly
depends on the DOS at ǫF :

γ =
1

3
π2kB

2n(ǫF ) (2.7)
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And from Eq. 2.5 comes ∆S=17.23 J.kg−1.K−1. This result is in good agreement
with previously reported values from Kouvel [112] ∆S=14 J.kg−1.K−1 or McKinnon [127]
∆S=18 J.kg−1.K−1.

Recently, Gray et al. obtained an experimental measurement of the valence band
of FeRh in both the AF and FM phase [133]. The data was obtained by hard X-Ray
photoemission measurements (HAXPES) on an Fe49Rh51 200nm thin film, see Fig. 2.12.
These results allow to compare the valence band modifications and density of states at
the Fermi level in both phase below and above the critical temperature with a calculated
band structure.

Figure 2.12: (a) Experimental valence-band HAXPES spectra collected with a photon
energy of 5.95 keV for both AF and FM phases at sample temperatures of 300 K and
360 K, respectively. (b) Cross-section weighted total densities of states for both AF
and FM phases, calculated in the framework of density-functional theory and broadened
by convolution with Gaussian and Lorentzian functions in order to account for both
experimental and hole lifetime broadening. FM-FM differences are also shown for both
theory and experiment, with the experimental curve being multiplied by 4 so as to exhibit
roughly the same visual excursions [133].

In Fig. 2.12 we remark that major changes occur on the whole valence band, indicative
of a strong electronic rearrangement at the transition. There is also a difference of density
of state at the Fermi level referred as 1 for the experimental data (1’ for the calculated
data) but not as large as the difference calculated by Koenig [132]. The density of states
in the experiment however are dominated by the Rh 4d states due to cross section effects.
It means that the differences in the Fe 3d states are strongly underestimated and could be
responsible for the major changes at the Fermi level, not brought out by the experimental
data.

We note that the very good agreement between the experimental and calculated
density of states presented in [133] confirms that the system is well described by first
principles calculation in the generalized gradient approximation. This tends to confirm
that the electronic entropy obtained by Koenig from the large difference in density of
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states at the Fermi level between both phases is quite overestimated. Calculation with
the more recent values mentioned in the previous paragraph tend to yield smaller val-
ues of electronic entropy, rather around 7-8 J.kg−1.K−1. This corresponds well to the
experimental value ∆Sel = 8 ± 1 J.kg−1.K−1 recently reported by Cooke et al. [121].

2.3.2.2 Anomalous behavior of low-temperature γAF in FeRh-Ir

As Pd tends to favor a FM ground state by decreasing the transition temperature, it is
natural to think that the Sommerfeld coefficient in the AF phase γAF should converge
towards the values of γFM as the Pd content increases. Following this logic, alloys doped
to have a higher transition temperature (addition of Pt or Ir), should have a Sommerfeld
coefficient in the AF phase lower than the reference equiatomic FeRh AF alloy, see
Fe49Rh51 in Fig.2.10.

However, Ivarsson et al. [131] and Fogarassy et al. [113] reported that far from
lowering γAF , the substitution of 5% Ir increased its value by one order of magnitude
(see Table in Fig. 2.10). These large γAF values cannot be attributed to the electronic
heat capacity alone. It suggests that the specific heat of Ir-doped FeRh contains a mag-
netic contribution also linear with temperature. Specific heat measurements in 20 kOe
magnetic field showed a 15% increase of Ir-doped specific heat, whereas no change has
been recorded for a FM Fe52Rh48 sample. This indicates the high sensitivity of the den-
sity of states to doping. The extra magnetic contribution can be attributed to thermal
excitation of the magnetic moments in fluctuating exchange fields.

2.3.2.3 Inadequacy of electronic entropy

Based on the observations of Tu et al. [130], Annaorazov et al. proposed a modification to
the exchange inversion model, where ρ, the derivative of the molecular field constant, is no
more constant, but temperature-dependent, allowing to take into account the electronic
part of the entropy in the model [124]. For reference, Kittel proposed to write the
interlattice exchange energy of a sample volume V as -ρ(a-ac)MA.MBV , with a the lattice
parameter, ac the lattice parameter at the transition, ρ = ∂J

∂a with J the molecular field
constant connecting the sublattice magnetizations MA and MB . This then modification
allows to take into account the elastocaloric and magnetocaloric effects, which reconciles
the theoretical predictions with experimental values and suggests that one should consider
the change in electronic structure at the critical cell parameter value instead of the
reversal of the magnetization. The model predicts a major electronic entropy jump at
the transition, thus neglecting a potential magnetic part to the entropy.

Despite the consistent prediction from the model from Annaorazov et al. [124] of the
free energy, total entropy, and Sommerfeld coefficient changes at the transition, more ex-
perimental [121] and theoretical [107], [108], [134] reports strongly support the existence
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of a magnetic instability and magnetic fluctuations at the Rh site and underlined their
key role in the transition process.

Moreover, in the discussion of Fig.2.11, we commented on the overestimation of the
electronic entropy from Koenig first principle calculation. Indeed, the accordance between
the experimental valence band structure from Gray et al. [133] and their calculations
indicates that the use of recent GGA exchange-correlation potentials in 2012 provides a
more accurate description of the system than in 1982. With such parametrization, the
difference of the calculated density of states at the Fermi level between the AF phase
and the FM phase is no more sufficient to account for the total entropy jump at the
transition.

2.3.3 Magnetic entropy and magnetic fluctuations

As stated earlier, the large entropy created at the transition demands another source of
disorder, on top of the lattice and electronic parts that alone are not enough to justify the
total change. Another source of disorder lies in the thermally induced spin fluctuations
and the change of the induced moment on Rh atoms as they transit from 0 to 0.9µB .

2.3.3.1 Importance of the Rh site

In the 60’s Shirane et al. [95] and [102] studied by Mössbauer spectroscopy the role of the
Fe and Rh magnetic sites in α’-FeRh by looking at the difference in magnetic moment
between Fe placed on Fe sites, referred as FeI , and Fe placed on Rh sites, referred as FeII .
The study was carried out for several alloy compositions to observe the evolution of the
magnetic moment present on FeII sites in Fe-rich alloys always ferromagnetic, down to
equiatomic alloys that possess the AF phase at low temperature. It was reported that
close to equiatomic compositions, FeII (at the Rh sites) carry a weaker moment than FeI
and that the moment of Rh atoms on Rh sites is 0, in the AF phase. This is in accordance
with theoretical consideration [104] stating that the net exchange field at the Rh sites in
the AF phase is zero. The isomer shift, informing on the the electronic configuration of
the atom [135], remained constant for FeI sites. It indicates no change on the electronic
configuration and suggest that the alloying does not affect their properties. By contrast,
the progressive increase of isomer shift recorded for FeII sites indicate an increased 3d
or reduced 4s character.

Later, Ricodeau and Melville [122] developed a model based on the assumption that
there is a non-zero moment with spin order on the Rh atoms in the antiferromagnetic
phase, ordered as a G-type antiferromagnetic. This assumption contradicts the present
experimental claim and was later discarded by new neutron diffraction and XMCD mea-
surements and ab-initio calculations [132], [105], [136], [107], [108], and other work.
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2.3.3.2 AF magnetic configurations close in energy

DFT results at 0K indicate the type II AF configuration as most stable and predict a
FM stable state about 2 mRy above in total energy [137], [107]. This energy difference
easily suggests that the FM phase can be stabilized by thermally driven fluctuating types
of mechanisms able to produce large amounts of entropy. Calculation also demonstrated
that the energy of the type I AF configuration sits between the type II AF and FM
phases. The presence of several stable magnetic configuration in between the initial and
final states can lead to a large susceptibility to fluctuations [105].

The energy difference of 2 mRy is however quite large and would demand a very
large amount of entropy to stabilize the FM phase. Addressing this problem, Gu and
Antropov [138] showed that using nonlocal DFT it was possible to reduce by one order of
magnitude the energy difference. And that the spin-wave excitations, calculated in the
framework of a classical Heisenberg model, produced a ∆S comparable with experimental
values, approximately 0.2 mRy.

2.3.3.3 Spin fluctuations

All recent theories and DFT calculations [107], [138], [108], [134] focus on the central
role of magnetic fluctuations of the Rh moment in the stabilization of the FM phase.

Gruner et al. considered both Fe and Rh moments as Ising-type one-dimensional
spins, and concluded that the low temperature specific heat difference should not survive
at high temperature, and rather propose a mechanism based on the existence of two mag-
netic states of Rh associated with the FM Fe-Rh and the AF Fe-Fe exchange interactions
at the origin of the transition [107]. With increasing temperature, the Gibbs free energy
of the FM phase is lowered by the two-magnetic state system (fitted by a Schottky-like
anomaly around 200K), finally matching the Gibbs free energy of the AF phase at the
transition temperature.

Ju et al. [139] showed that ultrafast femtosecond laser pulses could drive FeRh thin
films from AF to FM. They also concluded, from the experiments and supported by
calculation, that the transition was accompanied by a lattice expansion, but not driven
by it. They rather attribute the mechanism to a strong ferromagnetic exchange due
to Fe spin fluctuations and mediated by the Rh atom. It is then suggested that the
system can be understood as a conjunction of localized magnetic moments on Fe sites
that can be described by a Heisenberg model, and delocalized moments on the Rh sites
with interactions described by a Stoner model. This approach is different from the
model proposed by Gruner et al. [107], where all moments are considered localized.
Other laser-induced phase transformation studies [140], [141], [142], [143] all report on
the magnetization time scale of a few hundreds of picoseconds associated to FM domain
nucleation in a AF matrix, followed by a slower expansion of the phase.

59



Chapter 2. A review of FeRh properties

Sandratskii et al. [108], in the contrary, showed that the Rh electron states in the AF
state are not similar to an hypothetical non-magnetic FeRh with no spin polarization, but
rather hybridize with both Fe spin sublattices, with spin up sates and spin down states,
see Fig. 2.13 - Right. The average moment on Rh is then 0 but the total projected DOS
on Rh in the AF and FM phases are similar, see Fig. 2.13 - Left. It means that the
transformation of the moment on Rh cannot be described within the Stoner picture.

Figure 2.13: Left: The partial Rh DOS for ferromagnetic (FM), antiferromagnetic (AF)
and nonmagnetic (NM) FeRh. In all cases the DOS presents the sum of the DOS corre-
sponding to both spin components. Right: Spin density of the Rh atom in the AF phase
of FeRh. The spin density is shown on a cut along the (110) atomic plane of area 0.4
× 0.4 a.u.2 around the Rh nucleus. Contour plot of the spin density in the same region
demonstrating the symmetry of the positive and negative peaks.

They also demonstrated that the Fe-Fe exchange interaction is strongly volume de-
pendent whereas the Fe-Rh exchange interaction is less sensitive to volume variations.
So in their picture, the AF Fe-Fe interaction lowers the energy of the AF phase, which
loses stability for increasing volume of the unit cell, until the Fe-Rh interaction takes over
and the FM phase becomes more stable. The magnetic fluctuations on Rh are explained
by stressing the important role of the Eliott-Yafet angular momentum transfer between
electron and lattice.

An experimental observation from Mariager et al. [144] using XRD and MOKE of
time resolved laser induced transition shows accordingly that the structural and domain
nucleation dynamics happens at the same time scale, but are twice as fast as the mag-
netic realignment. They concluded that instead of one mechanism driving the other,
the magnetic and structural rearrangement are interdependent, which corroborates the
scenario proposed by Sandratskii et al. [108].
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Derlet recently (2012) proposed a Landau-Heisenberg Hamiltonian model in which
the addition of a Landau term allows the moment magnitude of Fe and Rh to vary [134].
In contrary to the models presented earlier, this allows to consider both longitudinal
and transverse moment fluctuations. It is found that due to transverse fluctuations, an
indirect-like exchange interaction is needed between Fe-Fe nearest neighbors to stabilize
the FM phase. Via Monte-Carlo simulations, the model was able to predict satisfying
values of the transition and Curie temperatures, thermal expansion coefficient, entropy
change at the transition. Simulations at various unit cell volumes also permitted to
stress out the important role of local volume fluctuations, and the equivalent role of
volume-per-atom and magnetic degrees of freedom in driving the transition.

2.3.3.4 Measurement of the magnetic entropy

In 2012, Cooke et al. published a study that satisfies the common request of Fogarassy et
al. in 1972 [113] and Gruner et al. in 2003 [107], who asked for experimental heat capacity
measurement on the full temperature range, from low temperature, up past the transition,
for both the AF and FM phase. Moreover, this paper tries to corroborate through
thermodynamics recent experimental and theoretical studies presented in this section,
that attempted to microscopically explain the transition through magnetic instability
and electron-lattice magnetic interactions.

Two thin films of 200 nm of close composition were compared, one at Fe49Rh51, the
other with just enough excess Fe to impose a FM ground state Fe52Rh48 to the sample.
This sample was used as a proxy of how the specific heat and other thermodynamic
properties should behave at low temperature in the FM phase. That method allows
to independently witness the behavior of each phase in temperature and compare their
respective evolution.

Specific heat evolution with temperature in the 0K - 400K range for both samples
are presented in Fig. 2.14 - Left. Consistently to previous work presented earlier, the
specific heat of the alloys can be separated into three contributions, lattice, electronic
and magnetic. The low temperature part is necessary to obtain two of the three entropy
contributions, electronic through the difference of the Sommerfeld coefficients γ, and
lattice is derived from the slope with C

T = γ + β T2, see inset of Fig. 2.14 - left.
Finally, the magnetic contribution is obtained by subtraction of the electronic and lattice
contributions from the total specific heat. (In the paper can also be found experimental
values of the Debye temperatures, latent heat at the transition, Youngs modulus, Poisson
ratio, Bulk modulus, and other mechanical constants).

The mid-temperature range shows a difference in the specific heats associated with
each phase, the specific heat of the FM sample being larger. From Fig. 2.14 - Right,
we can see that this difference, in black, mainly arises from the magnetic contribution of
the specific heat, visible in the inset.

Gruner et al. predicted the existence of an excess in the heat capacity of the FM
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Figure 2.14: Left - Specific heat data for Fe52Rh48 (filled black squares) and Fe49Rh51

(open red circles) overlaid with data on Fe49Rh51 from the literature from 100 to 500
K (gray line) [145]. The inset shows the data for the two FeRh alloys as a function of
C/T vs T2. The solid black line through the black squares in the inset is a fit to the
Fe52Rh48 (FM) data with γ = 8.3 ± 0.5 mJ.mol−1.K−2 and ΘD 393 ± 20 K. The solid
red line through the red open circles in the inset is a fit to the Fe49Rh51 (AF) data
with γ = 3.5 ± 0.4 mJ.mol−1.K−2 and ΘD 340 ± 13 K. Right - Difference in magnetic
specific heat data between Fe52Rh48 and Fe49Rh51. The data is fit to a Schottky two-state
anomaly, resulting in an energy splitting of 16 ± 1 meV (solid red line). The excess heat
capacity predicted by the magnon fluctuation model of Gu and Antropov [138] is shown
for reference (green dashed-dotted line). (inset) Specific heat as a function of temperature
for AF and FM states after subtraction of electronic and lattice contributions. [121]

phase compared to the AF phase that should peak around 200K [107]. And proposed
to explain this effect by a Schottfy-like anomaly, found in systems where two levels close
in energy are present. In FM FeRh, the two levels are attributed to a non magnetic Rh
state and a polarized Rh state by the nearby Fe moments. In Cooke’s data [121], the
difference peaks around 100K but qualitatively agrees with the suggestion of Gruner. A
fit with a two-state Schottky anomaly, with an energy splitting of 16 meV is reported in
red on Fig. 2.14 - Right.

The integration of ∆C(T)/T gives a value of the total entropy jump ∆S = 17 ±
3 J.kg−1.K−1 consistent with previous values calculated with the Clausius-Clapeyron
relationship (see section 2.3.1). Each contribution to the entropy were also calculated.
Similarly to [122], a negative lattice entropy is reported, ∆Slatt = -33 ± 9 J.kg−1.K−1, due
to a stiffer lattice in the FM phase. The electronic entropy is ∆Sel = 8 ± 1 J.kg−1.K−1,
in agreement with calculated values, see 2.3.2.1. The magnetic entropy is quite large,
about 43 ± 9 J.kg−1.K−1 and exceeds the value calculated by Ricodeau et al. [122].
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From these observations, the authors suggest that the excess specific heat (i.e. excess
of entropy) should reduce the Gibbs free energy of the FM phase, bringing the AF and
FM closer in energy as T increases through 100K. In opposite to this effect, the negative
lattice entropy stabilizes the AF phase as t increases, but at a sufficient rate. Hence,
the transition from AF to FM is finally driven at a higher temperature due to the two
contradictory effects.

2.4 Transport measurement in FeRh

As said in the previous section, the electronic and magnetic entropy provide sizable
positive contributions to the total entropy change and surely illustrate the signature of
entangled microscopic mechanisms leading to the magnetic phase transformation.

If we go back to section 2.2.1, we show that the transition is accompanied by a large
resistivity drop of about 30% when going from the AF to the FM phase. The change of
resistivity at the transition separates two metallic regions of high and low resistivity. The
origin of that change has been the object of a few studies, collecting magnetoresistance
(MR) data, Hall measurements and thermoelectric power to obtain a clearer picture.

In 1992, Moruzzi and Marcus [105] proposed that the resistivity change at the tran-
sition comes from the alternating monoatomic planes of Fe and Rh and the layered spin
structure in AF FeRh as an analogy to the GMR effect in magnetic multilayer systems.

Another theory was brought by Baranov and Barabanova [114] and Kobayashi et al.
[100] that rather explains the resistivity change by a sizable modification of the Fermi
velocity and the density of states at the Fermi level as the phase transition occurs. And
these effects would originate from a change of the Fermi surface as the magnetic unit cell
doubles in the AF phase.

The GMR explanation was found to be too shallow to explain the large change (2x)
in electron contribution to the specific heat from the AF to FM and the change in sign
of the thermoelectric power indicate a significant modification of the Fermi surface. This
assumption is in accordance with the large change of free carrier density and carrier type
in each phase, see section 2.4.3.2.

2.4.1 Resistivity drop

In Fig.2.2 - Right, we can see that the resistivity ρ behaves linearly with temperature
in the 100-300K and 400K-650K ranges. This feature is attributed to electron-phonon
scattering, a usual feature of metals in this temperature regime. The low temperature
region can be fitted with a function of the form ρ = ρ0 + aT3. Sharma et al. [146] noted
that the addition of T2 and T5 terms, signature of s-d scattering, electron-AF magnon
scattering or conventional elecron-phonon scattering, in the expression, did not improve
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the fit. They further observed that this is similar to reports on Cr and CrMn alloys
where the T3 dependence was attributed to the spin-flip scattering process of conduction
electrons by anti-ferromagnetic spin wave [147].

In the transition region, the resistivity drops from a high value around 350 µω.cm to
a low value of about 200 µω.cm. According to the Boltzmann equation applied to the
semi classical theory of electrical conduction, the resistivity is inversely proportional to
the Fermi velocity of the conduction electrons vs, itself proportional to the gradient of the
energy dispersion. Kobayashi et al. proposed that the Fermi velocity could be smaller
in the AF phase due to the crossing of band branches with a smaller energy dispersion
gradient [100].

2.4.2 Magnetoresistance

The magnetic field and temperature dependence of the MR, calculated as ρ(H)−ρ(0)
ρ(0) are

respectively shown in Fig. 2.15 - Left and Right for a 100nm Fe49Rh51 thin film.

Figure 2.15: Left - Magnetic field dependence of the magnetoresistance at T = 5 K (a)
and 440 K (b). In (a) the data were taken with the injection current in the film plane and
the magnetic field either in plane (parallel to the current), or perpendicular to the plane
(perpendicular to the current). Right - Temperature dependence of (a) the resistivity
and (b) the magnetoresistance, in various applied magnetic fields (0, 15, 30, 60, 70, and
90 kOe) in the vicinity of the AF to FM transition. All data were taken on warming
from the antiferromagnetic state at a sweep rate of 2.5 K.min−1. Magnetic field applied
in-plane. [146]

In the low temperature regime, the MR is quadratic and we note an anisotropic effect
between the in-plane and out of plan configurations, Fig. 2.15 - Left a, consistent with
the ordinary behavior in metals [148]. In the high temperature regime, Fig. 2.15 - Left
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b, the MR is negative due to the decrease of the electron-magnon contribution to the
resistivity in ferromagnetic metals [149], [150].

The temperature dependence of the MR indicates a maximum MR ratio of 42% in
the transition region, under 90kOe, see Fig. 2.15 - Left a. This value is close to the
report of Van Driel et al. for the same film thickness [99]. They find a maximum MR
ratio around 58% that compared also well with bulk values of 90%, the difference being
attributed to the smaller grain size in thin films and larger volume of the transitionless
grain boundaries. This suggests that the MR effect is due to spin-dependent mechanisms
such as electron-phonon and electron-magnon scattering, as expressed above. Also, the
MR ratio is however found to be proportional to the ratio of the magnetization change
to the saturation magnetization in the FM phase [99].

2.4.3 Hall measurements and free carriers

Papers in the 90s showed similar strong dependence of the transition and alloy’s phases
properties as Fe or Rh were slightly substituted by other d transition metals. In [114],
we can see that the electric resistivity reflects the magnetic changes due to doping. They
also show that the AF-FM transition is accompanied by a giant magnetoresistance effect
and large change in the electronic specific heat coefficient, γAF = 35 mJ.kg−1.K−2 to
γFM = 79 mJ.kg−1.K−2. This change reflects a modification of the electronic density
of states at the Fermi level. These transport effects as well as the appearance of a long
range magnetic order not especially correlated to the lattice periodicity might indicate
the appearance and disappearance of superzones and superzone boundary gaps [100].

2.4.3.1 Hall resistivity in (FeNi)Rh and FeRh

Kobayashi et al. [100] first presented Hall effect measurements on (FeNi)Rh, the sub-
stitution of Fe by small amounts of Ni reduces the transition temperature which makes
the experiment easier to perform. They provided a standard analysis of the Hall effect
in both the AF and FM temperature regimes.

In Fig. 2.16, we present magnetic field dependence of the Hall resistivity ρH , the
electrical resistivity ρ and the magnetization at low and high temperature. The Hall
signal can be separated into two components, R0 the normal Hall coefficient, and Rs,
the extraordinary or anomalous Hall coefficient. We note that R0 in the FM phase does
not change much with temperature, as seen in Fig. 2.16 - Left a and Right a (same
scale) in the high H region. However, a clear signature of the extraordinary Hall effect
can be seen in the low field region, see Fig. 2.16 - Left a, where an abrupt increase of
the Hall resistivity follows the increase of the magnetization with increasing magnetic
field, see Fig. 2.16 - Left c. Fig. 2.16-right b and c show the resistivity drop and
magnetization increase at the transition inducd by the magnetic field. The hysteretci
behavior is clearly observed in both panels. The left-right asymmetric scattering at the
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origin of the extrinsic anomalous Hall effect in ordinary ferromagnets takes origin form
the skew scattering, proportional to ρ and from the side jump scattering, proportional
to ρ2 [151]. It is thus possible to express the extraordinary Hall coefficient as:

Rs = aρ + bρ2 (2.8)

The above expression was successfully applied to (FeNi)Rh in the FM phase by
Kobayashi et al. The parameters are deduced from the fit, providing a = 3.2 ± 0.5
10−3 T−1 and b = 1 ± 0.5 10−4 µΩ.cm−1.T−1, values similar to those observed for
typical transition ferromagnatic metals such as Fe and Co [152].

Figure 2.16: Left - The field dependence of (a) the Hall resistivity ρH , (b) the electrical
resistivity ρ and (c) the magnetization M of Fe(3.5% Ni)Rh at 200 K. Right - The field
dependence of (a) ρH , (b) ρ and (c) M at 5 K. [100]
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Similarly, De Vries et al. found that on highly ordered FeRh thin films the ordinary
Hall coefficient in the FM phase is positive, whereas it is negative in the AF phase. The
Hall coefficient is found to drop by almost one order of magnitude, from RH ∼ 10−3 to
10−4 cm3.C−1, at the transition [153].

The complex behavior of the Hall resistivity observed by Kobayashi et al. in the low
temperature region is however not seen in their field dependence of the Hall resistivity.
This is likely due to the fact that in [100] the 9T field at 5 K was sufficient to drive the
transition due to the low transition temperature around 150K, whereas in [153] the 8T
could not overcome the difference of 250K between the measuring temperature of 100K
and the transition temperature around 380K (see H-T equivalence in section 2.2.5).

For that reason also, Kobayashi was not able to separate the extraordinary and ordi-
nary Hall coefficient in the AF phase because of the monotonic increase of the magneti-
zation (due to the phase onset) induced by the increasing measuring field. De Vries et al.
did not face such a situation thanks to the high transition temperature of their samples
and could provide good estimates of the carrier types and densities in each magnetic
phase.

2.4.3.2 Carrier density

De Vries et al. [153] applied a two band model to their Hall data to extract the car-
rier concentration in each phase, from the Hall coefficient, RH=dρH

dB , slope of the linear
dependence of the Hall resistance in the high field region, and the magnetoresistance.

According to the positive slope of the Hall resistivity in the FM phase, the conduction
is insured by hole-like carriers, with 1.25 holes per unit cell (that is n3D ∼ 1023 e+.cm−3).
In the AF phase, the conduction is found to be anomalously low for a metal, reaching
0.05 electrons per unit cell (that is n3D ∼ 1021 e−.cm−3) for the most chemically ordered
samples. The mobility of electrons in the AF phase at room temperature was found to
be comparable to typical metals, with µ ∼ 7 cm2.V.s−1.

The presented transport features suggest that in FeRh, d-band electrons also con-
tribute to the the free carriers density. The position of the Fermi level and steepness of
the density of states at the Fermi level can be of importance in the transition mecha-
nism. This view is in accordance with the proposed mechanism brought by Baranov et
al. [114] and further explained by Kobayashi et al. [100] of the superzone gap opening
in the AF phase. This reduction of the Fermi surface would lead to a drop of the the
carrier density, as observed here, and a smaller Fermi velocity. In view of the very large
discrepancy between the carrier type and density between each phase, the authors make
the assumption that a rearrangement of the Fe 4s, Rh 4d and 5s bands occurs at the
transition. They also propose to view the mechanism as similar to an orbital-selective
Mott transition, where the Fe 3d states would not be affected by new bands crossing at
the Fermi energy.
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The remarkable change of Hall coefficient and carrier specificity at the transition
suggests that the GMR effect observed in FeRh results from a reconstruction of the
Fermi surface.

2.4.4 Thermoelectric power

Thermoelectric power presents a fundamental interest because it reflects the energy
derivative of both the density of states and the relaxation time of conduction carri-
ers [154]. The sign of the thermoelectic power S can provide valuable information about
the electronic reconstruction suspected at the transition.

In Fig. 2.17, we see the variation of the thermoelectric power S function of the
temperature at µ0H=0 and 9T. Under no magnetic field, S has an hysteretic shape,
following the first order transition of FeRh from AF at low temperature to FM at high
temperature. At high 9T, the field is sufficiently high for the system to be in the FM
phase on the full temperature range from 0K to 300K. It is then clear that when the
system is in the FM phase, S is negative, whereas when in the AF phase, the sign of S
changes to positive.

Figure 2.17: The temperature dependence of the thermoelectric power (S) measured at
µ0H = 0 and 9 T. [100]

We can express the thermoelectric power with the following Mott equation:

S = −π2k2B
3|e| T

[

∂ lnN(E)

∂E
+

∂ ln τ(E)

∂E

]

E=EF

(2.9)

with N(E) the density of states and τ(E) the relaxation time of the conduction
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electrons. In a system where the conduction can be associated to nearly free charge
carriers, the sign of the thermopower is a strong indication of the carrier type, positive
for holes and negative for electrons. Within this picture, the sign of S determines that
the AF phase conduction is hole-like and the FM phase, electron-like, in opposite to the
conclusion of De Vries et al., presented in the previous section. However, the conduction
in FeRh may not be simply understood in terms of independently moving nearly free
charge carriers.

Wohlfarth predicted that first order transition from antiferromagnetic to ferromag-
netic usually occurs in materials presenting a large ∂N(EF )

∂E , large negative ∂2N(EF )
∂E2 or

both at the Fermi level in the AF phase [155]. In this regard, Kobayashi et al. consid-
ered that in view of the invariance of the scattering centers with field, the second term
of the equation involving the relaxation time is field independent. So, the change in sign
can be associated only to the first term and they concluded that the change had to come
from the first term ∂ lnN(E)

∂E due to the Fermi surface reconstruction at the transition
[100]. The large values of S varying from 20 t -60 µV.K−1 (well above the value 14
µV.K−1 of Fe alone) is also supposed to take origin from a steep variation of the density
of states at the Fermi level, ∂N(EF )

∂E .

We note however that the transition can be driven equivalently by temperature and
field, and as the phase changes, the conduction scattering centers can vary and differ
from one phase to the other, especially as d-spin polarized electrons seem to participate
to the conduction. Also, we can see that for S to be negative, ∂N(E)

∂E has to be negative
at the Fermi level. Looking at the calculated DOS, we see that the derivative of the
density of states change magnitude but stays positive.

2.5 Thin film growth and properties

For its interesting magnetic and transport properties, FeRh has motivated new active
research, starting roughly in 2009, to study the compound in thin film. The emergence
and control of new growth techniques in the last decade such as sputtering, co-sputtering
and MBE now permit to study high quality ultra-thin films of FeRh. One hopes that
these novel studies will bring more insight on the still unknown microscopic mechanisms
driving the magnetic transition. Also, the potentiality of technological applications and
comparison with first-principles model system studies motivated the growth of FeRh
thin films with bulk-like magnetic and electrical transport properties. Studies of the
thermodynamic and mechanical properties of FeRh were performed on thin films grown
on various substrates, mostly MgO, but also SrTiO3, Si or W.

2.5.1 Growth conditions and thickness dependent characterization

In 1966, Lommel et al [156] studied for the first time the properties of 180 nm thin films of
co-evaporated FeRh. The deposition was made by alternative deposition of 10nm Fe and
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Rh layers. The samples were then annealed at 565◦C for 4h to obtain the desired CsCl
structure and prevent the γ phase. The film showed a 200◦C wide magnetic transition
from a low magnetization state of about 30 emu.g−1 to a higher magnetization state of
65 emu.g−1. The cycles presented a wide hysteresis of about 75◦C.

2.5.1.1 Thickness dependent magnetic and structural properties

Studies of FeRh properties in thin films restarted around 2008-2009 with works such as the
one of Suzuki et al. [157], where they presented magnetic and structural characterization
of Fe49.7Rh50.3 thin films in the 160 to 10 nm range deposited on MgO(001) substrates.
The substrate was chosen to minimize the mismatch between the bulk cell parameters of
both FeRh and MgO.

The films were deposited by sputtering in an Ar atmosphere of 7.7 × 10−1 Pa, then
post-annealed at 800◦C under vacuum for 1h to increase the chemical order. X-Ray θ-2θ
structural spectra of the 160nm film is presented in Fig. 2.18-left. We note the presence
of a mixed phase, with both the presence the α’-FeRh reflections (indicated as (001),
(002) and (003), the first and last indicating a good chemical order of the CsCl type) and
the γ-FeRh phase. The annealing process seems to enhance both phases in their films.

Figure 2.18: left XRD patterns of an as-deposited 160-nm-thick B2 ordered FeRh thin
film and annealed one. right Temperature dependence of magnetization of FeRh thin
film with different thicknesses measured at 500 Oe. [157]

Temperature dependent magnetization data ranging from 300K to 400K under a
measuring field of 500 Oe are presented in Fig. 2.18-right for 150, 50, 20 and 10 nm
thick films. All films thicker than 10 nm show the characteristic trend of a sharp first order
magnetic transition from an almost zero magnetization phase at low temperature, strong
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indication of the AF phase, to a high magnetization phase of about 1000 emu.cm−3 for
the two thicker films and slightly smaller for the 20 nm film. The transition temperature
is comparable for all films, around 380K and all present a similar hysteresis. The 20nm
films however seems to have a softer transition. These data suggest that the properties
of FeRh films as thin as 20nm show bulk-like magnetic properties, with a quite sharp
first order transition and high moment in the FM phase.

The 10 nm film is presented in the inset of Fig. 2.18-right. The magnetization
properties presented on a wider temperature range are quite different than those of
thicker films. The transition is still present, but rather separates a low magnetic phase,
260 emu.cm−3, and a high magnetic phase 320 emu.cm−3. The transition temperature is
around 300K and is sharp going from low to high temperature, but very soft on the way
back. This study concluded that below 20nm, the bulk-like properties could hardly be
maintained. Qualitatively similar results were found by Loving et al. [158] on 10nm thick
films, where the same type of M(T) shape was obtained. They provided AF imaging of
the surface showing that the FeRh film consisted of individual nano-islands of about 100
nm diameter and 15nm height. They suspect that the island has an AF core and FM
surrounding to explain the presence of a large magnetic moment in the AF temperature
region.

However, an interesting study by Lee et al [159] provides evidence of an AF to FM
transition for 10ML FeRh thin films grown on W(001) single crystal. The films were
grown at room temperature by coevaporation of Fe and Rh from two electron beam
sources and were post-annealed by ultrafast annealing for only 2min at 600◦C to enhance
the film order but still prevent a 3D island formation. The presence of the first order
metamagnetic transition was verified via magnetic linear dichroism in photoemission
from the Fe 3p levels. Notably, the presence of the transition was detected on the whole
thickness of the epitaxial thin film, interface included. Also, no major changes in the
electronic structure was detected at the transition.

2.5.1.2 Rh content effect

Whereas sample composition can be precisely controlled with co-evaporation, co-sputtering
or MBE techniques, sputtering from an equiatomic FeRh target can lead to various sto-
ichiometry depending on the growth conditions and are not especially identical to the
target stoichiometry. It is known form the bulk phase diagram Fig. 2.1 that the alloy
compositions with excess Rh lower that 55% should favor the α phase alone.

Kande et al. [160] showed that it is necessary to maintain the Rh concentration below
55% to prevent the presence of a FM moment in the AF phase. In the contrary to an
older study from Ohtani et al. [161] depicting the residual magnetic moment at 20◦C
droping fast to 0 as the Rh percent increases above 35%. This study however notes the
presence of an fcc phase in their 200nm films and find that the grain size is considerably
reduced from about 400nm to 30nm as the Rh content is increased from 45.4% to 54%.
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Accordingly, Han et al [162] showed that it is possible to lower the presence of a
FM moment in the AF phase of 10nm FeRh thin films by depositing under low pressure
pressure and by tuning the Rh concentration higher than the equiatomic composition.
Such an increase in Rh concentration leads however to higher transition temperatures
and a lower moment in the FM phase, previously reported by VanDriel et al. [99].

2.5.1.3 Post-annealing treatment

Post annealing effects on the magnetic transition in 150nm thin films in the approximate
Fe49Rh51 proportions has been reported by Cao et al. [163]. All samples were grown by
dc-sputtering from a 50-50 FeRh target at room temperature under 8.0 × 10−2 Pa. The
annealing was performed in vacuum for 2h for all samples. They demonstrated that the
annealing temperature has a strong effect on the magnetic properties of the films. Higher
annealing temperatures tend to favor the α’ order which yields closer-to-bulk magnetic
transitions. Another interesting feature is the monotonic increase of the FeRh(002) peak
θ position with increasing annealing temperature. The increase of the peak position
indicates a smaller out-of-plane cell parameter and can be regarded as a good structural
criterion for a better magnetic transition, see Fig. 2.19.

Figure 2.19: left XRD patterns of FeRh thin films on MgO substrate. Insets show the
rocking curves of FeRh (002) peaks. right Measurement temperature dependence of
magnetization at 5 kOe M5kOe of FeRh thin films annealed at different temperatures.
[163]

They found that the sample annealed at the highest temperature, 700◦C, had the
best AF to FM first order transition.
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Also using sputtering, Le Graët et al. [164] described a growth protocol in order to
have highly ordered thin films down to 20nm, with minimal roughness and a bulk like
magnetic transition and showed that it was possible to estimate the chemical order of the
films via an order parameter S that depends on the θ-2θ peak intensity ratio between the
(001) and (002) reflections, respectively arising from the chemically ordered bcc regions
and the bcc regions without distinction (we use this parameter in our thin film study, see
paragraph 5.1.2.3.1 in Chap. 5). The films were highly ordered, flat and grew epitaxially
on the MgO (001) substrate as confirmed by TEM images. The films were grown at
600◦C and post annealed at 700◦C for one hour in vacuum, similarly to previous studies.

Another study from the same group also showed that the low carrier density in the
AF phase is an indication of a high sample quality. They indeed show that the carrier
density decreases as the chemical order parameter S increases [153].

2.5.2 Magneto-structural properties

The major difference that can be stressed out between FeRh in bulk and thin films
resides in the presence of 2D in-plane strain arising from the substrate. As the material
changes equilibrium volume at the transition, the clamping of the film will impact on
the transition even though the mismatch between the bulk cell parameter of FeRh and
the substrate. Interface and anisotropy effects could arise as the energetic and chemical
environment of FeRh at the interface are modified.

2.5.2.1 Interface magnetic effects

In a study from 2008, Ding et al [165] studied these magnetic interface effects on 50nm
FeRh thin films grown on MgO(001) substrates by MBE. They noticed that the films
capped with Au would show the presence of a FM layer at the interface at room tem-
perature, temperature at which the film should be AF. In the contrary, the films capped
with MgO did not show such a magnetic moment at the interface. The interface mag-
netic behavior thus seems to strongly depend on the surrounding species and resembles
the high sensitivity of the transition to doping elements. We can note that Au tends to
lower the transition temperature, in accordance with the presence of ferromagnetism at a
lower temperature, at least as low as room temperature in the presented case(see 2.2.3).
In 2010, Fan et al. [166] studied identically prepared samples with the MgO capping
as in Ding’s study to extract a magnetization profile of the films in the AF phase. It
has emerged that a FM moment was indeed present at both interfaces on a 6-8nm thick
layer.

Lee et al. [159] however reported that the presence of the transition is maintained
at the interfaces for an FeRh thin film of 10ML grown on W[001]. This affirmation
contradicts the discussion of [165], [157] and [166] where they suggest that either the
singular shape of the magnetization cycle versus temperature or the residual FM layer
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persisting below the transition in the AF phase are probably due to interface interactions
and the thermodynamic limit of finite magnetic systems.

2.5.2.2 Magneto-crystalline anisotropy

Knowing that the properties of FeRh are sentitive to strain and interface effects, Bordel
et al. [109] studied the effect on the transition properties and magnetic anisotropy of
Fe49Rh51 150 nm films grown by magnetron sputtering from an equiatomic target on
either a regular MgO(001) substrate or a-SiOx/Si coated with ion-beam-assist-deposited
(IBAD) MgO. The latter has the particularity to be biaxially-textured and presents two
in-plane cell parameters, imposing a tetragonal strain on the epitaxially grown FeRh thin
film.

The Fe moment orientation, studied via 57Fe conversion electron Mössbauer spec-
trometry, was different for FeRh grown on MgO single crytal or IBAD MgO. And for
both sample type, the Fe moments orientation switches at the transition. Fig. 2.20-
Left shows a summary of the Mössbauer and temperature dependent characterizations
for both cases. Another interesting fact resides in the shift of the transition to a lower
temperature as well as the enlargement of the hysteretic cycle for FeRh grown on IBAD.
The shift can be attributed to the tensile strain applied on the film, favoring the FM
transition.

The magnetic anisotropy and spin reorientation strongly depends on the c/a ratio of
FeRh, only present in thin films (c/a=1 in bulk) as confirmed by first principle calcula-
tions [109], see Fig. 2.20-Right.

The study shows that the spin reorientation is attributed to the magneto-crystalline
anisotropy, present in both phases, and not only in the FM phase due to the lattice
expansion at the AF to FM transition as stated by Cao et al. [163].
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Figure 2.20: left Temperature dependence of the hyper-fine field upon heating and cool-
ing for (a) Fe49Rh51//MgO and (b) Fe49Rh51//IBAD MgO. Insets show the Fe moment
orientation with respect to the sample plane in both AF and FM phases for each sample.
Temperature dependence of the magnetization (measured under 1 Tand extrapolated in
zero field using the experimental coefficient of 8 K/T) upon heating and cooling for (c)
Fe49Rh51//MgO and (d) Fe49Rh51//IBAD MgO. right magneto-crystalline anisotropy
energy calculated as a function of the c/a ratio for each of the two magnetic phases. [109]
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As stated in the Lead-in, this chapter is to be used as a reference when needed along
the reading of the following chapters. It is therefore not necessary to read it fully prior
to reading the next.

We chose to mainly work with one ferroelectric material, BaTiO3, to couple with
a wide choice of ferromagnetic electrodes like Fe, Co, etc, and a magnetic transition
material, FeRh. BaTiO3 represents a good choice, it is a typical ferroelectric and can
be found both in monocrystal substrates and thin films. Another good point, BaTiO3

is macroscopically switchable and shows robust switching characteristics over time. It
opens the possibility to perform in-situ switching experiment and monitor lively the effect
of polarization and stress.

The ferromagnetic electrodes we select for first ME-coupling experiments are mainly
typical ferromagnets. Put together with a typical ferroelectric, they could represent a
reference ME system. We also selected FeRh for its close-to-room temperature mag-
netic transition. Phase transition materials can be good candidates for ME coupling
enhancement since their susceptibilities diverge close to the transition.

3.1 Materials and growth methods

We used mainly BaTiO3 for its practical use as a substrate or thin film and good fer-
roelectric properties. We also mention BiFeO3 in Annex A.1.1, we attempted to take
advantage of its good ferroelectric properties in thin films. All ferromagnetic electrodes
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were deposited by sputtering, including FeRh. All oxide thin films, apart from MgO,
were grown by PLD.

3.1.1 Eligible materials for a Magneto-electric coupling

3.1.1.1 A ferroelectric: BaTiO3

Baryum Titanate, BaTiO3 is a ferroelectric perovskite. For more insight on ferroelec-
tricity, see section 1.1. Perovskites are oxide materials of the form ABO3 where A and B
are cations. The unit cell consists of a frame build by atoms of the A-type, the oxygen
are positioned at the center of each face of the frame and form an octahedron. The
B-type ion sits in a potential well at the center of that oxygen octahedron. The potential
well formed by the octahedron is not very sharp, though allowing for a displacement
of the B-cation and an elongation of the cell when an external electric field is applied.
This translates into the dielectric constant that is quite large in perovskites in general
[167] and can lead to piezoelectricity or ferroelectricity when the perovskite contains the
adequate cations.

This structure allows the material to have degrees of freedom in the one or more
direction for the ions to move and their equilibrium positions are along symmetry direc-
tions.

3.1.1.1.1 Structural phase transitions BaTiO3 has three structural first order
transitions and goes from rhombohedral (R phase) at T < 183K, to orthorhombic (O
phase) in the 183 K−278 K temperature range. Above 278 K, BaTiO3 is tetragonal (T
phase) with a = b = 3.987 Å and c = 4.040 Å, and becomes cubic above 393 K with a =
4.00Å. This transition from tetragonal to cubic is also accompanied by the ferroelectric
to paraelectric transition. We shown a schemtatic representation of the tetragonal unit
cell of BaTiO3 with the ferroelectric displacement of the Ti ion in Fig. 3.1-left.

3.1.1.1.2 Ferroelectric properties BaTiO3 is a typical ferroelectric with a satura-
tion polarization at room temperature of about 27µC.cm−2. The measured polarizations
in the R and O phases are 33 µC.cm−2 and 36 µC.cm−2, respectively [168], [169]. We
present a typical hysteresis cycle of a BaTiO3 substrate in Fig 3.1-right It exhibits a
dielectric constant of ǫr ∼ 1250 at room temperature that can climb up to ǫr ∼ 10000 at
120◦C. In the tetragonal phase, the average Ti motion is along the [001], [010] and [100]
directions.

3.1.1.1.3 Domain structure If not poled, the material contains an equal amount of
a, b and c domains, with the polarization axis in the x, y or z direction. This configuration
leads to high ferroelastic response under field, more than one order of magnitude greater
than the piezoelectric effect, see section 6.2.5.2. A uniform monodomain configuration
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Figure 3.1: left BaTiO3 crystallographic unit cell. right Ferroelectric cycle of a 5×5×0.5
mm3 BaTiO3 substrate at room temperature.

stable at room temperature can be achieved from cooling the crystal through the TC

under an electric field in the desired direction.

3.1.1.1.4 Practical remarks On the experimental side, BaTiO3 is practical as it is
one of the only ferroelectric material to be found in large monocrystals. If the object
of research is to investigate on the effect of BTO ferroelectric polarization and strain on
various compounds, working with crystals at first simplifies the situation. It enhances
growth and measurement stability.

BTO can also be grown in ultra thin films down to ∼ 1nm. In strained thin films it
is possible to obtain a better ferroelectric polarization, up to 80µC.cm−2 [82], [170]. The
strain will elongate the cells out of plain, displacing at the same time the equilibrium
positions of the Ti atom. The dipoles formed will be of greater magnitude leading to
larger amount of induced charges. Thin films are also practical when one wants to
control the interface roughness and termination (type of hybridization, band structure
at the interface, interface quality).

3.1.1.2 A magnetic phase transition material: FeRh

We used typical ferromagnets at first to build experience on artificial magneto-electric
coupling. Indeed, using materials of known properties can allow a better understanding
of any change in their regular state. They are briefly presented in Annex A.1.2

We have selected this material for the tunability of its magnetic properties. We want
to investigate on the magnetic changes that can rise through the influence of charge
accumulation and strain from a good ferroelectric/piezoelectric such as BTO.

FeRh is a transition metal alloy that demonstrates peculiar magnetic properties close
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to equiatomic proportions. FeRh can be found in two crystalline states, fcc with a =
3.74 Å, referred as the γ phase, and ordered bcc CsCl-type, also called α′, with a =
2.99 Å. The transition from γ to α′ is martensitic. In the α′ phase, FeRh undergoes
a first order magnetic transition from G-type antiferromagnetic order to ferromagnetic
at about T=350K in bulk samples. The magnetic transition is accompanied with a 1%
volume increase. The transition can be driven by temperature, stress or magnetic field
equivalently. In the FM phase, the moment is typically around 1200 emu.cc−1.

More insight about the material and its magnetic transition can be found in chapter
2.

3.1.2 Magnetron sputtering deposition and post treatment

Magnetron sputtering is a thin film deposition technique. It consists of the ejection of
atoms from a target by bombardment of energetic particles. The atoms ejected form a
plasma and will condense on a substrate facing the target.

3.1.2.1 Principle

More specifically, a potential difference is applied between the target and the substrate
in a controlled gas atmosphere (Ar or O in our set-up). Ionic species will accelerate
in the direction of the target, triggering collision cascades. The magnetic field created
by the magnetron will impose an helicoidal trajectory to the electrons, leading to a
higher collision rate. Following the electrical potential, the negative Argon ions will be
accelerated towards the target(cathode).

If the incoming energy of the accelerated particles is greater than the binding energy
of the target material, neutral atoms will be sputtered. At the collision, the target also
releases secondary electrons that will contribute to the ionization process of Argon atoms.
A cold plasma (electrons, ions, neutral Argon and atoms of the target, photons) is formed
between the substrate and the target. The species extracted from the target are neutral,
they can freely recombine on the substrate surface.

Materials are usually deposited in DC mode, meaning that the voltage applied be-
tween the target and the substrate plate is constant in time. However it is possible to use
an RF mode when the target is insulating. The alternating electric field will prevent the
target from charging. It is also possible to invert the anode and cathode position: the
gas ions in the plasma will then be accelerated towards the sample plate. In the proper
conditions, that configuration can be used to clean or etch a sample/substrate surface.

The Sputtering chamber we used has a base pressure of about 8×10−8 mbar. The
growth is made under controlled argon (Ar) and oxygen (O) flux going respectively from
0 sccm to 150 sccm and 0 to 50 sccm. The growth temperature can also be set from
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Figure 3.2: Schematic representation of sputtering chamber geometry and main com-
ponents: 1-Watercooling; 2-Heating resistors; 3-Substrates; 4-Target; 5-Permanent mag-
nets; 6-Shield; 7-Insulator; 8-RF cable; 9-Thermocouple; 10-Gas inlet; 11-Pumping sys-
tem. [171].

room temperature to 730 ◦C via a Tungsten filament encapsulated in an Inconel sheath-
ing. The thermal limit of the heating element is 800◦C but is restricted to 730◦C for
longevity. Having control on these two parameters is crucial to grow metallic compounds
or complex oxides in the desired crystalline phase and achieve the right orientation or
growth type (epitaxial, textured, pollycristalline, amorphous). It is also possible to pre-
or post- anneal the substrate/sample under controlled atmosphere and temperature for
the desired time. [For the fast depositions, the shutter closure is split-second timing.]

These sputtering features are quite standard, except for the following point: Our
chamber includes a RHEED that can be used at any moment during and after deposition
to monitor the evolution of the film growth. It is not common to have a RHEED in
a magnetron sputtering chamber due to the strong magnetic fields generated by the
magnetrons. It causes a misalignment of diffracted beam and the diffraction pattern can
be slightly altered. However the electron beam can be subtly adjusted and corrected
with help of external magnets.

81



Chapter 3. Selection of materials and experimental techniques

3.1.2.2 In-Situ annealing and Ultra-fast annealing

The annealing process can be the key to achieve good film quality and the desired phys-
ical properties. Annealing can be performed before deposition, in order to enhance the
substrate surface quality and thus the interface quality. It can also be performed after
growth, to permit a better reorganization of the crystalline order that wasn’t possible
during the growth process.

The main mechanisms one needs to control is the type of growth (2D usually ) and
crystal overall structure and stoichiometry. It can be performed in-situ or ex-situ under
various temperatures and controlled atmospheres. The principle is quite straightforward,
one has to select the right thermodynamic environment in the phase diagram (P, T, type
of atmosphere) to favor the phase desired. The time needed to reach a satisfactory result
depends on the characteristic time of rearrangement of the crystal.

One can also perform ultrafast annealing at any given temperature. This can be of
help if two characteristic times are at play, for instance, 2D to 3D film surface shape
(to be minimized) and crystal order (to be maximized). It is then necessary to find a
way to trigger the crystalline rearrangement mechanism to have the good properties,
without letting the 2D surface change to 3D. Ultrafast annealing is useful when dealing
with reduced amount of matter such as ultrathin films, graphene, carbon nanotubes, etc.
Indeed it is useful only if time heat takes to expand in the whole system is shorter than
the reaction time of the characteristics to act on.

3.2 Characterization and physical analysis techniques

3.2.1 Laboratory equipment

3.2.1.1 Ferroelectric characterization: aixACCT

Working with ferroelectrics, it is fundamental to control the evolution and aging of their
ferroelectric properties over time.

The aixACCT machine is a high voltage ferroelectric characterization module used to
characterize the ferroelectric response of sample. The system can produce various pulse
shape. A few common pulse shapes are already embedded, is also offered a tool for pulse
shape design. The measurement frequency can be tuned from 0.1Hz up to 3000Hz. A
high voltage module can be used to apply high tension up to 400V, which was necessary
due to large coercive voltage of BTO crystals. The set-up records the leakage current
arising from ferroelectric switching and self integrates the current intensity over voltage
to display the ferroelectric polarization function of voltage or time. It is also possible
to realize PUND sequences and extract the response cleaned from charging effects. We
used the tool for bith in-situ and ex-situ polarization characterization.

82



3.2. Characterization and physical analysis techniques

3.2.1.2 Magnetometry characterization by SQUID

A Superconducting Quantum Interference Device (SQUID) is a magnometer used to
measure extremely weak magnetic signals under a large range of magnetic fields and
temperatures. Our set-up is a Quantum design SQUID with a 5.5 T magnet and a
temperature ranging from 4 K to 400 K.

A SQUID device consists of two Josephson junctions symmetrically disposed in par-
allel on a superconducting loop, see Fig.3.3.

Figure 3.3: SQUID device and magnetic flux representation.

A SQUID device, includes two Josephson junctions in parallel. The Josephson junc-
tion consists of two superconductors separated by a thin insulating layer. In a supercon-
ducting state, the electrons form Cooper pairs and condense in a unique collective quan-
tum wave. As all electrons share the same quantum state, the pairs can tunnel through
the insulating barrier by tunnel effect, and induce a spontaneous current through the
barrier.

In an entirely superconducting loop, only certain values of magnetic flux are allowed
to pass through its center. The wave function of the electron condensate expands in
the whole superconducting ring and thus imposes the continuity of the wave function’s
phase along the ring. When a magnetic flux passes through the superconducting loop,
the phase is modified and must at all times fulfill the periodic boundary conditions. So
only certain values of the field can fulfill the phase conditions, the flux is then quantized,
with a flux quantum Φ0 = 2.0710−15Tm2. If the magnetic flux is smaller than Φ0

2 , a
screening current will form to cancel the external magnetic flux. Now if the magnetic
flux increases and exceeds half the flux quantum, the current in the loop will invert to
help the flux reach Φ0.

The electric current is DC and its value is proportional to the sine of the phase
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difference between the two superconductors. The current is then also sensitive to the
magnetic flux going through the loop as it tends to modify the phase difference at the
junction interface. This effect is periodic, with a period Φ0. The voltage of the SQUID
device will also be periodic with progressive increase or decrease of the magnetic flux.
This voltage is recorded and the number of periods indicates the overall magnetization
of the measured sample.

We used the SQUID to characterize ultrathin magnetic films and the magnetic tran-
sition properties of FeRh thin films with temperature. We also modified the SQUID
measurement holder to apply voltage during the measurement. The set desciption is
presented in section 6.2.2

3.2.2 Synchrotron techniques

Here we present absorption and diffraction techniques using hard and soft X-Rays to
probe fine magnetic properties of heterostructures at the atomic scale.

3.2.2.1 In absorption: XAS and XMCD

X-Ray absorption Spectroscopy (XAS) is an element specific spectroscopy technique used
to determine the local electronic and atomic structure of matter. In X-Ray spectroscopy
the incoming photon energy is tunable over a wide range of energies from a few hundreds
of eV (soft X-rays) to several keV (Hard X-ray). The energy is selected to excite core elec-
trons to higher states, from the K-edge, L-edge and M -edge, respectively corresponding
to the principal quantum number n = 1, 2 and 3.

3.2.2.1.1 Principle When a photon encounters matter the interaction can result in
the two following possibilities: absorption of the photon, diffusion of the photon. The
diffusion process can be subdivided into two categories: the elastic scattering also referred
as Thomson diffusion and the inelastic scattering referred as Compton effect. When the
interaction is elastic, there is no energy loss in the process, the incoming and outgoing
photons have the same energy. In the inelastic case, a part of the incoming energy is
absorbed/supplied by the material, resulting in a difference between the incoming and
outgoing photon energy.

The absorption spectra are gathered simultaneously by two method: fluorescence
and total electron yield current (TEY). The excitation of a core electron leaves an empty
state. After excitation of a core electron by a photon, the empty core state will be filled
by an electron from the valence band. The deexcitation process can be radiative and
give rise to fluorescence yield (FY) or non-radiative by Auger emission and production
of photoelectrons and secondary electrons that represent the total electron yield (TEY).
TEY is mostly sensitive to surface properties (a few nanometers) whereas FY arises from
a thicker layer under the surface (a few tens of nanometers).

In our experiments, we mainly focused on metal L-edge XAS. It involves the excitation
of an electron from the 2p core levels (L-edge) up to the unfilled d orbitals. These
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transition occur at photon energies in the 500 eV - 1000 eV range. The absorption of an
incident photon by an electron can trigger an electronic transition if certain conditions
are fulfilled: The electron will transit from an energy level E1 to a higher energy level
E2 necessarily if the photon energy is hν ∼ E2−E1. This condition is a prerequisite but
is not sufficient in itself. The quantum numbers associated to the initial and final states
must satisfy the selection rules. To fully describe an electron in an atomic potential,
four quantum numbers are needed: energy, angular momentum, magnetic moment and
spin. Respectively, n indicates the electron shell, l describes the subshell, m the magnetic
quantum number describes the specific orbital within a subshell, and s describes the spin
of the electron. The first selection rule is the conservation of the total angular momentum
J = L+S. As we only consider electric dipolar transition, ∆J = 0, ±1. Hence for a 2p to
3d transition, the 2p core hole created in the process has an orbital angular momentum
l = 1 that will couple with the spin angular momentum of the electron s = 1/2 and
produce J = 3/2 (L3-edge) and J = 1/2 (L2-edge) final states, see fig.3.4.

Figure 3.4: XAS absorption sketch.

As we focused on magnetic properties of matter, the use of incoming circular polarized
light and external magnetic field can differentiate the majority and minority spins in the
d shell of magnetic materials through empty states available. This technique is called
X-ray magnetic circular dichroism and is presented in the next subsection.

3.2.2.1.2 X-Ray Magnetic Circular Dichroism (XMCD) X-ray magnetic cir-
cular dichroism (XMCD) studies the difference in X-ray absorption depending on the
light helicity. The selection rules induce a spin-dependent difference of absorption This
configuration allows to investigate separately on the magnetic properties of each element
of the sample. XMCD spectra can be obtained either by changing the helicity of circu-
larly polarized light (left/right) or by switching the magnetic field at different photon
energies.

As the system is in an external magnetic field, degenerated levels can split and give
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rise to another selection rule on the magnetic quantum number. Circular polarized light
can occur if a second selection rule is verified: ∆m = ±1. This rule implies that the
absorption is function of the direction(left or right) of the circular polarized light. The
difference of absorption is called magnetic circular dichroism.

Figure 3.5: XMCD absorption sketch.

In Fig. 3.5, we represent the spin-dependent splitting of the valence band for a
nonmagnetic material and a magnetic material, left and right respectively. In the case
M6=0, the shift of the energy levels depending on the spin direction yields a difference in
absorption of circular polarized light weather it is aligned with the majority or minority
spins at the L2 and L3 edges. For electronic dipolar transitions (p to d) under a magnetic
field, the selection rules are expressed as follows:

∆J = 0,±1

∆m = ±1

∆l = ±1

∆s = 0

with ∆m = +1 for circular right and ∆m = −1 for circular left.

3.2.2.1.3 Sum rules with XMCD From the XAS and XMCD signals, it is possible
to extract quantitative information about the magnetic spin moment and the orbital
magnetic moment of each species. It is done through a set of relations called "sum
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rules". Thole et al.[172] and Carra et al.[173] first derived the sum rules for single ions
in a cristal field and later validated for Fe and Co 3d metals by Chen et al. [174].
For dipolar 2p3/2 and 2p1/2 to 3d empty valence states, the orbital and spin magnetic
moments, ml = −µB < Lz > and ms = −2µB < Sz > can be derived from the XAS and
XMCD spectra through the following equations:

ml = −4

3

(µ+ − µ−)dE

(µ+ + µ−)dE
(10− n3d) (3.1)

ms = −6
(µ+ − µ−)dE − (µ+ − µ−)dE

(µ+ + µ−)dE
(10− n3d)

(

1 +
7〈Tz〉
2〈Sz〉

)−1

(3.2)

with n3d the number of 3d electrons for a given atom, < Tz > the expectation value of
the magnetic dipole operator (< Tz >= 0 for textured Co and Fe). In absorption spectra
lies a contribution from photoelectron excitations up to the continuum states that do
not account form magnetic dependent transition from 2p to 3d states. In order to apply
the sum rules, one should not include these contributions in the integrates signal. This
background is usually removed by subtraction of a step function [174] supposed to take
into account the number of electrons in the core states.

3.2.2.2 In reflection: XRMS

X-Ray Resonant Magnetic Scattering (XRMS) is another technique to investigate on
element specific microscopic magnetism. X-ray resonant magnetic scattering can be
viewed as a mix of XMCD and resonant scattering [175], [176].

It is also possible to measure a dichroic signal in the reflection configuration. In
that case, instead of gathering electronic drain current or fluorescence, one monitors
the reflected beam intensity function of the photon energy and incidence angle. For 3d
metals, as in XMCD, the reflected signal for each incoming photon helicity will depend
on the spin of the initial magnetic state of the electron.

The reflectivity can be measured from grazing incidence up to 90◦ which offers the pos-
sibility to extract an element specific magnetization depth profile of the sample. XRMS
is surface sensitive and so well adapted to the study of thin films and multiple interfaces.

The measurements in reflection are more sensitive than in absorption, however XRMS
is not quantitative. Due to interference effects, the sum rules are not applicable on energy
scans in reflection geometry. Indeed, the sign of the dichroic signal varies with the
measurement energy and angle. The diffracted beam is also affected by the surface and
interfaces roughness [177]. XMCD and XRMS are therefore complementary techniques.

Resonant magnetic scattering can be viewed as a MOKE experiment with polarized
X-rays at a given energy, for various angles. Thus the dynamic aspects of reflectivity can
be expressed through the same optical theory describing MOKE effect, [178] and [179].
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In [180] a dynamic formalism based on circular eigenwaves is proposed to implement the
propagation equation into numerical simulation. It is possible to model the propagation
of an electromagnetic wave through several media and extract the reflected intensity
function of the incident angle.

3.2.2.2.1 XRMS signal The XRMS technique allows to select one energy to probe
a specific element of the sample, and using circular polarized light, the the signal reflected
contains information on the magnetic properties of the element probed. A dichroic signal
can thus be obtained exactly as with XMCD in absorption, by the weighted subtraction
of the signals collected for circular right and circular left incoming X-Rays or identically
for one light helicity but two opposite directions of the external magnetic field. It is
called the XRMS asymmetry, for a fixed magnetic field, say H+, it is written:

AXRMS = 2
Reflσ+ −Reflσ−
Reflσ+ +Reflσ−

(3.3)

which is equivalent to the following for a the fixed σ+ X-Ray helicity:

AXRMS = 2
ReflH+ −ReflH−

ReflH+ +ReflH−

(3.4)

The amplitude of this asymmetry depends both on the energy and angle of the mea-
surement and indicates the magnetic response of the species probed. In our experiment,
we would like to probe the changes of this magnetic response versus the ferroelectric
polarization, that is the external voltage applied. The signal we look for is then in the
difference of the XRMS magnetic asymmetry expressed above:

MEXRMS = AV+
XRMS −AV−

XRMS (3.5)

3.2.2.3 Surface imaging: X-PEEM

X-ray Photoemission Electron Microscopy (XPEEM) is a surface imaging technique.
XPEEM is a powerful physical characterization tool of materials and nanostructures
from the mesoscopic scale down to 10nm in-plane object sizes. The great advantage
of the technique resides in the combination of microscopy (imaging) and spectroscopy
capacities.

3.2.2.3.1 Principle X-PEEM is based on the same concept as other X-Ray pho-
toemission techniques (XPS, UPS). When X-rays of the right energy are absorbed by
matter, electrons are excited from core levels to higher unoccupied states. Electron from
a higher energy level will then fill the core holes. In that relaxation process, secondary
electrons are generated, such as Auger and inelastic scattering electrons. The mean free
path of secondary electron is such that only electrons from the surface (2-5 nm) can es-
cape and reach the vacuum. They are then accelerated by a strong electric field between
the sample and the outer electrode of the objective lens and energetically differentiated
by a cyclotron electronic detector.

88



3.2. Characterization and physical analysis techniques

Based on the same principles exposed in the XAS and XMCD description, this tech-
nique combines the element specificity of synchrotron techniques and the magnetic sen-
sitivity to provide spatially resolved element-specific magnetization imaging of a surface.

This feature is very useful to investigate on magnetic properties of ultrathin films
and interfaces. For instance, ferromagnetic or antiferromagnetic coupling can be investi-
gated between different species or across ultrathin insulating barrier, as well as magnetic
patterns and their evolution with magnetic field, stress, voltage, temperature and other
parameters.
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Over the last decade, active research on new types of data storage architectures
and processing units has shed light on the possible use of electric control of magnetic
properties in multiferroics and composite multiferroic heterostructures, see section 1.2.

In this chapter, we briefly report on a study of the interface hybridization between
a typical ferroelectric, mono-crystalline BaTiO3, and a typical ferromagnet, such as Fe,
Co or CoFeB. We expect to evidence a possible dependence of the magnetic properties of
the ferromagnet on the ferroelectric polarization state of BaTiO3, as well as a magnetic
signature on the interfacial Ti atoms by proximity effect of the ferromagnetic layer. We
also report the attempt to drive a paramagnetic to ferromagnetic transition in Pd via a
ferroelectric field effect.

4.1 Sample preparation and Ferroelectric characterization

The magnetoelectric system we designed is simple, it consists of a ferroelectric crystal
on top of which metallic ultrathin films are deposited. The single crystals of BaTiO3 (5
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× 5 × 0.5 mm3) were ordered already c oriented, meaning that the tetragonal domains
have their longest axis mostly in the out-of-plane direction, see Fig. 4.1.

Figure 4.1: Sketch of the typical magneto-electric system. From bottom to top we
stack: a back electrode of Au (∼50nm), the BaTiO3 substrate (500 µm) with the c
oriented ferroelectric domains schematically drawn (the small sphere being the positive
non-centrosymmetric Ti ion), a metallic ferromagnetic layer (∼ 2nm) and the capping
layer (∼ 3nm).

The use of a ferroelectric single crystal allows to change in-situ the ferroelectric po-
larization state, dynamically during the measurement (in opposite to a measurement on
separate pre-poled samples for which the results are compared afterwards).

4.1.1 Sample preparation

The transition metal thin films were all deposited by magnetron sputtering at room
temperature. In order to keep both interfaces clean, we fixed the substrate on the holder
with clamps instead of using Ag thermal paste. Before growth we have systematically
performed a soft O/Ar plasma (5:1 ratio) of 4W and 90V to clean the surface from organic
adsorbates. The ferromagnetic thin film were then deposited under low Ar pressure at
room temperature, followed by the capping layer. The ferromagnetic metals used are
all oxidable so a protective layer of aluminum oxide (AlOx) or Pd was deposited after
growth. We note that the choice of AlOx is judicious because it is non-magnetic and
under synchrotron light, Al absorbs less radiation compared to Au, Pd or Pt since it’s a
lighter atom. The Au back electrode was then grown on the other side of the substrate,
again clamped on the holder to prevent any damaging of the 5nm thick stack.

In Table 4.1 is a list of the type of samples grown then measured at a synchrotron
facility.

Growth by sputtering allows to homogeneously coat the substrate surface and thus
insured the homogeneity of the films properties (good metallic properties) and the fer-
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Type 1 Al(3nm)/Co(2nm)//BaTiO3//Au
Type 2 Al(3nm)/Fe(2nm)//BaTiO3//Au
Type 2b Pd(2.4nm)/Fe(2.1nm)//BaTiO3//Pd
Type 3 Al(3nm)/CoFeB(2nm)//BaTiO3//Au
Type 4 Al(3nm)/FeNi(2nm)//BaTiO3//Au
Type 5 Pd(2.4nm)//BaTiO3//Au
Type 6 Pt(2.4nm)//BaTiO3//Au

Table 4.1: List of the different types of sample configuration for a magneto-electric
experiment. All samples were designed to be studied at a synchrotron facility.

romagnetic moment of the films were lower but close to the bulk values, as expected for
2nm thin films.

4.1.2 Influence of the electrode on the ferroelectric cycle

We systematically characterized the ferroelectric properties of the samples with a TF
analyzer 2000 E. This equipment permits to record ferroelectric polarization loops via
current-voltage measurements.

The ferroelectric cycle of a BaTiO3 substrate should be symmetric, expressing the
equivalence of the two directions of the polarization. However, this symmetry can be
affected by the asymmetry of the electrodes. We could verify this assertion in our mea-
surements that showed a strong dependence of the cycle over the ferromagnetic material
used. Similar shifts of the coercive fields were observed with Fe, Co and CoFeB. We
could also notice a reduction of the saturation polarization in these samples and a high
frequency of samples with destroyed ferroelectric properties, such as non-switchable po-
larization, weak cycle amplitude, very weak remanent polarization, small coercive fields,
and strong cycle asymmetry, see Fig. 4.2. This loss of the ferroelectric properties in
these samples can be related to the oxidable nature of the top electrode.

On the contrary, samples made with the same substrates (cut in 4) with Pd, Au or Pt
ultrathin films instead of the ferromagnetic layer showed textbook ferroelectric cycles,
with the expected saturation polarization around 21 µC.cm−2 and consistent coercive
voltage around 25V, see Fig. 4.2 - a and b.

The asymmetry of the coercive fields may come from various sources. The presence
of a shift in the hysteresis cycle for samples involving electrodes such as Pd or Pt, which
are in the same reactivity range to oxidation, suggests that another mechanism should
be considered, such as a natural asymmetry in the BaTiO3 crystal or the impact of the
work functions of the electrodes. The charge trap often present as grown at the Co or
Fe interface shows that the asymmetry can be aggravated by oxidation processes.
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Figure 4.2: Polarization vs voltage loops of a a reference sample with symmetric Au
electrodes, b a type 5 sample with Pd, c a type 1 sample with Co, d a type 2 sample
with Fe. For all presented measurements, the thin film is grounded and voltage is applied
from the Au electrode. We note that good type 1, 2, 3 and 4 samples all usually showed
similar loop characteristics.

4.1.3 Aging of the Metal/BaTiO3 interface

In the previous section, we mentioned the tendency to lose the ferroelectric properties of
the samples involving a reactive ferromagnetic film at the interface with BaTiO3. This
effect was observed as grown, so could be interpreted as an oxidation during the growth
process. Indeed, the energy of the incoming species could provide sufficient energy to the
interface for an oxide to form and destroy the conductive properties of the ferromagnetic
metal at the interface.

Fechner et at. showed that an atomically thin oxide hybridization between oxygen
and the reactive species (Fe in their case) at the interface may not prevent a magneto-
electric coupling mediated by the interface [88]. Yet, having a larger insulating layer
can be problematic for the study of interface ME effect, but should not prevent the
ferroelecric from switching. We could then think of a charge trap mechanism that would
add an electric field component strong enough to prevent the single crystal to experience
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the voltage applied.

Figure 4.3: Aging process of the ferroelectric properties of a type 1 sample involving Co.

That said, such a scenario would imply a shift of the cycle due to this added voltage
component, and the switching properties should still be observable for high enough fields.
Following this idea, we tried to increase the voltage applied up to 400V and progressively
lowered the sweep rate without positive result, yet a further deterioration of the response.

In Fig. 4.3 - Top, we see the result of the voltage cycling on the polarization at
saturation. The measurements are made at a frequency of 500 Hz and half amplitude of
150V. We also show the shape evolution of the FE cycle at different stages of the aging
process, Fig. 4.3 - Bottom. From the intermediate FE loop, we can see that one of the
polarization direction is less favorable than the other. In the measurements presented in
Fig. 4.2, the mass was connected to the Au electrode, the positive or negative tension
being applied from the top metallic film. A positive FE polarization in these graphs then
corresponds to a negative voltage, oppositely, a negative FE polarization is induced by
a positive voltage, see Fig. 4.4.

The shift observed on the loops indicates that the difference between the top metal-
lic film and Au always tends to build an additive voltage component that favors one
direction of the polarization, pointing away from the FM thin film. We note that in
this configuration, the oxygen atoms of BaTiO3 are brought closer to the metallic film.
The reactivity of the metal probably helps to stabilize this additive field component.
This could also imply that high voltages and multiple cycling could trigger the oxidation
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Figure 4.4: Sketch of the effect of the voltage on the FE polarization, the Au electrode
is connected to the ground.

process at this interface.
Swapping the electrodes reverses the whole cycles by central symmetry, which proves

that the effect is inherent to the sample interfaces and is not a measurement artifact.

This observation lead to consider aging effects related to oxidation and that could also
be triggered by the application of voltage. We selected one of the AlOx/Co/BaTiO3/Au
samples with good ferroelectric properties and performed an aging experiment. We can
see that after several cycles, the cycle quality decreased and eventually looked similar to
the as-grown bad samples. This comforts the idea that high and repetitive voltage can
alter the ferroelectric properties of the samples. This interpretation is in coherence with
the model of oxygen vacancy agglomeration under the electrodes for thin films by Dawber
and Scott [181]. It is also assumed that the early fatigue of materials underneath the
electrodes comes from enhanced mechanical stress at the interface region under voltage
[182].

We also applied the same aging protocole with samples involving Pd and Au, two
dimly reactive species. The results showed no signs of premature aging, the cycle kept
their original form and amplitude even after several hundreds of cycling during an auto-
mated experiment at the ESRF. This helps to conclude that oxidation at the interface
may be the cause of the premature aging process. The oxidation process may also induce
negative charge traps that yield an additive field component that tends to stabilize the
polarization pointing away from the oxide layer.

We concluded that measurements at low voltage are preferable when the interface
contains reactive metals and can prevent premature aging of the interface. We typi-
cally tried to measure under the 100V limit. The polarization cycle quality could be
verified with the Aixacct in situ after each scan, which provides more confidence on the
conclusions of our ME experiments performed at the synchrotron.
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S1 AlOx(3nm)/CoFeB(2nm)//BTO//Au(50nm)
S2 Pd(1.8nm)/Fe(2.1nm)//BTO//Pd(50nm)
S3 Pd(2.4nm)/Fe(2.1nm)//BTO//Pd(50nm)

Table 4.2: Three samples studied in XRMS at SOLEIL synchrotron facility.

4.2 Measuring the influence of the FE polarization on the
magnetic electrode by XMCD and XRMS

As reported in section section 1.2.3.3, first principle calculations by Duan et al. [85]
on the system Fe/BaTiO3 showed via density of states graphs that there is an interface
mixing of the ferroelectric and ferromagnetic properties. A magnetic moment on Ti and
O induced by Fe is predicted, as well as a modification of the spin density at the interface
dependent on the ferroelectric polarization. Also, the moment of Fe, Ti and O at the
interface are shown to be different in each ferroelectric polarization state, see Fig. 1.12.

The evidence of both a magnetic moment on the Ti and O atoms of BaTiO3 at the
interface with Fe and Co, and the change of the spin polarization at the interface have
been experimentally demonstrated [87].

We expose here our attempt to demonstrate the third prediction stating the modifi-
cation of the interfacial Fe moment with the FE polarization.

Here we present the main results obtained at SOLEIL on the Beamline SEXTANT,
and also provide some complementary elements obtained from previous runs done at
Bessy II in the measurement chamber ALICE.

4.2.1 Measurement methods

The ME effect is likely to be located only at the interface, its extent should be of the
order of the screening length in Fe or Co, around 0.5 nm. It was thus important to
lower the FM metal thickness to increase the signal contribution from the interface. We
measured the samples in XRMS for its sensitivity to the interfacial magnetic changes
and element selectivity. Further analysis of the data can also provide details about the
spin orientation in the FM layer.

If the magnetic changes are observed at angles below 45◦, the magnetic contribution
will be mostly in plane. In the case where the changes occur over 45◦, the change in
magnetization will be out of plane. The quality of the interface is crucial to have a good
reflectivity signal. The roughness of the samples should be lower than 1nm RMS.

Measurements in absorption, XAS and XMCD, and in reflection, XRMS were col-
lected at the L-edge of Fe, at room temperature and under high vacuum in the 108 mbar
range for all samples:

Alignment and preliminary test scans in the 680 eV - 740 eV energy range were

97



Chapter 4. Measurements of dichroism at the interface of BaTiO3 and a ferromagnet

recorded at low angle to maximize the beam intensity in the reflection configuration.
Then XRMS measurements were performed in the reflectivity configuration versus inci-
dent beam angle for two different photon energies at the pre-L3-edge and at the L3-edge
of Fe for all samples.

The roughness of the sample interfaces was quite small, around 0.3 nm RMS, which
is well lower than the XRMS measurement limit around 1nm RMS.

4.2.1.1 Selecting the angle and energy in XRMS measurements

The expected quantities obtained by XRMS measurements are explicited in section
3.2.2.2.1.

The reflectivity signal depends on the first and second derivative of the absorption
signal, the first derivative being associated to the dispersion and the second derivative
the absorption by the medium. And the weighting of the contributions is angle an energy
dependent, as mentioned above. In order to optimize the signal amplitude, it is necessary
to find the optimal set of energy and angle that will be the most sensitive to the effect
we would like to probe.

Reflectivities taken at the pre and post edge of the species probed, the Fe L-edge
in our case, should display any magnetic sensitivity. These data can then be used as a
weighting signal for the XRMS asymmetry AXRMS .

The energy at which the magnetic signal is theoretically in the up and down ramps
of the reflection signal at the L3-edge, see Fig. 4.5 - Left, where the maxima of the
derivatives are found.

We then select an energy in the up ramp of the reflection signal and gather reflec-
tivities from 0◦ to 120◦ for a given helicity and two opposite directions of the external
saturating magnetic field (or equivalently at a fixed external magnetic field, and both
helicities), see Fig. 4.5 - Right.

From these plots, we can calculated the angle dependent XRMS asymmetry AXRMS

that shows the angle dependence of the magnetic signature, yellow curve in Fig. 4.5 -
Right. If needed, a scan in energy at a fixed angle chosen where the signal is large allows
to tune the optimal energy to enhance further the signal. In our case, it was necessary
to perform the optimization with respect to the ferroelectric polarization direction. We
then repeated each reflectivity measurement for a positive and a negative saturating
voltage around ±100 V applied in DC through the sample and obtained the AV+

XRMS and
AV−

XRMS .
To confirm the effect observed, one should compared the results obtained with mag-

netic field reversal and light helicity reversal and insure that they are identical. Also, one
can select the angle for which the ME effect is maximal and perform an energy dependent
scan of the XRMS asymmetry on the whole L-edge region at fixed angle.
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4.2.2 Magneto-electric interface in the system Fe/BaTiO3

A first verification to be made is the presence of metallic and magnetic Fe. In Fig. 4.5
- Left we can see that the signal of Fe of sample S3 (see Table 4.2) is metallic like.
A shoulder on both sides of the absorption maximum at hν= 706.8 and 708.5 eV and
indicate mild traces of oxidation probably coming from the top interface with the capping
layer. This supposition is supported by the observation of larger Fe oxide contribution
for samples with thinner capping layers.

Figure 4.5: XRMS at the Fe L-edge sample S3. Left: reflection signal at θ = 7◦. Right:
angle-dependant reflectivity at hν = 705.5 eV.

In the Right panel of Fig. 4.5, we show the angle dependence of the reflectivity taken
at 705.5 eV for a right light helicity σ+ and the two opposite magnetic field directions.
A magnetic field of ±200 Oe is sufficient to saturate the Fe 2nm thin film, see Fig. 4.6.

We then measured the AXRMS signal difference for both directions of the ferroelectric
polarization. The XRMS asymmetry provides a signal that is only of magnetic origin,
so the difference of AXRMS [+100V] - AXRMS [-100V] should present the magnetic mod-
ifications depending only on the ferroelectric polarization. We also note that the XRMS
asymmetry under the same voltage condition are well superimposed. This indicates that
the effect does not involve magnetically asymmetric pinned states at the interface, but
rather a reversible effect voltage directed only.

The angle and energy at which the effect is maximal is found for hν = 705.5 eV and
2θ = 37◦ and represents a change of about 4.6% of the asymmetry, see Fig. 4.7 - Left.
The mid-range angle indicates a rather in-plane magnetic change.

The small effect obviously depends on the voltage sign. Voltage can induce the rever-
sal of the ferroelectric polarization in the ferroelectric, but also a mechanical response in
the ferroelectric. The effect of the ferroelectric induced charges is associated to a strain
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Figure 4.6: Ferromagnetic reflectivity loop at θ = 7◦ at hν = 705.5 eV. The shape and
direction of the hysteresis is strongly angle and energy dependent. Here, it is inverted and
displays a slanted trend at saturation but the hysteretic behavior and coercive magnetic
fields are obvious.

effect inherent to the piezoelectric nature of ferroelectrics but also to the ferroelastic
domain switching of BaTiO3. The domain orientation should be mostly out-of-plane,
but crystals usually show a non-negligible a-domains fraction that can contribute to the
in-plane strain effect under voltage. We can still say that according to symmetry, we can
discard this interpretation in the present argument. Strain effects are mostly symmet-
rical and do not depend on the FE polarization direction. Also, unlike the usual case,
we recorded no sign of electro-migration or oxidation of Fe along the experiment which
comforted us on the minimal interface aging induced by the voltage in the present case.
The result in Fig. 4.7 – Right can thus be attributed to a pure charge effect.

4.2.2.1 Pinned moments at the interface

In this section, we want to stress out the importance to have a well defined interface in
such a ME experiment. The interface is a very sensitive and reactive place for a multitude
of energy minimizing phenomena to take place. In the following, we discuss on the likely
presence of pinned magnetic moments at the interface providing a very large signal on
voltage and/or light helicity reversal which are not accountable to a magneto-electric
effect.
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4.2. Measuring the influence of the FE polarization on the magnetic electrode by
XMCD and XRMS

Figure 4.7: Left: A ferroelectric polarization loop taken at 700 Hz. One should note
that 100 V applied constantly during the measurement are sufficient to saturate the
ferroelectric polarization because the coercive field diminishes as the measurement fre-
quency decreases. Right: The magnetic asymmetry for saturated polarization pointing
towards(+100V) the interface or away(-100V) from the interface. We can see a slight
difference (circled in yellow) at about 37◦.

Among the sample measured at the SEXTANT beamtime, we evidenced a large signal
on sample another Type 2b sample (see Table 4.1) presenting the same basic features as
the sample described in the previous section, with mild Fe oxide traces and a slightly
rougher interface. The voltage induced effect observed was very large and mostly located
at high angles, indication that the voltage effect acts on moments with a strong out-of-
plane component, see Fig. 4.8. We observed the largest effect around 47◦. We note the
obvious separation of the AXRMS taken with σ+ and σ- that should be superimposed in
an optimal case, as seen in Fig. 4.7 - Left.

Also, the offset between AXRMS - σ+ and AXRMS - σ- for each voltage at a given
angle is always of the same sign, i.e. when the dark red curve is under the light red, the
dark blue curve is under the light blue. This might indicate interface spin states with a
preferred magnetic orientation.

These elements suggest that the large effect observed comes from interface states with
pinned magnetic moments. It is therefore difficult to affirm that we observed a magnetic
change in the interfacial Fe layer based on a charge induced modification of the band
structure of Fe at the interface. It rather seems that the large effect comes from a pinned
spin configuration at the interface that can be predominantly influenced both by the
interface quality susceptible to evolve with voltage application and the strain induced
by the substrate at the interface. And in regard to the very small effect exposed in the
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Figure 4.8: Angle dependence of the XRMS asymmetry AXRMS under -100V (red) and
+100V (blue). The darker color tones are for measurements taken with circular right
(σ+) helicity, light colors for circular left (σ-).

previous section, some minor contribution from the polarization direction.

4.2.2.2 Magnetic moment induced on Ti at the BaTiO3/Ferromagnet inter-
face

We report here the presence of a magnetic signature on Ti atoms recorded by XRMS at
room temperature at the beamline ALICE. In Fig. 4.9 - Left, we show the reflection
spectrum of the Ti L-edge taken at θ = 15◦ and the associated dichroic signal in light
orange.

On the Right, we can see a very clear magnetic hysteresis taken at 458.87 eV (
averaged out of 4 consecutive scans), similar to the results exposed in Fig. 1.13 on a
similar system [87]. The difference here is in the use of a BaTiO3 substrate instead of a
thin film. This result proves that at the interface with a ferromagnet such as Co, the Ti
ions get a magnetic polarization by proximity effect, hence making interfacial BaTiO3 a
multiferroic. One of the goals of our experiment was to show the theoretically predicted
modulation of this magnetic induced moment on Ti with the ferroelectric polarization
[85], see Fig 1.12.
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Figure 4.9: Left: Angle dependent reflectivity and dichroic signals of a Type 1 sample at
the Ti L-edge at room temperature. Right: Magnetic hysteresis loop at the Ti L-edge at
θ = 15◦ and hν = 458.87 eV clearly showing the multiferroic character of the interfacial
BaTiO3 in contact of the Co magnetic thin film.

The attempt to see a modification of the properties of this hysteresis with voltage
and ferroelectric polarization direction gave no conclusive results.

4.3 Dichroism at Pd L-edge induced by ferroelectricity?

Similarly to the previous experiment, the idea here is to build a magnetoelectric structure
with a ferroelectric BaTiO3 and a paramagnet Pd and see if the charge effect of the
ferroelectric polarization can induce a ferromagnetic moment on interfacial Pd. Ideally,
Pd would switch from ferromagnetic to paramagnetic with respect to the ferroelectric
polarization direction.

4.3.1 Pd band structure and Stoner criterion argument

The Stoner criterion is a robust indication of the propensity of a solid to have a ferro-
magnetic ground state. It is expressed as follows:

I.N(EF ) > 1 (4.1)

with I the exchange integral, or Stoner exchange constant, and N(EF ) the density
of states of the solid at the Fermi level.

If the product of these two parameters is larger than 1, the material is ferromagnetic.
In 1977, Janak obtained the Stoner exchange constant , density of states at the Fermi
level and Stoner product from non magnetic ground state calculations of 32 elemental
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metals including the 3d and 4d series, in either bcc or fcc crytal structures [183]. His
results are presented in Fig. 4.10.

Figure 4.10: Calculated values of Top I the exchange-correlation integral, Center
N(EF ) the density of states at EF , and Bottom I.N(EF ) the Stoner product for 32
elemental metals [183].

The exchange integral I tends to decrease with increasing Z and Pd has one of the
lowest values, see Fig. 4.10 - Top. Calculation showed that the value of I is quite
insensitive to the crystal structure, in the contrary of the density of states [184]. The
large value of the Stoner product can be attributed to materials with the d band close to
full, because it favors both a higher value of the exchange constant and a large density
of states. At the end of the 3d series, the I.N(EF ) product is sufficiently large for
ferromagnetism, but not for the 4d series. This is due to the fact that 4d orbitals are
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more spatially extended, resulting in a broader orbital overlap in the crystal, which
further implies a smaller density of states in overall comparison with 3d elements.

Consistently, we can see in Fig. 4.10 - Bottom that fcc Pd has a sub-unity Stoner
product around 0.8, indicating that the nonmagnetic configuration is more stable. This
prediction is in accordance with the paramagnetic fcc ground state calculated [185] and
experimentally observed of Pd [186]. Yet, we note that the value of the product is quite
high and close to 1. The Stoner criterion could then be fulfilled if one of the quantities
involved could be increased. As said before, the exchange integral cannot easily be
modified. On the other hand, the density of states strongly depends on the orbital
overlap and the number of electrons per atom and so can be consequently affected by
external pressure [187], [188] and electronic doping. It has been shown that as few as
1.25% of Fe [189], 0.01% of Co [190] or 2.32% of Ni [191] in Pd stabilizes a ferromagnetic
ground state in the Pd-based compound mainly by increasing the value of N(EF ).

These observations and the steep variation of the density of states of Pd around the
Fermi level suggest that with charge accumulation/depletion by field effect, it is theoret-
ically possible to modify N(EF ) of the interfacial layer of Pd, i.e. within the screening
length of the metal, and induce there a paramagnetic to ferromagnetic transition.

From this hypothesis, Sun et al. demonstrated by first principle calculations that a
paramagnetic fcc Pd thin film of 2 mono-layers deposited on a substrate of Ag(001) can
become ferromagnetic by the application of an external electric field. The mechanism,
as suggested above, consists in the depletion of electrons in the near-surface Pd to screen
the electric field [192]. The interfacial charge density is then decreased and the Fermi
level in first approximation is displaced to a lower energy where the density of states is
larger.

In Fig. 4.11 - Right, we can see that an electric field of 1.5 V.Å−1, which, according
to the electrostatic theory, corresponds to a charge density σ = ǫ0.E = 0.008 e+.Å−2 and
is equivalent to a polarization of 12.8 µC.cm−2, is sufficient to stabilize a ferromagnetic
ground state in both monolayers. The effect is directly correlated to the monotonic
increase of N(EF ) caused by the electric field, see Fig. 4.11 - Center.

Importantly, we note that Sun et al. used different elements in addition to the
electric field to favor the onset of ferromagnetism in the Pd monolayers. First, the
bulk parameters of Pd and Ag are respectively aPd = 3.89 Åand aAg = 4.09 Å. In the
calculation, the thin film of Pd is constrained on the Ag(001) substrate which represents
a tensile in-plane strain of 5%. Chen et al. reported ferromagnetic in bulk Pd with a
lattice constant 5.5% larger, the effect being attributed to the localization of 4f states
[188]. Second, the calculation also takes advantage of the surface-induced modifications
of the density of states (Fig. 4.11 - Left), that yield a Stoner criterion of 0.96 with the
exchange integral I estimated to 0.65 eV from constrained moment calculation [193], well
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Figure 4.11: Left: LDOS projected on (a) the surface and (b) the subsurface Pd atoms
in the Pd/Ag(001) slab under zero applied field in the nonmagnetic configuration. Solid
curves are d states, dotted curves are s states. Center: Density of states at the Fermi
energy for paramagnetic Pd as a function of electric field. Symbols display the DOS from
the first-principles calculation for the surface S (squares) and the subsurface S−1 (circles)
Pd monolayer. Right: Magnetic moment as a function of electric field. Symbols display
the magnetic moment from the first-principles calculation for the surface S (squares) and
the subsurface S − 1 (circles) Pd monolayer. [192]

above I.N(EF ) = 0.8 obtained for fcc bulk Pd.

4.3.2 Dichroic measurements in absorption on at Pd L-edge

Conceptually similar, it should be possible to build a magnetoelectric interface between
Pd and a ferroelectric where the ME interaction is mediated by charges and the ferro-
electric polarization could act as a switch to ferromagnetism. The interest of using a
ferroelectric field effect arises from the larger charge accumulation induced by the ferro-
electric polarization in comparison to a regular electric field effect.

4.3.2.1 Ferroelectric field effect on Pd, what to expect?

The principal system we built, Pd(1.2 and 2.4 nm)/BaTiO3/Au(50 nm) adopts the struc-
ture presented in Fig. 4.12 - Left. No capping layer was necessary in this experiment
thanks to the weak oxidizability of Pd. The ferroelectric cycle of the sample shows a
clear quasi-symmetrical hysteresis, with well defined coercive fields, see Fig. 4.2.

4.3.2.1.1 Technical details For comparison, we also measured other samples, in-
cluding Pd(1.2nm and 2.4nm)/BiFeO3(7 u.c.)/LNO(10nm)/LAO (sustrate) involving an-
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Figure 4.12: Left: Pd(1.2 and 2.4 nm)/BaTiO3(substrate)/Au(50 nm) with the FE
polarization of BaTiO3, P ∼ 21 µC.cm−2, pointing away from the Pd thin film. Cen-
ter: Pd(1.2nm and 2.4nm)/BiFeO3(7 u.c.)/LNO(10nm)/LAO (sustrate) with the FE
polarization of BiFeO3, P ∼ 60 µC.cm−2, pointing away from the Pd thin film. Right:
Pd(2.4nm)/LSAT(substrate), a reference sample with no FE polarization.

other ferroelectric, BiFeO3 in ultrathin film, and Pd(2.4nm)/LSAT(substrate) for a com-
parison with a non ferroelectric oxide substrate. We note that with a BaTiO3 substrate,
the ferroelectric switching conjugates both a strain effect and a charge effect, whereas
in the case of the thin film of BiFeO3, there is only a charge effect. (The growth of the
BiFeO3(7 u.c.)/LNO(10nm)/LAO (sustrate) samples was performed by Flavio Bruno.
The LNO layer is used as a back electrode. The sample was then extracted from the
PLD chamber, exposed to air, then introduced in the sputtering chamber. An oxygen
plasma was done before sputtering the Pd thin film at room temperature.)

The pre-poling of the BiFeO3 thin films were done with Stephane Fusil by AFM in
contact mode, with the tip on the Pd top electrode. A tension of 6V was then applied
between the Pd top electrode and the LNO bottom electrode. The ferroelectric polar-
ization was directed away from the interface to induce a positive charge accumulation in
Pd to screen the negative charges of the polarization.

The poling could not be done with the Aixacct device as for the BaTiO3 substrates
because of the extreme thinness of the BiFeO3 layer.

4.3.2.1.2 Charges induced by the FE polarization In BaTiO3, the expected
ferroelectric polarization at saturation of our substrates is Ps ∼ 20 µC.cm−2 = 0.0125
e.Å−2. This value corresponds to an electric field of about 2.25 V.Å−1. For reference,
we note from Fig. 4.11 - Right that the moment induced by such a field theoretically
stabilizes a moment of 0.1 µB per Pd atom. BiFeO3 ultrathin films develops a larger
polarization with about 60 µC.cm−2 = 0.0325 e.−2, and equivalent to an electric field
of V.Å−1, which is more than twice the electric field of 1.5 V.Å−1 used in [192] to see a
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ferromagnetic response in Pd.

We however do not expect a direct comparison between the calculation and this
magnetoelectric experiment because the conditions are very different: the Pd thickness
is well above 2 monolayers and the deposition is not epitaxial so we suppose a full
relaxation of the Pd films, on the contrary to the strained films in [192]. The substrate
is an oxide, and effects of the hybridization between the substrate and Pd are unknown.

4.3.2.2 XMCD at the Pd L3 edge on the Pd/ferroelectric systems

The experiment was carried out on the ESRF hard X-rays beamline ID12, with Andrei
Rogalev and Fabrice Wilhelm. The line offers fast switching circular and linear polarized
X-Rays by helical undulator devices, with energies ranging from 2 keV to 15 keV. For
information, the beam size can vary from 100 × 20 µm2 to 1.0 × 1.0 mm2. The hard
X-Ray energy range was necessary to reach the energy levels of Pd L3-edge around 3.173
keV.

The samples were mounted together on a copper holder. The measurements were all
performed at 4.2 K. This temperature implies that BaTiO3 is rhombohedral during the
measurement. To verify that the structural transitions from tetragonal to orthorhombic
to rhombohedral (see section 3.1.1.1.1) did not affect the ferroelectric polarization direc-
tion, we verified in-situ that the polarization state was kept after the measurement, when
the sample was brought back at room temperature.

The dichroic measurements were taken at a grazing incidence of 10◦ under an al-
ternating magnetic field of 7 kOe for one light helicity. The same protocole was then
repeated for the other helicity, as described in section 4.2.1.

Fig. 4.13 show the XAS signal at the L3-edge of Pd in the energy range from 3.165
keV to 3.2 keV. For an easier comparison, the signals are normalized to 0 at 3.165 keV
and around 1 at 3.2 keV.

The intensity of the white line is proportional to the number of holes in the 4d
valence band of Pd. In the thinner film of Pd, the interface has a greater contribu-
tion. The difference between the XANES of Pd(1.2nm)/BiFeO3 and Pd(2.4nm)/BiFeO3

can thus be attributed to an interfacial effect. The larger white line observed on the
Pd(1.2nm)/BiFeO3 shows that the Pd at the interface has more holes in the 4d band.
This likely due to the hybridization of Pd with BaTiO3 O atoms at the interface. This
hybridization likely induces a modification of the Pd DOS at the interface, and could
completely modify the expected outcome of the field effect. We generally see that the
XANES signals from all samples show a larger absorption peak in comparison to metallic
Pd.

A thorough study of O adsorbates on metallic Pd in hcp and fcc structures by first
principles indeed shows that the DOS landscape around the Fermi energy of Pd hy-
bridized with O is completely modified [194]. Based on a symmetry argument, the
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Figure 4.13: XANES signal of metallic Pd L3-edge in bulk (darkest red), and Pd thin
layers on oxide thin films and substrates (lighter colors).

hybridization occurs between the O 2p orbitals and the out-of-plane t2g orbitals 4dxz
and 4dyz of Pd. Todorova also observed a depletion of the orbitals pointing towards O
whereas the the ones pointing away show an enhanced electron density [194].

Fig. 4.14 presents both the XANES and XMCD signals of Left the Pd(1.2nm)/BiFeO3

sample and Right the Pd(2.4nm)/BaTiO3 samples for both polarization directions. We
can clearly see that for both samples, the XMCD signal indicates no detectable traces
of magnetism that would be larger than the noise level, around 0.05%. We can conclude
that the experiment as performed is conclusive and reports that no magnetic moment
could be induced in textured Pd thin films grown on both a ferroelectric substrate and
thin film.

In order to improve this experiment, it could be interesting to grow epitaxial Pd on
a ferroelectric thin film, and to prevent the contamination of the interface, the growth
should be done all in-situ. The epitaxial conditions could also favor the ferromagnetic
ground state by imposing a tensile strain. A growth performed on an LaAlO3, as done
here with samples involving BiFeO3 is not favorable because its cell parameter 3.79 is
smaller than fcc Pd. Growth on SrTiO3 substrates could be a good option because its
the cell parameter 3.905 is slightly larger and both BaTiO3 and BiFeO3 can grow on it.

Also, it could be interesting to compare observations with first principle calculations
on the effects of hybridization of Pd with O and Ti, and predict the influence of such
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Figure 4.14: XANES and XMCD signals of Left the Pd(1.2nm)/BiFeO3 sample with
the polarization pointing away from Pd and Right the Pd(2.4nm)/BaTiO3 samples for
both polarization directions. No XMCD signal is detected.

phenomena on the band structure and local magnetic moment formation.

4.4 Sum up

In this chapter we reported the attempt to build a magneto-electric system mediated by
the interface between typical ferromagnets, mainly Fe and Co and a ferroelectric crystal
of BaTiO3. In order to study the coupling of ferroelectric and ferromagnetic properties
at the interface, we chose to use a surface sensitive and element specific technique, the
XRMS, available synchrotron facilities. More precisely, we expected to experimentally
show the modulation of the magnetic properties of the FM layer and magnetic moment
induced on interfacial Ti atoms of BaTiO3, when the ferroelectric polarization is switched
(in-situ) up (pointing towards the magnetic thin film) or down (pointing away from the
magnetic thin film).

This lead us to face technical limitations of the experiment such as the aging of the
interface between BaTiO3 and the reactive ferromagnetic species, that we understood as
the progressive oxidation and building of charge traps as the electric field is consecutively
applied throughout the sample. We reduced the occurrence of these aging and oxidation
issues by performing oxygen plasma before growth of the ferromagnetic thin film to
insure a very clean interface and, for instance, prevent the appearance of pinned magnetic
moments at the interface, and limiting the external electric field to 50/100V at most to
preserve the ferroelectric switching of the BaTiO3 substrate.

We finally showed that there is a very small in-plane modulation signal of the mag-
netic moment of the Fe layer in a Fe(2nm)/BaTiO3 sample arising from the ferroelectric
polarization reversal.
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4.4. Sum up

Similarly, we performed the same type of experiment in absorption (XAS and XMCD)
on Pd(2.4nm)/ferroelectric samples to see if, as predicted by a theoretical study [192], a
ferromagnetic moment could be induced on Pd by ferroelectric field effect. We did not
observe the appearance of a magnetic moment on Pd. Progress could be made regarding
this last experiment by growing Pd epitaxially on a ferroelectric substrate and performing
first principle calculation on the exact system to be measured.
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In this section, we present our work on the growth of FeRh ultra thin films on sub-
strates and oxide thin films. The ultimate goal was to obtain state of the art FeRh films
with bulk like properties at thicknesses below 10nm. Ideally, these films were intended
to be used for the realization of a magnetoelectric system similar to the ones already
presented in section 4.

Most of the studies conducted on FeRh in the literature were performed on macro-
scopic samples because the interest was rather directed towards the pure description and
understanding of the metamagnetic transition. Nowadays, the possibility to grow ordered
alloys with modern growth techniques in very thin films and the renewed interest in the
properties of FeRh aroused interest in the growth and study of FeRh in thin films in the
perspective of technological application. Recent papers, starting in 2009 [157], demon-
strate the possibility to obtain bulk-like magnetic properties in FeRh epitaxial thin films
in the 50nm-20nm range.
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Our purpose was first to reproduce the literature results on various oxide crystals,
then to reduce the film thickness as much as possible and still maintain a clear signature
of the metamagnetic transition and a bulk-like transition temperature, between 350 K
and 400 K. The first growth challenge was to obtain state of the art FeRh thin films
in the 20-50nm thickness range. We then tried to stabilize the α′ phase with a clear
metamagnetic transition for thicknesses below 20nm.

5.1 Optimization of the sputtering growth conditions of FeRh
thin films

We started the optimization process from the conditions found in the literature. Suzuki
et al. [157] presents the first set of good quality thin films grown by sputtering in Ar
pressure. We used this study as a starting point.

The first section presents the first growth sequence using the literature conditions.
We will show the structural characterization of 45nm and 22nm thin films with charac-
teristics resembling state of the art literature data. This first growth campaign helped
to determine a coarse window of working parameters for further optimization of thinner
films. We also explain the role of the different processes used to improve the film quality
and the structural criteria indicating a good film quality.

We then present a second growth sequence of thinner films of 11nm and 5nm where
we varied the growth conditions and post growth treatment in a more systematic manner.
Among all features, we would grant much importance to the out-of-plane cell parameter
of FeRh calculated from θ-2θ X-ray reflectivity scans and the magnetization residue in the
AF phase, the transition temperature and steepness of the transition, from temperature
dependent magnetometry measurements by SQUID (for more details on the technique,
see part 3.2.1.2). In order to feedback from sample to sample, structural and magnetic
characterizations were systematically necessary.

Finally, we try to extract the principal and remarkable thickness-dependent magnetic
properties of the thin films of FeRh.

5.1.1 Technical details

5.1.1.1 Sputtering base conditions

The FeRh thin films were grown from a 2-inches equiatomic Fe50Rh50 target by RF-
sputtering under a controlled atmosphere of Ar, see 3.1.2. The base pressure of the
chamber varies from P0 = 8.3 × 10−8 mbar to P0 = 1.05 × 10−7 mbar. We fixed the
target-substrate distance at d = 90 mm and set the RF power to 45W, which yields a
sputtering voltage varying from 660V and 590V in the pressure range 0.5 × 10−2 mbar
- 1.1 × 10−2 mbar. These conditions insure that we are always in a close-to-ballistic
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regime. We kept these settings fixed throughout the optimization campaign.

5.1.1.2 Substrate selection

We used MgO[001] for optimizing the growth of FeRh. It seemed the most judicious
substrate because first, the lattice mismatch between FeRh-bulk and MgO[001] is very
small, second, MgO is stable even at high temperatures which allows to growth reactive
metals with no risk of oxidation. The cell parameter of FeRh in bulk is aFeRh = 2.992 Å
on average (a = 2.987 Å in the AF phase and a = 2.997 Å in the FM phase) and aMgO

= 4.212 Å. FeRh grows on MgO at 45◦, see fig. 5.1.

Figure 5.1: Sketch of the top and side view of an FeRh cubic cell deposited on MgO
[001].

The mismatch is calculated as:

aFeRh

√
2

aMgO
− 1 = 0.45% (5.1)

The mismatch of FeRh on SrTiO3[001] is larger, 8.3%, but the thermodynamic con-
ditions and stoichiometry of the growth plasma still favor FeRh to grow in the α′ phase,
but with more relaxation and residual strain in the films. Succeeding to grow functional
FeRh films on SrTiO3 seems to be a good achievement since a lot of functional oxide thin
films are typically grown on SrTiO3 substrates.

5.1.1.3 Magnetometry characterization by SQUID

All samples of interest were characterized by SQUID to extract the magnetic properties
of the transition for each film, our main interest. We optimized the measurement con-
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ditions and always used the same afterwards. The measurement field is 20kOe (if not
precised in the following) to shift down the transition due to the limitation of the SQUID
measurement temperature at 400K. Temperature dependent measurement of the magne-
tization were performed without stabilization of the temperature at each step, but taken
on the fly, to shrink the excessive measurement duration. We selected a temperature
sweep rate for the way up and the way down that yield a cycle that matches exactly
the cycle obtained with the stabilized temperature step method. The sweep rate on the
ramp up was 2 K.min−1 and on the ramp down, 3 K.min−1. Faster rates would not be
satisfying because they tend to enlarge the cycles due to the slow thermalization of the
sample.

5.1.2 45nm-22nm FeRh thin films

We roughly determined the range of interest of each growth parameter from the literature
[156], [163], [165], [195], [157], [115]. The growth temperature is usually in the 300◦C up
to 530◦C. A few groups perform growth at RT. A post anneal Ta = 700-800◦C is usually
necessary to obtain good transition properties, see section 2.5. The annealing is usually
done in vacuum (at the base pressure of the growth chamber).

We selected the growth conditions found in [157] to start with. They showed that
FeRh grows in the right phase at 530◦C on MgO[001] in an Ar atmosphere of 7.7 × 10−1

Pa. We determined a deposition rate of 0.5 nm.min−1 from growth of a 45nm film under
these growth conditions. It is also reported that a post annealing is necessary to obtain
a highly ordered film and good magnetic properties.

In the first place, we did not perform a post-annealing of the films and observed
a large variation of the alloys characteristics from sample to sample grown under the
same conditions, such as the out of plane cell parameter, presence/absence of parasitic
phase, and more critically on magnetic properties such as the transition temperature and
sharpness of the transition. The annealing process proved to be necessary to stabilize the
statistics and really reflect the growth conditions in the structural and magnetic features
of interest.

5.1.2.1 Epitaxial growth of FeRh

In Fig 5.2, we present structural data of a 45nm FeRh thin film grown on MgO. We used
RHEED cliché after growth to have an idea of the overall phase of the film and surface
quality, Fig. 5.2-b. We present both RHEEDs of the MgO substrate before growth and
FeRh after growth. We see that the α’ phase is rotated by 45◦ on the MgO surface,
as illustrated in sketch 5.1 . These elements are then confirmed by θ-2θ X-Ray scans.
We used a wide range of angles starting at 15◦ up to 120◦ to be able to detect parasitic
phases but also the typical (001) and (003) reflections of the α’ phase of FeRh arising
from a high chemical order, see Fig. 5.2-a.
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Figure 5.2: Structural characterization of a 45nm-thick FeRh film grown on MgO(001)
by a. X-ray diffraction in the θ-2θ geometry b. RHEED c X-ray diffraction φ-scan d
AFM topography.

We also show a φ-scan of the MgO (002) and FeRh(002) reflections, see Fig. 5.2 -
c. The graph shows four occurrences of the reflections spaced by 90◦ for both the MgO
substrate and the FeRh film, typical of a cubic symmetry. We note that the the peaks
of FeRh are shifted by 45◦ with respect to MgO, which confirms the surface orientation
of the film extracted from RHEED images and indicates that the growth of FeRh is
epitaxial on MgO. Fig. 5.2 - d is an AFM image of the surface of the sample. We find an
RMS roughness of 0.36 nm with a peak-peak Z-scale of 3.8 nm in the most homogeneous
areas, and 5.15 nm for the whole image.

5.1.2.2 AF to FM transition

We saw on RHEED images of the surface and further confirmed by X-Rays diffraction
that the films were composed of a unique phase, the α’ ordered (CsCl type) phase of
FeRh. We will show that our films display the first-order metamagnetic transition with
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temperature going from AF at low temperature to FM at high temperature.

5.1.2.2.1 Magnetometry measurement In Fig. 5.3, we present magnetization
versus temperature data taken by VSM under a measuring field of 500 Oe (a) and SQUID
under 20kOe (b) of the sample characterized in the previous section.

Figure 5.3: Temperature dependent magnetometry measurement of a 45nm thin film of
FeRh on MgO performed by a. VSM under 500Oe from 300 K to 750 K and b. SQUID
under 20kOe from 200 K to 400 K.

The VSM measurement cover the full range of the magnetic transitions associated
to FeRh. At low temperature, we can see a region of low magnetization associated to
the antiferromagnetic phase. Rising temperature up to about 388 K we see the onset of
a sharp magnetization increase typical of a first order magnetic transition from AF to
FM. The sample becomes then ferromagnetic with a moment of about 1100 emu.cm−3.
The magnetization slowly drops as temperature is further increased, following a typical
Curie-Weiss trend. At about TC = 650 K the sample reaches its Curie temperature,
marking a second order phase transition from ferromagnetic to paramagnetic where the
magnetization is zero. Decreasing the temperature from above TC , the magnetization
follows the same path until it reaches a maximum magnetization value close to 370 K and
then drops to zero, reaching back the AF phase. The transition is hysteretic, indication of
a finite latent heat involved, typical of first order transitions. The width of the transition
is about 18 K. Fig. 5.3-b replicates the measurement by SQUID magnetometry on a
lower temperature range and under a higher magnetic field of 20kOe that switches the
transition to a lower temperature.

In the following, we will use SQUID magnetometry for systematic magnetic charac-
terization.

5.1.2.2.2 Field dependence of Tcrit Due to the linear dependence between the
critical magnetic field Hcrit and critical temperature Tcrit, it is possible to shift down the
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transition temperature by applying an external magnetic field, see section 2.2.5.

Figure 5.4: a M(T) under 500Oe (light blue), 20kOe (intermediate blue), 50kOe (dark
blue) of a reference 45nm FeRh thin film. b Temperature derivative of the M(T) presented
in a. c Linear field dependence of the transition temperature. d Field dependence of the
transition width.

In Fig. 5.4-a we show the temperature dependence of the magnetization of a typ-
ical 45nm annealed sample for three different magnetic fields, 500 Oe, 20 kOe and 50
kOe. Fig. 5.4-b presents the temperature derivative of the magnetization, dM(T )

dT , for
all measurements. We identify the transition temperatures T↑ and T↓ as the high and
low point of inflection (maxima of the derivative) for each hysteresis. Fig. 5.4-c shows
the dependence of Tcrit versus H applied. We get a coefficient dTcrit

dH = 7.7 K.Tesla−1,
consistent with literature values [126]. We note that the hysteresis width does not seem
to depend on the external magnetic field, staying around 15K for each field, Fig. 5.4-d.

5.1.2.3 Post-annealing

The post-annealing step is a key procedure to obtain a sharp metamagnetic transition.
Its effect is mostly to enhance the chemical order of the alloy and reduce inter-site mixing.
The first studies on FeRh alloys all report a long step of post-annealing [93], [97], [94].
It was all the more necessary as the alloy was prepared from multi-layers of Fe and Rh
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that would melt and mix at high temperature for several hours, sometimes even few
tens of hours. The process is still fundamental in thin films. We realized this because
not annealed films grown under the exact same conditions showed a very large variance
of their properties, especially visible on the sharpness of the transition and magnetic
moment in the AF phase.

For thin film grown by sputtering, the growth process is different but post annealing
treatments cannot be avoided, see section 2.5.1.3. One could schematically think that,
because the plasma already contains the desired stoichiometry, the growth conditions
should suffice to provide an already well ordered alloy. And this idea would stand even
more for growth at high temperature and low deposition rates as the film should have
more time and energy to reconstruct under these conditions. But in facts, one should
realize that the species dynamics at the surface of the film and in the film are very different
during the sputtering process under Ar pressure, and after growth, under vacuum and
exempt from energetic collisions.

Important factors such as the species mobility and the energy cost to reorganize in
the lowest energy configuration depend on the growth temperature, pressure and depo-
sition rate for each atom type. And of these parameters also depends the stoichiometry
of the plasma over time because the characteristic fixation of the atoms of the plasma
on the film is species dependent, creating composition inhomogeneity along the thickness
direction.These fluctuations can have a critical influence on the functional properties of
the alloy film. The annealing can solve these problems and smooth the growth imperfec-
tions. But it can also have undesired effects, like to transform a previously 2D surface
into 3D islands.

The annealing process used here is very simple and can be defined by three factors:
the annealing temperature Ta (in the RT - 800◦ range) and pressure PX (vaccum, i.e.
the base pressure of the chamber 8.10−8 mbar), the annealing time ta (from a few tens
of minutes up to several hours). (We note that the annealing atmosphere and pressure
can be crucial after growth of other materials, for instance after growth of certain oxides,
it is necessary to anneal under oxygen pressure to lower the density of O vacancies,
responsible to several modifications of the oxide properties.)

5.1.2.3.1 Enhancement of structural and magnetic properties In the follow-
ing, we show the effects of annealing on the structural quality of the films and the
sharpness of the magnetic transition. We also try to understand these improvements
at a microscopic level via X-ray spectra analysis, in terms enhanced crystallite size and
chemical order.

In Fig. 5.5, we present X-ray spectra and temperature dependent magnetization of
the 45nm reference sample as grown, and post-annealed.

We note that the FeRh(002) reflection shifts towards higher values of 2θ after anneal-
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Figure 5.5: a X-ray spectra of a 45nm reference sample as grown (dark blue) and post
annealed at 800◦C for 30 min (light blue) and b their corresponding M(T) obtained by
SQUID magnetometry under 20kOe.

ing, indicating a reduction of the out-of-plane cell parameter cOOP from 3.023 Å as grown
to 2.997 Å after annealing at 800◦C, see the insert in Fig. 5.5-a. This cell parameter is
closer to the bulk value of FeRh. We also note that the width of the FeRh(002) reflection
after annealing is narrower, indicating a better crystalline quality. In Fig. 5.5-b we show
the associated M(T) for both samples (with respect to the color code). We can see that
the post-annealing step enhances the steepness and decreases the width of the magnetic
transition. We also note that it leaves the transition temperature unchanged.

These results clearly show that the post-annealing treatment enhances the crystalline
quality of the film resulting in a sharper transition. This indicates that both the chemical
order and the cristallinity of the films play a role in the transition quality but not on
the transition temperature. We also think that the displacement of the out-of-plane cell
parameter towards the bulk value of FeRh is a sign of better magnetic properties of the
film.

The crystallinity of the film can be measured from the θ-2θ spectra in Fig. 5.5-a via
an analysis of, for instance, the FeRh(002) reflection of FeRh. The contraction of the
FeRh(002) peak width after annealing is directly related to a crystallite size increase. We
can estimated the crystallite size from the Scherrer equation [196]:

β(2θ) =
Kλ

τ cos θ
(5.2)

with β the line broadening at half the maximum intensity (FWHM), K is a dimen-
sionless shape factor, λ the X-rays wavelength, θ the Bragg angle and τ the size of the
crystallites. We now want to select a value for the shape factor K, that is usually found
within the range 0.81 < K < 1.03. The crystallites of FeRh seem to be spherical accord-
ing to AFM images of the surface (see Figs. 5.2-df and 5.14-c) and the crystal structure
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is cubic. A common value for spherical crystals with cubic symmetry is K = 0.94 [197].
We select the (002) peak and calculate its the FWHM. We note that the broadening

arising from the instrumentation cannot excess 0.2 ◦, which is smaller than the width of
both reflection peaks. Even though a precise analysis would be interesting, we mainly
want to extract comparative results and trends. Also, both X-ray spectra are comparable
as we used the same settings for all X-ray spectroscopy measurements.

The crystallite size for the sample as grown is about 10.7 nm which increased to
19.5 nm after annealing, almost twice the initial size. This increase in grain size of the
FeRh film can explain the change in steepness of the magnetic transition. Indeed, if the
size distribution of the grains has a higher average value and a smaller dispersion, the
distribution of the activation energy associated to the magnetic transition of each grain
will follow the same trend, resulting in a sharper transition.

We should precise that the contributions to the θ-2θ peak profile can arise from the
crystallite size, the instrument profile and a peak broadening due to microstrain. Here
and in the following, we will make the assumption that the broadening changes of the
peaks are only coming from a change in the crystallite size.

We can also try to estimate the effect of the post-annealing on the chemical order of
the α’ phase. We can get a quantitative estimation of the chemical order parameter S of
the thin film from the relative intensities of the [001] peak and the [002] peak, used on
the same system by [153] and [164]. S can be expressed as:

S = rFe + rRh − 1 (5.3)

Where rX represents the proportions of X sites in the crystal that are occupied by the
atoms of type X [198]. The average structure of a completely disordered α-FeRh phase
is bcc for which the [001] and [003] Bragg reflections are forbidden. A total disorder is
represented by the case S = 0, with rFe = rRh = 0.5. In the chemically ordered α′ phase
(CsCl type), the primitive cell is cubic and no more bcc because of the different atom
that lies in the central position of the cell. This situation translates into rFe = rRh = 1,
leading to the chemical order parameter S = 1. As the cell is no more bcc all odd and
even [00l] reflections are allowed. The ratio between the integrated (001) and (002) peak
intensities in the reciprocal space is then proportional to the chemically-ordered fraction
of the sample. We can approximate the integration of the triple integral by just the
intensities of the peaks in the θ-2θ plane, so S can be expressed as:

S =

√

Iexp001/Iexp002
√

Ical001/Ical002
∼

√

Iexp001/Iexp002
1.07

(5.4)

With Iexp001 and Ical001 are the measured and theoretical intensities taken from [153].
According to the comparison of the structural and magnetic data presented in Fig.

5.5, we should be able to evaluate the link between the out-of-plane cell parameter cOOP

and the chemical order of the sample. We calculated S for both samples, and found that
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Sna = 1.13 for the not annealed sample and Sa = 0.96 for the annealed sample. This
result is surprising because S should not be larger than 1. The fact that the calculation
gives a value larger than 1 shows that the approximation of the triple integral by only
the intensity of the peak in the θ-2θ space is not viable. To be a bit more precise, we
can integrate the intensities of the peaks in the θ-2θ plane instead of just taking the
intensities. We find Sna = 0.87 and Sa = 0.83 which again gives Sna > Sa, but with
strongly reduced difference.

We know that annealing should increase the chemical order of the film. This odd
result is probably due to a large misalignment of the crystallites, inducing a broadening
of the reflection peaks in the reciprocal space. A large misalignment would lead to an
enlargement of the peaks width in ω. And the broadening should be twice as large for
the [002] reflection than the one of [001], resulting in a greater subsidence of the [002]
intensity with respect to [001].

As we only integrate under one q� value, i.e. one value of ∆ω, we don’t take into
account the breath of the peak due to mosaic spread. The annealing tends to reduce the
mosaic spread, logical consequence of the grain size increase and thus, our approximate
calculation of S gets closer to its exact value.

This being said, if needed we can still compare the values of S as done above, to
obtain an indication of the reduction of grain mis-orientation, but only between films of
the same thickness, and the relation is inverted, meaning that a smaller S indicates less
mosaicity. We can thus consider that according to [164], the chemical order of FeRh is
enhanced by post-annealing. But as we also understood, the mosaicity of the films is
reduced.

The results above show that the annealing favors a more homogeneous film structure
and as the transition of FeRh is sensitive to volume fluctuation, it outcomes better
magnetic properties of the film. It also seems that these positive effects on the transition
can be associated to a smaller average cOOP , closer to the FeRh bulk value.

5.1.2.3.2 Can post-annealing be avoided if growth at a higher temperature?
Here we try to see if the annealing can be avoided if the growth was performed at higher
temperature, giving more energy to the species to rearrange during the growth. We
can contemplate that a higher growth temperature, close to the annealing temperature,
coupled to the long deposition rate of the films (slow because the sputtering mode is
in RF), can provide a better energetic environment for the layers to rearrange. Such a
trick could allow to reduce the time to grow one sample (approximately 4 hours and 30
minutes for a 45nm sample).

So we compared the growth of 22nm-FeRh samples at Tg = 630◦C (S1) and Tg =
700◦C (S2) without post-annealing and a sample Tg = 630◦C with post-annealing at Ta

= 730◦C for 2 hours (S3), see Fig. 5.6. From our discussion in the previous paragraph,
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we think that a decrease of the cell parameter out-of-plane indicates better crystalline
properties of the film.

To calculate the out of plane cell parameter cOOP =
λKα1

sinθpeak
we fitted the FeRh[002]

peaks by a Gaussian function to extract the average peak position θpeak. This procedure
was also used to obtain the FWHM and height of peaks FeRh[001] and [002] to evaluate
the chemical order parameter S. We would approximate the intensity integration of each
peak by the product of its FWHM and maximum height.

Figure 5.6: a: FeRh[002] reflections in the θ-2θ geometry for three 22nm samples grown
at 630◦C, 730◦C and 630◦C + post-annealed at 730◦C. b: Graph presenting the order
parameter S (blue) and the crystallite size (green) function of cOOP .

In Fig. 5.6-a we can see a slight change of the out-of-plane cell parameter cOOP , 3.015
Å to 3.012 Å with increasing temperature from S1 to S2. This change is small compared
to the large decrease of cOOP of the annealed sample S3. In Fig. 5.6-b, we can see
the associated crystallite size and S parameter to each sample, function of their cOOP .
Obviously, a higher growth temperature alone is not sufficient to increase the crystallite
size, which is approximately the same for samples S1 grown at 630◦C and S2 at 730◦C.
We also notice that the S parameter decreases from S1 to S2, which according to the
inverted relation discussed in the previous paragraph, indicates both that the sample S2
has less mosaicity and a better chemical order. On the other hand, sample S3 shows
both a larger crystallite size and a well lower S parameter.

The annealing, as expected, has an effect both on the enlargement of the grain size
and on the chemical order of the cell. On the contrary, the growth temperature seems
to only act on the chemical order, following the linear relation between the factor S and
the out of plane cell parameter cOOP . It is therefore necessary to post-anneal the sample
to increase the crystallinity of the FeRh film and obtain a sharper magnetic transition.
(We recall here that the S parameter is used as an indicator of the chemical order even

124



5.1. Optimization of the sputtering growth conditions of FeRh thin films

though the trend is inverted, meaning that a lower value of S indicates a higher order,
see previous paragraph.)

5.1.3 11nm-5nm FeRh thin films

At the time of our FeRh growth study, there was no record of sputtered FeRh thin films
in the 10 nm range of satisfying quality. The only attempt is reported in [157] where the
FeRh is not completely AF in the low temperature range, the shape of the hysteresis is
distorted and the transition temperature is shifted down to RT, see 2.5. Another study
from 2010 by Lee et al. [159] report the possibility to obtain the right phase of FeRh
and the bulk like magnetic properties in only 10ML of FeRh deposited by co-evaporation
on W(001), evidence that it should be possible to stabilize thin films in the 2nm-10nm
thickness range with the good properties.

The first set of growth presented above was useful to get a frame of the growth
parameters and important features to analyze. We set a second optimization campaign for
thinner films in the 11nm-5nm. The roughness becomes more critical for low thicknesses.
A main effect we also observed is the great reduction of the moment in the FM phase
as the thickness diminishes below 45nm. The moment in the FM phase drops from M
∼ 1150 emu.cc−1 to M ∼ 300 emu.cc−1 for a 5nm thin film, we’ll comment on this in
section 5.2.1.4.

From the first campaign, the most important observation we made was on the critical
role of post-annealing in the film properties, more important than growth pressure and
temperature. A post-annealing is necessary to obtain reproducible samples under the
same growth conditions and so, be able to compare their physical properties. Conse-
quently, before optimizing the growth pressure and temperature of thinner films, we first
optimized the post annealing process In this section, we report on the post-annealing
temperature and time, followed by the growth temperature and growth pressure of FeRh
thin films in the 5-11nm range.

5.1.3.1 Post-annealing optimization

5.1.3.1.1 Annealing temperature In Fig. 5.7-a, we present three X-rays spectra
of FeRh thin films of 11nm nominal thickness, all grown under the optimal conditions
found for thicker films, i.e. PAr = 8.59.10−1 Pa, Tg = 630◦C.

The dark, intermediate and light-red curves represent respectively samples not an-
nealed, annealed for 60 min at Ta = 730◦C and annealed for 60 min at Ta = 800◦C.
We can see the evolution of cOOP in Fig. 5.7-b. Both confirm that the quality of the
sample improves with increasing annealing temperatures. However we can see on the
XRD spectra that a peak typical of the γ-FeRh phase appears for the sample annealed
at 800◦C (light red). Ths fcc parastic phase is not really a problem in itself because it is
paramagnetic and should not contribute much to the M(T), especially at high tempera-
ture. Suzuki et al. even estimated that the presence of the γ phase in thin films could
be necessary to stabilize the α’ phase.
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Figure 5.7: a X-rays of three 11nm FeRh thin films, not annealed (dark red), annealed
at 730◦C (intermediate red) and annealed at 800◦C both for 60 min. b cOOP versus
annealing temperature. A blue box is drawn around the c parameter of the sample not
annealed and is plotted at 630◦C for reference. c M(T) of the three samples under kOe.

That said, looking at the the M(T) graphs, Fig. 5.7-b, we see that the sample
annealed at 800◦C has an irregular shape. The moment in the AF phase is large, MAF

= 162 emu.cc−1, and there is a very progressive decrease of the magnetic moment when
going from the FM phase at high temperature to the AF phase at low temperature,
instead of the typical rather abrupt magnetization change typical of first order transitions.
This shape strongly resembles the 10nm M(T) curve from 2.18 [157] (see section 2.5) and
presents the same features, with a large moment in the AF phase, a moment increase at
the transition from low to high temperature and a slow decrease of the magnetic moment
with no defined transition on the high to low temperature branch. Except for the up-
sweep transition temperature T↑ that is kept at about 380 K in our film. [157] also have
a parasitic phase in their film, but they recorded the presence of parasitic γ-FeRh in all
their films, from 10nm to 160nm whereas we find that parasitic phase only for 11nm
samples when Ta = 800◦C. For thin films in the range 22nm-45nm, annealing at high
temperature would only improve the sample quality of the film and no parasitic fcc phase
would appear at 800◦C, see fig. 5.5.

On the contrary, the sample annealed at 730◦C has regular back and forth transitions
and a small moment in the AF phase. One should note that the transition temperature
T↑ is identical for both annealed samples as well as the saturated moment in the FM
phase. We therefore selected Ta = 730◦C as the optimal annealing temperature for 11nm
thin films.
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It is interesting to note that the phase diagram does not predict any structural phase
change at any temperature between 0◦C and 1400◦C for equiatomic compositions, see
Fig. 2.1. The fact that a γ-FeRh signature appears can indicate that the film is not
exactly stoichiometric and that high temperature annealing provides sufficient energy
for the phase separation to occur. Following that line of thought, it would mean that
FeRh either have an excess or deficiency of Fe to allow for a phase mixture. Because the
stoichiometry should not vary to much from the equiatomic composition, we can rather
lean towards the Fe deficiency, the mixed phase limit being very close.

We can imagine that the annealing favors the chemical order in the areas where the
stoichiometry allows it, making clusters of off-stoichiometric γ-FeRh. The transition from
α FeRh and γ FeRh is martensitic, which facilitates the transfer from one to the other and
the cohabitation of both phases [95], [199]. This view can find support in of reflectometry
spectra of these samples, see Fig. 5.8. The sample annealed at 800◦C shows a very rough
reflectivity curve, likely indicating that the film is very 3D. We extracted the sample
thickness via a Fourier analysis of the spectra. The fit method was not applicable on
the sample annealed at 800◦C, so for the results to be comparable, we used the Fourier
transform of the reflectivity signal for all.

Figure 5.8: Reflectometry curves of the three samples presented in Fig. 5.7.

We don’t have a clear idea of the process leading to such a transformation of the mag-
netic transition or films annealed at what we define at too high temperatures, the limit
being between 730 and 800 for our thin films. We can surely say that this modification on
high temperature annealing is related to very thin thicknesses, where the transformation
of the film in 3D islands can lead to a change in the percolation state of the film by
modifying the shape of the layer into nano-crystals as schematically represented in Fig.
5.19.

To explain this observation, we can think of a sublimation process of the species that
has the lowest vapor pressure. But this should happen for any thickness of the films,
which is not observed. From A. A.2, we can see that the base pressure of the chamber
at a minimum of 8.10−8 mbar = 6.10−8 mmHg and temperature of 800◦C would at most
bring us close to the vapor pressure curve of Fe. A sufficient deficit of Fe could bring the
sample in the mixed phase zone of the phase diagram, see Fig. 2.1.

127



Chapter 5. Growth and characterization of FeRh epilayers on crystalline substrates
and oxide thin films

It is also possible to imagine that the stoichiometry of the film evolves along the
deposition. The first step of growth can be critical as the mechanisms involved in the
interface creation (substrate-FeRh interactions) can be very different from the rest of
the process (FeRh-FeRh interactions). This off-stoichiometry can be corrected by using
a different target composition or by controlling the concentration of each species in the
plasma by co-deposition methods available in sputtering, MBE, etc.

5.1.3.1.2 Annealing time We set the limit annealing temperature at 730◦C, now
we can improve further the sample quality by optimizing the annealing duration ta. Fig.
5.9-a shows four different samples grown under the same conditions, Pg = 8.59.10−1 Pa
and Tg = 630◦C, and annealed at 730◦C. We varied the annealing time from 10min to
180min.

Figure 5.9: a: X-ray diffraction spectra of four samples grown under the same condition,
and post-annealed at 730◦C for 180min, 90min, 30min and 10min from top to bottom. b:
polt of the out of plane cell parameter of the FeRh thin films cOOP versus the annealing
time ta.

We can see that along with the increasing annealing time, the FeRh(002) peak shifts
towards higher angles 5.9 - b, indicating a lessening of the cell parameter out of plane,
hence a better chemical order. Also important, we note that there are no trace of the
γ phase in all four samples. The longer the annealing is, the better the microscopic
structural properties become. However, thin films tend to become rougher with the
annealing, we thus estimated that 90min of post-annealing was sufficient to obtain good
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samples with moderate roughness.

5.1.3.2 Growth Temperature and Pressure

Now, using the annealing parameters selected above, Ta = 730◦C and ta = 90 min under
vacuum, we focused on the growth temperature and pressure to optimize the properties
of the magnetic transition.

A test at various growth temperatures was necessary, first to optimize the growth of
FeRh in thin films below 20nm, second because we ultimately want to deposit FeRh on
any oxide surface. This second point establishes a strong limitation in the growth process
because many oxide thin films or substrates tend to oxidize reactive metals, especially
when the growth is done at high temperature. An alternative to this is to grow the
films at room temperature and perform a long post-anneal, hoping that FeRh would not
oxidize during the annealing process. Therefore, we tried to define the largest possible
window of parameters to grow high quality α′-FeRh thin films, to gain in flexibility and
adapt to the material making the interface.

5.1.3.2.1 Growth temperature on MgO In Fig. 5.10 we present X-ray diffraction
spectra of a series of 10 samples of 11 nm, all grown at the same pressure, Pg = 8.59.10−1

Pa, with the growth temperature varying from 200◦C up to 630◦C. For each temperature
we grew 2 samples, one not annealed, the other annealed under the optimized annealing
parameters.

Our main concern in this study was to determine critical Tg above which there is no
more γ phase after annealing. This condition is reached from Tg = 400◦C. We can see on
the light green spectrum that the fcc bump has almost disappeared. At 530◦C, there is
no more parasitic phase as grown, the annealing only enhances the slimness of the [002]
peak and shifts it slightly towards higher angles. At 630◦C, the peaks are sharper and
narrower. We therefore kept 630◦C as the growth temperature by default.

5.1.3.2.2 Room temperature growth of FeRh on SrTiO3 As already men-
tioned, the growth of FeRh thin films on MgO represents an ideal case because of the
minimal cell parameter mismatch and the stability of MgO at high temperature that pre-
vents the first layers of FeRh to oxidize during growth or annealing. The main problem of
our growth process resides in the need to grow at high temperature, almost in the same
range used for oxides thin film growth. Consequently, another inconvenient is the low
growth pressure of Ar, below 1 Pa. If the oxide surface is not as stable as MgO, the low
pressure and high temperature conditions can favor the formation of oxygen vacancies in
the oxide, and the sputtering of oxidable energetic species at the surface can trigger or
accelerate the oxygen desorption, allowing for an iron oxide to form.

To prevent such a scenario to happen, we tried to either change the growth conditions
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Figure 5.10: X-Ray θ-2θ scans of 11nm FeRh thin films on MgO at 200◦C (red couple),
300◦C (orange couple), 400◦C (green couple), 530◦C (blue couple), 630◦C (violet couple).
The light colored of each couple was annealed in vacuum at 730◦C for 90 min.

of FeRh, or to understand how to enhance the stability of the interface oxide layer so
it doesn’t get damaged under the optimized growth conditions of FeRh. For instance
we tried to use TiO2 terminated substrates and thin films because this termination is
usually the most stable. (We also tried to add an interfacial SrTiO3 or LaAlO3 buffer
layer that are supposedly more stable, see section 5.3.)

We used SrTiO3 terminated and non-terminated substrates as a reference for that
investigation because, first, SrTiO3 non-terminated loses oxygen at high temperature
under vacuum whereas SrTiO3 TiO2-terminated does not, second, because SrTiO3 sub-
strates are used to grow ferroelectric thin films of BaTiO3 or BiFeO3 and thus would be
a good start for optimization before growth on thin films.

We then grew two test samples of FeRh-11nm at room temperature, the first on a
TiO2-terminated SrTiO3 substrate, the second on a non-terminated substrate (meaning
that both TiO2 and SrO termination are present, see A.1.1.2). We know that the TiO2

termination is stable and no oxide formation at the interface should form due to oxygen
release from SrTiO3 at Tg = 630◦C and Ta = 730◦C. We also grew a reference sample
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of FeRh-11nm on a non-terminated SrTiO3 substrate at high temperature.
The X-ray structural characterization of the test samples are presented in Fig. 5.11.

Figure 5.11: X-ray diffraction spectra of FeRh thin films grown at room temperature and
post-annealed on a TiO2-terminated SrTiO3 substrate (dark magenta) and on a non-
terminated SrTiO3 substrate (orange). A reference growth under the optimized growth
conditions at high temperature on a non-terminated SrTiO3 substrate is also presented
for reference (brown).

The curve at the bottom is added as a reference of an 11nm film grown under the
optimized growth and annealing conditions, and exhibits the α’-FeRh [001] and [002]
peaks with no trace of parasitic phase. We find that even with the large mismatch
between FeRh and SrTiO3, FeRh grows well on SrTiO3 at high temperature on a non-
terminated substrate. The dark magenta spectrum belongs to the film grown on the
TiO2-terminated substrate. The first remarkable result is the clear absence of γ-FeRh
and presence of small FeRh-[001] and [002] peaks indicating the formation of an ordered
α’ phase. We also notice the presence of a tiny peak at 2θ = 42.60◦, likely coming from
an oxide formation.

The orange spectrum corresponds to the growth on a non-terminated SrTiO3 sub-
strate. The result is very different, we see four distinct peaks being [001] and [002] pairs.
The peak at 2θ = 41.38◦ presents Laue fringes typical of very flat interfaces. Comparison
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of the reflection angle with an XRD data base, we can associate the phase to iron oxide
Fe2O3. The low roughness layer must be located at the interface with SrTiO3 as this is
the only place where oxidation can occur, the only source of oxygen arising from SrTiO3.

This comparison states the importance of the oxide surface stability in the growth
of FeRh thin films. The result of the growth on non-terminated SrTiO3 is due to the
energy lowering of the interface by Fe or Rh oxide formation versus the energy necessary
to keep a sharp interface. The fact that we see no oxide traces when we grow on non-
terminated SrTiO3 under the regular high temperature conditions probably comes from
the fact that the SrTiO3 substrate is preheated in vacuum before deposition and might
already by depleted in oxygen at the interface.

5.1.3.2.3 Growth Pressure of 11nm FeRh on MgO and STO substrates The
growth pressure of 7.7 × 10−1 Pa used for thicker films and taken from [157] seemed sat-
isfying. We finely tuned the growth pressure around that value to optimize the magnetic
features of thin films in the 5nm-11nm range. The pressure was varied from 5.05 × 10−1

Pa up to 1.050 Pa. Identical growths were systematically performed on both MgO and
SrTiO3 (non-terminated) substrates.

In Fig. 5.12-c, for films grown on MgO, we see that cOOP (green dots) increases
with increasing growth pressure. Regarding the previous relation established between
the variation of cOOP with annealing and grain size variation (see section 5.1.2.3.1), the
lighter pressures should produce more ordered α′-FeRh regions. However, the optimum
of structural characteristics can be slightly different from the optimum of magnetic prop-
erties.

In Fig. 5.12-b, we plot the associated transition cycles of the different samples pre-
sented in Fig. 5.12-a. Apart from the lightest green cycle grown at the lowest pressure,
all cycles are quite similar. However, the cycle that has the largest moment amplitude
at the transition and lowest moment in AF phase is the one grown at 8.59 × 10−1 Pa.
We also note that the relation between the growth pressure and transition temperature
is very linear, see red dots in Fig. 5.12-c, matching the trend of the cOOP .

In Fig. 5.13-a, for samples grown on SrTiO3, the outlook of the θ-2θ spectra for the
higher pressure seems the most promising, but there is a trace of oxidation at about 42◦,
signature of Fe2O3 formation. The X-ray spectrum taken for 8.59 × 10−1 Pa, optimal
on MgO, shows peaks not as clear as for the two other pressures.

Looking at the M(T) in 5.13-b, we see that the oxidized sample (dark green dotted
curve) has an odd cycle resembling the ones observed at too high annealing temperature,
see Fig. 5.7-c and 2.18. Again here the up transition is well defined in comparison to the
down transition and there is a large moment in the AF phase of about 150 emu.cm−3.
This might be due to the contribution of completely relaxed regions of α′-FeRh, and
disordered α-FeRh areas, respectively. These contributions are probably visible in the
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Figure 5.12: aθ-2θ spectra of 11nm of FeRh on MgO under 0.505 Pa (lightest green)
up to 1.350 Pa (darkest green). b M(T) under 20kOe of the samples presented in a. c
Linear dependence of cOOP and Tcrit with growth pressure.

broadening of the FeRh peaks in X-ray spectra. We could also consider a contribution
of Fe2O3 which is slightly FM above 260K (and AF below) in bulk [200].

The M(T) of the sample grown under the smallest pressure shows a nice hysteretic
cycle (dashed light green), but still has a high moment of 100 emu.cm−3 in the AF phase.

Pressure variations seem then to modify the stoichiometry of the plasma, yielding
very different transition shapes. The optimum is again taken for the sample showing the
smallest moment in the AF phase, which is the same optimal pressure, 8.60 × 10−1 Pa,
selected for the growth of FeRh on MgO.

5.1.3.2.4 Stabilization of 5nm FeRh films on MgO In Fig. 5.14-a we show a
stabilized α′ phase of FeRh for 5nm thin films, with the typical (001) and (003) reflections
of the ordered phase. The film has been grown under the optimized growth conditions for
11nm films, with Tg=630◦C, Pg=8.59×10−1 Pa, Ta=730◦C and ta=90 min. We can see
the associated M(T) of the sample taken under 20kOe in Fig. 5.14-b that displays a small
moment of 25 emu.cm−3 in the AF phase and a magnetization reaching 300 emu.cm−3

at 400K. We also note that the magnetization tail at low temperature increases faster
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Figure 5.13: aθ-2θ spectra of 11nm of FeRh on STO under 0.505 Pa (lightest green) up
to 1.050 Pa (darkest green). b M(T) under 20kOe of the samples presented in a under
20 kOe.

for a 5nm sample than for thicker films, indication of a larger volumetric paramagnetic
contribution to the magnetization.

In Fig. 5.14-c, we show the surface topography of the 5nm sample obtained by AFM.
The peak-to-peak roughness is about 10nm, which exceeds by 100% the film nominal
thickness.

We showed here that it is possible to stabilize the α’ phase of FeRh for thicknesses
lower than 20nm, with good magnetic properties and a bulk-like transition temperature.
We however note that the type of growth tends to be three dimensional as the thickness
is reduced. More work to stabilize 2D films has to be done, using different types of
growth and annealing processes to prevent the island formation, and chosen substrates
with better wetting properties.

5.1.4 Growth on BaTiO3 substrate

We isolate these growth results because they represent a particular achievement in our
attempt on building a prototype magneto-electric system presented in Chapter 6. For
this growth, we used the optimized growth conditions obtained from the optimization
campaign of 11nm-5nm thin films, wich are: Tg = 630◦C, Pg = 0.859 Pa of Ar, and
post-annealed at Ta = 730◦C for ta = 730◦C under vacuum.

The growth of FeRh thin films on BaTiO3 substrates was not as straight-forward as
for SrTiO3 or MgO. We started off by growing 11nm thin films, thickness for which we
best optimized the growth conditions. A few attempts at 11nm and 5nm did not provide
the expected α-FeRh phase. (The number of attempts was limited because BaTiO3

substrates are rather expensive and not always of the best quality, which make them
very sensitive to high temperatures and temperature ramps). We would mostly grow
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Figure 5.14: a: θ-2θ spectra of 5nm FeRh on MgO grown at 630◦C under 0.859 Pa and
post annealed at 730◦C for 90 min. b: M(T) of the sample under 20 kOe. c: AFM
1µm×1µm image of the surface of the film.

rough samples with no transition in SQUID. We then tried to grow thicker films of 22nm
and 45 nm that are reported in Fig. 5.15.

The X-ray pattern, Fig 5.15-b, shows that the out-of plane cell parameter of FeRh
compares well with optimized thin films grown on MgO. From FeRh(002) we extract
cOOP = 2.996 Å that is a very close to bulk cell parameter, indicating a high chemical
order and consistent with the sharp magnetic transition observed in Fig. 5.16. We also
notice the presence of a split peak of BaTiO3(002) due to the presence of a-type do-
mains with polarization in-plane with a smaller cell parameter OOP, and c-type domains
with polarization out-of-plane with a longer cell parameter OOP. We precise that the
ferroelectric polarization of BaTiO3 is along the direction of elongation, so in-plane for
a-domains and out of plane for c-domains. The RHEED clichés, Fig. 5.15-a, show that
the thin films also grow epitaxially on BaTiO3 with the same 45◦ rotation of the (100)
axis, as seen on MgO and SrTiO3.

In Fig. 5.16, we can see the M(T) of the the 22nm thin film of FeRh on BaTiO3. The
transition temperature of the film on BaTiO3 on warming is about 380K, similar to the
reference blue curve of the film on MgO. The film magnetization goes from a residual
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Figure 5.15: a: RHEED images of the BaTiO3 substrate before growth and the FeRh
film after growth and annealing, at two azimuths, 0◦ and 45◦ from the [100] direction of
BaTiO3. b: θ-2θ scan at 300K near the FeRh(002) peak at the BTO(003) and (300)/(030)
reflections.c: Temperature dependence of the out-of-plane parameter of FeRh. d: Tem-
perature dependence of the magnetization measured at 20 kOe.

moment of 55 emu.cm−3 at low temperature in the AF phase, up to 850 emu.cm−3 at
400K, where the transition to FM is almost complete.

The transition temperature on cooling is higher that the reference blue curve by 10K.
The width of the hysteresis is about 18K, well smaller than the 25K of the reference film.
This effect can be due to a larger compressive in-plane strain of FeRh on the BaTiO3

substrate, which has the effect to modify the magneto-crystalline anisotropy of FeRh.
This effect has been described in the case of FeRh thin films grown on MgO thin films
with different cell parameters [109], see section 2.5.2.2 and Fig. 2.20. We also argue
that the width of the transition does not depend on the completion of the hysteretic
cycle, indeed we showed in Fig. 5.4-d that the width of the hysteresis is constant under
various magnetic fields and completion states. The hysteretic magnetic transition of the
FeRh film on BaTiO3 is also visible on the OOP cell parameter of FeRh, see Fig. 5.15-c.
The measurement has been taken under no magnetic field, which explains the higher

136



5.1. Optimization of the sputtering growth conditions of FeRh thin films

Figure 5.16: M(T) of FeRh thin films of 22nm grown under the optimal growth conditions
on BaTiO3 (green) and MgO (blue). An external magnetic field of 20kOe is applied.

transition temperature. This effect is due to the 1% expansion of the FeRh unit cell at
the transition from AF to FM on warming.

We also note the imprint of the structural transition of BaTiO3 from rombohedral to
orthorhombic near 190K and orthorhombic to tetragonal near 290K on the M(T) of the
FeRh/BaTiO3 sample in Fig. 5.15-d. On the cooling run, the kinks are shifted down by
about 10K, as expected from the first-order nature of these structural transformations of
BaTiO3, see Fig. 1.2.

We showed in this section that using the optimized growth conditions of FeRh devel-
oped in the previous sections, we obtained an FeRh thin film of 22nm grown on a BaTi3
substrate with the standard magnetic properties of the AF to FM transition, similar to
the typical results obtained on MgO.

5.1.5 Thickness dependence of the structural properties of FeRh thin
films

In this section, we discuss the effect of thickness reduction on the structural properties
of FeRh in thin films from 45nm down to 5nm grown on MgO.

In Fig. 5.17-a, we present the X-Ray spectra of four FeRh thin films of 45nm, 22nm,
11nm and 5nm, respectively going from dark blue to light blue. All samples were grown
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under the same optimized conditions, that we recall again: Tg = 630◦C, Pg = 0.859 Pa
of Ar, and annealed at Ta = 730◦C for ta = 730◦C under vacuum. The α’ phase peaks
tend to shift to the right monotonically with the thickness reduction. Indeed, we can see
that cOOP increases as the thickness of the film decreases indicating that the film is more
strained to the substrate, see Fig. 5.17-b. The relaxation length of FeRh is quite long
which could mean that tetragonality is not a highly unstable state for the alloy. Further
increasing the thickness, cOOP will tend towards the bulk parameters of FeRh.

Figure 5.17: a: θ-2θ scan at 300K of four reference annealed samples of 45nm, 22nm,
11nm and 5nm. b: Film thickness dependence of the out-of-plane cell parameter of FeRh.
c: Film thickness dependence of the cristallite size of the FeRh thin films.

The large roughness of the films after annealing (∼5nm peak-to-peak for a nominally
45nm sample), becomes critical as the thickness of the samples is reduced (>5nm peak-
to-peak for a nominally 5nm sample). The relaxation effect might accentuate the island
formation due to the cheaper cost in energy to break the 2D plane into several 3D islands.
Even though the islands are centered on a strained core, they have now the possibility to
relax freely in the out-of-plane direction (see Fig. 5.14-c). As the film becomes thicker
the in-plane connectivity favors larger islands and limits the degree of freedom of each
grain to elongate out-of-plane. This phenomenon can also be at the origin the drop of
magnetic moment in the FM phase that we observe for thinner films (addressed in section
5.2.1.4) as the in-plane connectivity is lost.

This is illustrated in Fig. 5.17-c where we show the crystallite size dependence,
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extracted from the (002) reflections of FeRh in 5.17-a, over the thickness of the film. We
see that the grain size increases linearly with thickness, suggesting that the effect depends
only on one dimension and does not depend on volumic changes that could typically
arise from the thermodynamic limit to finite systems, due to structural connectivity or
magnetic interactions. This means that one could minimize the adverse thickness effects if
a 2D growth was achieved at very low thicknesses, allowing for better in-plane structural
and magnetic connectivity.

We can thus generally say that in FeRh, the structural properties of the films are
strongly affect by thickness reduction at a microscopic level. The decrease of the crystal-
lite size, associated to the enhanced out-of-plane cell parameter indicate that the material
tends to be found in small grains close to the interface, and grows in larger grains as the
strain effects are relaxed. We also see that the strain relaxation occurs on a very long
distance, larger than 45nm, which indicates that strain induced at the interface can prop-
agate on large thicknesses. These observation should match the observed modifications
of the magnetic properties of thickness reduction of the films, see the following section
5.2.1.4.

5.2 Magnetic properties of optimized FeRh films from 45nm
to 5nm

In this section, we follow on the previous discussion on thickness reduction effects by
commenting on the magnetic aspects. We first compare the magnetic properties of thin
films in function of their thickness, then discuss the presence of a magnetic moment at
the thin films interfaces, even in the AF phase.

5.2.1 Thickness dependence of Tcrit and other transition characteristics

We present a summary of the magnetic properties of the transition for the four film
thicknesses grown on MgO to have a better view of the consequences size reduction
induces in the magnetic system.

With optimized growth temperature and pressure, we insure to have an overall good
stoichiometry and make sure that the properties of both the AF and the FM phase are
optimized. We also addressed the role of annealing as a mean to increase the alloy order
and the grain size, both leading to enhanced transition properties, that is, the steepness
of the transition, a similar to bulk Tcrit, the width of the transition and a minimal
moment in the AF phase. In Fig. 5.18 we present a summary of the thickness evolution
of these features for not annealed and annealed samples. In Fig. 5.18-b, we present the
same set of annealed samples as presented in Fig. 5.17.

We notice that annealing reduces by less than half the magnetic moment in the AF
phase, Fig. 5.18-b, which indicates both a reduction of the not stoichiometric ferromag-
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Figure 5.18: a Not annealed b Annealed c Tcrit d Steepness of the transition at Tcrit e
width of the transition f Moment at 400K.

netic α-FeRh and of the anecdotal presence of the paramagnetic γ-FeRh which contribu-
tion can be seen in the AF phase (enhanced by the high measuring field of 20kOe, Mpara

going as gµBH and more visible at low temperature as seen on the M(T) tails at low
temperature).

5.2.1.1 Tcrit versus thickness

Starting with the transition temperature, we can see in Fig. 5.18-c that for not annealed
films, Tcrit decreases with thickness reduction whereas the annealing maintains a sta-
ble transition temperature around 375 K. This difference suggests that the transition
temperature mainly depends on the chemical order.

5.2.1.2 dM(Tcrit)
dT versus thickness

In Fig. 5.18-d, we plot the steepness of the transition versus the sample thickness. We see
that the transition becomes broader as the thickness diminishes. The trend is similar for
the annealed and not annealed series. We however note that the transition steepness of
a 5nm sample is similar to a 22nm sample not annealed. The steepness of the transition
indicates the degree of homogeneity of the grains forming the FeRh layer. Larger grains
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as well as less residual strain (relaxed crystals) would then have sharper transitions. This
is because thickness decreases so film thickness variations due roughness becomes critical
for the film continuity and the FeRh thin films have less possibilities to relax. At low
thickness, the film is formed by more strained islands as it can bee seen by the typical
increase of cOOP Fig. 5.17-c with thickness reduction. And each island of the film has
its own transition temperature. The annealing tends to homogenize the island properties
but at the same time might favor the island formation.

5.2.1.3 Transition width versus thickness

In Fig. 5.18-e, we see the evolution of the transition width with thickness. The width of
a first order transition is proportional to the latent heat necessary to go from one stable
state to another. In a potential landscape type of view, it represents the height of the
barrier separating both potential wells. We see that the width of the first order transition
increases with thickness reduction up to 10nm, then decreases back at 5nm. We also see
that the annealing reduces the overall width for every thickness, but does not modify the
trend.

5.2.1.4 magnetization versus thickness

In Fig. 5.18-f, we plot the variation of M(T=400K) with thickness ranging from 45nm
to 3nm for the annealed samples. At 3nm, under the same growth condition, we see that
the volumetric moment almost drops to zero in the FM phase. A notable property of the
magnetization in thin films is the diminution of the maximum volumetric magnetization
with thickness. This drop behavior with size is known for parameters ensuing from
collective behaviors and has been observed for all magnetic materials as one reaches the
finite system limit. However, the dead layer effect is usually visible below 10nm whereas
in FeRh the effect is already noticeable below 45nm. Annealing the films does not affect
this behavior, showing that is is more related to the overall size reduction and collective
effect than chemical order or grain size.

The trend could be explained by the progressive formation of superparamagnetic is-
lands as the grain size diminishes with thickness reduction. From AFM images (Fig.
5.14-c), we obtain a peak-to-peak rugosity value around 8-10nm. We can easily imagine
that for samples lower than 10nm, the α′-FeRh islands, probably surrounded by not sto-
ichiometric FeRh is a FM α phase or paramagnetic γ phase, become superparamagnetic,
see Fig. 5.19.

We can imagine that the strain conditions of each grain can vary. From [109], we
know that strain can modify the magnetic anisotropy direction of the FM phase and AF
phase, giving distribution of easy axis rather than one for the whole film. These elements
are in favor of the magnetic dead-layer justification given in [201]. From [202], the size
of the Fe clusters is about 1.5nm, around the value from which the size effect becomes
critical. The thickness scale difference between Fe and FeRh probably comes from the
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Figure 5.19: Schematic sketch of the dead layer formation with thickness reduction.

larger magnetic cell size in the FM phase and doubled in the AF state. Also, bcc-Fe has
a moment of about 4.4 µB.cell−1 with Vcell = 2.863 Å3 to 2.9 µB.cell−1 for FeRh in the
FM phase (around 1000 emu.cm−3) [203] with Vcell = 2.993 Å3.

5.2.2 Magnetic moment at the interfaces of FeRh-Pd in the AF phase

Various studies report the possibility to tune, enhance or suppress the transition by
adding small concentrations of transition metal dopants in bulk samples [112], [111],
[114] and thin films [116], [115] for which the same qualitative behaviors are found. In
[117], a different approach of the doping effect is presented, they studied the differences
of the magnetic response for Au capping deposited at low temperature and Au capping
deposited at high temperature and annealed with the FeRh film. This addresses some-
how the role of interfaces in thin films and their greater contribution to the overall film
properties as the thickness is reduced. The effect of capping material could sufficiently
affect the surface of the film to induce changes of the overall transition properties. In-
terfacial effects can even become preponderant for ultra thin films, when the thickness
of the film approaches the magnetic exchange length.

Throughout the growth process optimization, one of the questions was to know if the
FeRh thin films needed to be capped to avoid oxidation. Several options were considered,
among which Al, Pd, Pt, Au. All these materials are know to modify the transition
temperature of the alloy when added in the film composition. For thin films in the 10-
20nm range, that is in the same range of the magnetic exchange length, the magnetic
boundary condition effects at both interfaces can interact. If the magnetic interactions
at the interface with the capping layer are strong enough, the properties of the whole
film can be modified.

In order to gain more insight, we performed XMCD measurement of a Pd(2.4nm)/FeRh(22nm)/MgO
sample at the Pd L-edge at 300K. The measurement were carried out at the ESRF on
beamline ID12 in collaboration with and Fabrice Wilhelm and Andrei Rogalev. The
line offers the possibility to measure in hard X-Ray, necessary to probe L-edges of 4d
elements, and has a high resolution that allows to measure very small dichroic signals
down to 0.5%.
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In Fig. 5.20-a, we present normalized absorption signal (XANES) at the L-edge of
Pd for two different thicknesses of the Pd capping, 1.2 nm in black and 2.4 nm in red.
The maximum absorption peak is typical of metallic Pd, with no trace of oxidation [204].
The XMCD asymmetry, reported on right scale, is also presented for each sample under
the same color code. We can see a clear dichroic signal for both samples, with an XMCD
asymmetry of 1.5% (3x larger than the noise level) for the sample with 1.2 nm of Pd.
The sample with 2.4 nm of Pd shows a smaller signal around 0.7% due to the diluted
interfacial Pd signal by the larger thickness.

Figure 5.20: a XANES (left axis) and XMCD asymmetry (right axis) at the
L-edge of Pd for sample 1 Pd(1.2nm)/FeRh(22nm)//MgO (black) and sample 2
Pd(1.2nm)/FeRh(22nm)//MgO (red). b SQUID M(T) of the sample 2 under 20kOe

These results state that there is a magnetic moment on interfacial Pd at 300K. Pd is
paramagnetic but can easily become ferromagnetic by proximity effects when in contact
with a ferromagnet such as Fe. This high magnetic polarizability is partly due to the
fact that Pd has a Stoner criterion close to 1. This feature has already been mentioned
in section 4.3.1 when we tried to induce a ferromagnetic ground state in Pd by charge
accumulation.

At 300K the underlying FeRh layer should be antiferromagnetic according to the
M(T) of the 2.4nm/FeRh(22nm)/MgO sample presented in Fig. 5.20-b. The magnetic
moment observed in Pd suggests two possible explanations. There could be a ferromag-
netic reconstruction at the FeRh-Pd interface due to purely geometric considerations that
induces a moment on Pd. We should not expect this result at an interface with fully com-
pensated antiferromagnetic FeRh moments. As FeRh is a band antiferromagnet(G-type),
we don’t know how the reconstruction should occur. A small ferromagnetic interfacial
moment could appear and induce the signal we measured. Or as Pd is known to lower the
magnetic transition temperature when added is minute amounts in the alloy composition
[112], the interaction of Pd with FeRh could locally lower the transition temperature
of the interfacial FeRh layer and thus induce a magnetic moment on Pd. This effect is

143



Chapter 5. Growth and characterization of FeRh epilayers on crystalline substrates
and oxide thin films

interesting in the sense that it isolates the effect of the dopant at the interface so, steric
effects occurring when atoms are added in the alloy matrix are avoided. This would
allow to study an effect arising only from hybridization and electronic interactions. A
very recent report by Baldasseroni et al. show similar FM moment induced by capping
on FeRh with Al [205]. They explain that inter-diffusion of the capping material with
FeRh at the interface results in such an interfaceial moment at room temperature for
materials that tend to lower the transition temperature.

A possible experiment would consist in measuring the XMCD signals of Pd and Rh
at various temperatures, far below and along the transition, as indicated by the full red
circles in Fig. 5.20-b. As the line offers very high magnetic fields up to 18 kOe, it is
possible to use the linear relation between Hcrit and Tcrit to stabilize different stages of
the transition. The moment of Rh is about 1µB in the FM phase and 0 in the AF phase
and thus can be used as an indicator of the transition. If the moment of Pd disappears at
low temperature (for instance, first red dot on Fig. 5.20-b), the second explanation could
stand. The experiment could be compared with first principle calculations on a model
system of the interface. The interface energies of several magnetic configurations at the
interface with could be confronted and give more insight on the most stable configuration
between FeRhFM -Pd and FeRhAF -Pd.

5.3 Growth of FeRh on oxide thin films - problems and so-
lutions

The growth of FeRh on oxide thin films was the ultimate goal of the growth optimization
process. We wanted to integrate FeRh on the already existing expertise of functional
oxides. SrTiO3 is one of the most used substrates for perovskite thin films and we proved
that it is possible to obtain good FeRh properties on SrTiO3 substrates, especially on
TiO2 terminated SrTiO3. We noted that the stability of the interface is important in the
growth of FeRh as the process involves oxidable species deposited at high temperature.
Growth on oxide thin films proved to be very different that on substrates. Eventhough
the epiaxial layer is SrTiO3 or BaTiO3 and the growth gave good results on the substrate
version.

In this part, we show our attempts to grow FeRh on multiple oxide thin films and
comment on the results. The BTO(10 u.c.)/LSMO(10nm) and STO(2 u.c.)/BTO(10
u.c.)/LSMO(10 nm) thin films were grown by Lee Phillips on STO terminated substrates
by Pulsed Laser Deposition. Our PLD and sputtering growth chambers are connected
via a cluster with a base pressure of 10−9mbar allowing to perform all in-situ depositions
and avoid contamination from transferring in air. The FeRh thin films were grown under
the optimized growth conditions for 11nm-thin films on MgO and STO substrates [Pg =
8.59.10−1Pa, Tg = 630◦C, 90 min of annealing at Ta=730◦C and P0 = 8.50.10−8mbar].
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5.3.1 Growth of FeRh on BaTiO3 thin films

In order to favor the TiO2 termination on BTO and STO, we grew all films on TiO2

terminated STO substrates. The growth of LSMO, BTO and STO were monitored via
RHEED intensity over time. We recorded clear RHEED cliches and RHEED intensity
oscillations over time typical of 2D cell by cell growth regime, see Fig. 5.21-a. We stopped
growth at a maximum of the RHEED intensity, at the end of a 2D plane formation. With
these precautions, we hopped to control the end termination of the perovskite thin films.
In [206], they show proof of control of the thin film termination only by the substrate
termination and RHEED oscillation monitoring. The cell by cell growth process should
maintain the same termination of the substrate, that is TiO2. Perovskites usually grow
unit cell by unit cell.

Figure 5.21: a RHEED intensity versus time (top), RHEED image of the
10nm BTO film (middle) and the STO 4 u.c buffer. b θ-2θ spectra of
FeRh(22nm)/BTO(10 u.c.)/LSMO(10nm)//STO (dark red), FeRh(22nm)/STO(2
u.c.)/BTO(10 u.c.)/LSMO(10nm)//STO (light red), c FeRh(11nm)/BTO(10
u.c.)/LSMO(10nm)//STO (orange) and FeRh(22nm)/STO(2 u.c.)/BTO(10
u.c.)/LSMO(10nm)//STO (yellow).

In Figure 5.21-b we present X-Ray spectra of four FeRh thin films of 22nm and
11nm grown under the optimized conditions on both BTO(10 u.c.)/LSMO(10 nm)//STO
and STO(2 u.c.)/BTO(10 u.c.)/LSMO(10 nm)//STO. The SrT iO3 buffer layer was an
attempt reproduce the growth situation of FeRh on STO substrates. All X-Ray mostly
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show the same features. The reflections of the LSMO and BTO films are noted on the
figure. We note the clear presence of epitaxial γ-FeRh on all spectra around 45.4◦. We
can also note the subtle presence of a FeRh(002) reflection on the 22nm film on BTO
around 62◦.

As said previously, the mismatch on STO [001] single crystal is large and rather
favors FeRh in the γ phase (4% against 6.5%). However, if the species are brought in
equiatomic proportions, the only stable phase is α. The stoichiometry can also change
during the growth process. A possible mechanism would be the oxidation of a large part
of Fe atoms when they hit the surface of the oxide thin film at high temperature. We
could observe the formation of an FeOx layer that would reduce the Fe concentration
available to the formation of FeRh. If the Fe reduction is sufficient, γ-FeRh can become
more stable and grow epitaxially on the epitaxial iron oxide layer. Then, as the plasma
is stoichiometric, the last layers of FeRh should rather form in the α phase, hence the α
RHEED signature we record at the end of growth.

In Fig. 5.22, we show M(T) of the 22nm a and the 11nm b FeRh samples under
20kOe. Only the 22nm thick films of FeRh possess the α′-phase transition.

Rather than AF to FM, the transition separates a low magnetization and a high
magnetization region. The film grown on the STO(2 u.c.) buffer layer shows a lower
magnetization in the low temperature phase and a maximum magnetization amplitude
smaller than the film directly grown on BTO. We also see the contribution from the FM
magnetic layer of LSMO at low temperature but the contribution of the LSMO appears
2× smaller than it really is because to get the magnetization per volume unit, we nor-
malized by the FeRh film thickness of 22nm (against 10nm for LSMO). In Figure 5.22-b
we only see the contribution of LSMO with a TC around 350 K and a ferromagnetic
contribution of about 400 emu.cm−3 on the whole temperature range. The LSMO con-
tribution is not underestimated on this graph because the FeRh and LSMO films are
approximately of the same thickness, respectively 11nm and 10nm. Figure 5.22-c shows
M(T) of the 22nm grown directly on BTO under 20kOe and 1kOe. Under 1kOe the
M(T) is shifted down by 117 emu.cm−3 in comparison to 20kOe, indication of a para-
magnetic contribution. We notice that this M(T) at low field resembles the M(T) of
FeRh(22nm)/STO/BTO/LSMO in a.

Growing FeRh on SrTiO3 and BaTiO3 oxide thin films could not be achieved. The
epitaxial α’ phase of FeRh could hardly be observed and a large presence of the γ phase is
noted. The difficulty likely arises from the energetic incoming atoms of the FeRh plasma
on the thin film surface unable to sustain its properties. It points out the physical
difference between thin films of SrTiO3 and BaTiO3 and substrates of the same species,
on which FeRh could be obtained rather easily. We also performed growth of FeRh on
dielectric thin films and growth on LaAlO3 yielded good results, with a clear presence of
an epitaxial α’ phase and good magnetic properties of the FeRh films, see Annex A.3.
This success can probably be attributed to the strong reactivity of La and Al atoms,
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Figure 5.22: Temperature dependence of the magnetization of 22nm a and 11nm b films
of FeRh on BTO/LSMO//STO and STO/BTO/LSMO//STO under 20kOe. c and d
compare the M(T) of the films directly grown on BTO(10 u.c.) for two different external
magnetic fields.

preventing oxygen atoms of the film to react with Fe atoms, even at high deposition
temperature, and high incoming energy.

5.4 Sum up

In this chapter, we showed the growth optimization of α’-FeRh in thin films of 45nm
down to 5nm by RF-sputtering. We used two measurement campaigns at higher (45nm-
22nm) and (11nm-5nm) to first determine the critical aspects of growth and growth
conditions widow, then finely tune the growth process and magnetic properties of the
films. Post-annealing was found to be the key step in order to evaluate the quality of
a given set of growth parameters. We demonstrated that all films had the AF to FM
magnetic transition at a bulk like value around 380K, even at 5nm. We however noticed
that the transition tends to lose in sharpness and the magnetic moment per unit volume
strongly decreases as the thickness of the films is reduced. We attributed this effect to the
transition from a rather 2D growth towards a strongly 3D growth, with smaller islands
formation, as the thickness reaches 11 and 5nm.
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We also showed that the growth of FeRh is more difficult on functional oxide thin
films, mainly due to constraint to deposit and anneal FeRh at high temperature.

On a more practical aspect, we could obtain samples associating FeRh 22nm thin
films with BaTiO3 crystals. We showed that the growth is epitaxial and the magnetic
properties of the FeRh thin films are similar to optimal 22nm films grown on MgO. This
result is very important for the following, as this system will be used in a magneto-electric
experiment where we will try to modulate the transition temperature of the FeRh film
with the ferroelectric properties of the BaTiO3 susbtrate.
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Electric control of the magnetic
state of FeRh
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In the previous chapter, we showed how to grow FeRh thin films on various surfaces.
These efforts were necessary to obtain an expertise on the physical properties of FeRh in
reduced dimensions. In the present chapter, we expose the study of a magneto-electric
system consisting of a 22nm-thin film of FeRh grown on a substrate of BaTiO3, the
system is presented in section 5.1.4. The simple design of the heterostructure is the same
as described in chapter 4, but now the magnetic top layer can stabilize two magnetic states
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depending on the thermodynamic environment (T, P, H) and offers several parameters
to act on, see section 2.2.

FeRh is a judicious choice to use in conjunction with a ferroelectric because its metam-
agnetic transition involves electronic changes, magnetic exchange inversion and structural
modifications. The reversible properties of the ferroelectric (polarization-dependent band
structure, field effect, piezoelectricity, ferroelectric domain distribution, etc) should the-
oretically modify the potential landscape of the interface depending on the ferroelectric
polarization direction, or as the voltage is ON or OFF. These modification should reflect
on, for instance, the thermal energy needed to drive the transition of FeRh, hence on the
transition temperature.

The use of a material with a magnetic phase transition allows to take advantage
of the diverging magnetic susceptibility in the vicinity of the transition, reflecting the
appearance of metastable magnetic states. This opens the possibility to magnify the
ferroelectrically driven effects close to the transition. In the most favorable scenario, the
ferroelectric could even play the role of a switch for the magnetic order of FeRh.

6.1 What can we expect?

Applying voltage on the FeRh/BaTiO3/Au heterostructure, we can expect two types
of effects regarding both the magnetic properties of FeRh and the electro-mechanical
properties of BaTiO3 under voltage.

The first one is related to the in-plane strain induced by the ferroelastic domain
reorganization of BaTiO3 from a mixture of domains with in-plane and out-of-plane
polarization to only out-of-plane under voltage and the piezoelectric effect. We know
that the FeRh transition is sensitive to external stress because there is a 1% increase of
the unit cell volume as the alloy goes from AF to FM, see section 2.2.4. The Strain-
Voltage function of BaTiO3 is symmetric because it only depends on the magnitude of
the electric field and not its direction. If this strain induced by BaTiO3 at the interface
affects FeRh, we may see an effect on Tcrit that is symmetric with voltage.

The second effect is related to the charge induced at the interface of BaTiO3 and
FeRh by the ferroelectric polarization. Depending on the polarization direction, there is
either an accumulation or a depletion of charges. If FeRh is sensitive to that effect, we
should observe an asymmetric effect on Tcrit with voltage. In this case, the ferroelectric
field effect should affect the carrier density of FeRh. The low density of free electrons
in the AF phase of FeRh may be affected by the ferroelectric field effect and lead to a
shift of the interfacial transition temperature of the metal when electrons are injected or
depleted, see section 2.4.3.2.
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6.2 Investigation on a strain mediated ME effect in FeRh/BaTiO3

We demonstrated that FeRh grows epitaxially on MgO, SrTiO3 and BaTiO3 at high
temperature. When it cools, the thin film are clamped on the surface and should be
subject to the in-plane surface variations of BaTiO3 under voltage.

6.2.1 Ferroelectric characterization of the FeRh/BaTiO3/Au system

Figure 6.1 shows a polarization cycle of the system taken at 300Hz and room temperature.
The loop has the typical hysteretic voltage dependence seen in ferroelectrics, with coercive
voltages of about 20V and polarization at saturation and remanence around Psat =
12.5 µC.cm−2 and P0 = 8µC.cm−2, respectively. We can note that the cycle is a bit
asymmetric, probably arising from the asymmetric electrodes on BaTiO3, FeRh on one
side and Au on the other, see section 4.1.2. The magnetic and structural characterization
of the sample after growth can be found in section 5.1.4.

Figure 6.1: Polarization versus voltage loop of the experiment sample taken at 300Hz at
room temperature.

6.2.2 Experimental set-up - SQUID under voltage

To perform the magneto-electric experiment in the SQUID, we used a modified holder to
apply voltage in-situ, during the magnetic measurement. The wires used to bring voltage
to the sample during the measurement were coiled around the long cane of the holder,
down until reaching the straw. Thinner wires were used to bring current to the sample
inside the straw, and make the junction with the thicker wires coiled. The contacts on
the sample were fixed with Ag paste. The sample is beforehand stuck on an Si wafer
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piece of dimensions 6 × 8 mm to fit in the straw. The Au electrode of the sample is
stuck on the wafer piece. Careful precautions have to be taken not to deposit Ag paste on
the side of the sample, which would compromise the voltage application and ferroelectric
reversal of the BaTiO3 substrate.

Figure 6.2: Sketch of the electric set-up added on the SQUID cane to realize magnetom-
etry measurements under voltage.

At the high end of the holder, the coiled wires were connected to two contacts in-
tegrated in a plastic screw fixed in the cane section, where the connection with the
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servomotor is made (DC head that activates the oscillation of the cane). The transfer
tube that normally stays on top of and seals the cryostat was removed and replaced by
an airtight cap in which the electric wires are plugged. The contacts are then brought
to the measurement table by two external wires in contact with the Au face and FeRh
face of the sample. After each measurement, the ferroelectric response of the substrate
was tested in-situ by the Aixacct. The voltage in DC was applied by an external voltage
source (Keithley 2400).

6.2.3 Voltage-induced shift of the transition temperature

The SQUID measurement sequences used in this experiment are identical to the the ones
used for sample characterization in chapter 5, see section 5.1.1.3. The only difference was
the DC voltage applied across the sample during the measurement. All measurements
were done under 20kOe which corresponds to a shift by -16K, see Fig. 5.4. Lowering the
transition temperature by applying such high measurement magnetic field is necessary
for two reasons. First because the transition is otherwise too close in temperature to our
instrument limit at 400K. Second, because the ferroelectric curie temperature of BaTiO3

is at 398 K. We could have gained another ∆T = -28K by measuring at 55 kOe, but
20kOe seemed to be a reasonable choice, with the possibility to compare the magnetic
cycle shapes with our optimization data.

Figure 6.3-b presents the M(T) of the sample under several voltage conditions. For
clarity, each measurement situation is reported by its number on the ferroelectric cycle,
Fig. 6.3-a. In the virgin state 1, the ferroelectric polarization is supposedly 0 as the
measurement was done after the sample was cooled through the ferroelectric TC .

The transition starts at T* = 350 K, with a moment of about 50 emu.cm−3 and
reaches approximately 800 emu.cm−3 at 400K. From the definition used in the growth
section, the transition temperature is estimated to be Tcrit = 377K. However, the tran-
sitions being not always complete at 400K in this measurement set, we will use the start
of the transition T* as a marker.

Under +21V in DC (2), the hysteresis cycle is shifted by +25K to higher tempera-
tures, with T* = 375 K. At 400K, the transition is not complete and the magnetization
reaches 380 emu.cm−3. The change in magnetization at 400K is exclusively due to this
shift, showing that the transition is delayed. Going back to 0V at positive remanence (3),
the cycle looks overall similar to the virgin cycle. We notice a widening of the transition
inducing a smaller moment at 400K. With a symmetric negative voltage of -21V (4), the
transition is again shifted to high temperatures with T* = 365K, approximately similar
to the shift at positive voltage. This asymmetry might be meaningful, we’ll comment
on it in the following. Then back to 0V at negative remanence (5), the initial state is
restored. We notice again the widening of the transition, now very similar to positive
remanence. This persistent effect might be attributed to irreversible effects arising at
the first voltage application. Indeed the substrates responds mechanically to voltage
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stimulation that might likely affect the film through the interface and overall clamping.

Figure 6.3: Influence of an applied voltage on the dependence of the magneti-
zation in FeRh/BaT iO3 system. a: Polarization vs. voltage loop collected at 300 Hz
and room temperature. The sketches indicate the polarization of the BaTiO3 pointing
toward or away from the FeRh (green rectangle), at negative or positive voltage, respec-
tively. b: Temperature dependence of the magnetization measured at 20 kOe, for various
voltages. c: Difference of the magnetization between selected curves from b.

The data of figure 6.3-b clearly show that the application of a voltage across the
BaTiO3 shifts the metamagnetic transition by ∼25 K, a temperature interval comparable
to the width of the transition (∼35 K in our films). For temperatures between ∼350 K
and 400 K, the magnetization is drastically changed by the application of voltage, with
maximum variations reaching ∆ M = 550 emu.cm3, see Fig. 6.3-c.

From Eq. 1.13, we calculate the magnetoelectric coupling α = 1.6 × 10−5 s.m−1. This
corresponds to a gigantic magnetoelectric coupling, five orders of magnitude larger than in
single phase materials (α = 3 × 10−10 s.m−1 in TbPO4 [207]) and much higher than previ-
ous reports in composite multiferroic heterostructures (for example, BaTiO3/La0.67Sr0.33MnO3

with α = 2.3 × 10−7 s.m−1 [208], Pb(Mg1/3Nb2/3)0.7Ti0.3O3/Co40Fe40B20 with α = 2 ×
10−6 s.m−1 [209]).
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6.2.4 Voltage dependence of the magnetization M(V) at T, P and H
fixed

We can isolate the effect of voltage on the magnetization by fixing the thermodynamic
environment of the system, that is T, P and H. The external pressure and magnetic field
were already set in the previous measurement at Pmes ∼ Patm and Hmes = 20 kOe. The
measurement temperature should be chosen where the voltage effect would be maximized
according to Fig. 6.3-c. The magnetization change can be measured on either branch
of the hysteresis, see arrows on Fig. 6.3-c. But we also want to show the possibility to
change the magnetic order from AF to mainly FM and not only the magnetic moment
of the system from a high value to an intermediate value. We thus decided to start to
measure in a mostly AF state under voltage at Tmes = 385 K on the way up. To bring
the system to that point, we started by applying voltage at room temperature to shift
T* to 375 K and swept temperature up to 385 K. Temperature was raised slowly at a
rate of 4 K.min−1 to prevent overshooting that would bring the system further in the
transition on a meta-stable state, preventing a complete measurement of ∆M.

Figure 6.4: a: Variation of the magnetization with the applied voltage at 380K, after
warming up the sample to this temperature under a voltage of +21V. b: Scheme to help
visualize the equivalence between voltage and temperature. The isothermal measurement
is depicted, on the left sketch by the crossing points of the M(T) and the dash-line T
= 385K, on the right by the bold line on the M(T). The maximum temperature shift
induced by voltage ∆T = 25 K is indicated on top of each sketch.
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Figure 6.4-a presents the dependence of the magnetization with voltage at 385K,
after warming from room temperature with a voltage of +21V applied to the sample.
Upon sweeping the voltage from this value towards -21 V, the magnetization increases
from 50 emu.cm−3 to a maximum of 320 emu.cm−3 near -8 V, and then decreases to 265
emu.cm−3 at -21 V. Sweeping back to high positive voltage first raises the magnetization
to the same maximum value at about +1 V; as the voltage reaches +21 V again M then
decreases to 240 emu.cm−3. Returning to -21 V produces a hysteretic dependence, with
again a local maximum near -8 V. These data thus confirm the results of Fig. 2b and
show that very large magnetization changes can be induced by small electric fields in
FeRh/BaTiO3 heterostructures. The variation is larger for the first sweep (∆ M = 270
emu.cm−3), presumably due to the first-order nature of the metamagnetic transition of
FeRh. This ∆ M agrees fairly well with the value obtained by subtracting (3) and (2), see
Fig. 6.3-b. Past this irreversible change, a reversible variation of ∆ M ∼ 70 emu.cm−3

is obtained.

Figure 6.4-b is a qualitative sketch showing the equivalence between voltage and
temperature shift. The isothermal cycle presented in 6.4-a is equivalent to performing
the following M(T) cycle: starting at T0 = 360 K, going at T0+25K = 385K (+21V
to 0V), then going from T0+25K back T0 (0V to -21V) and so on. The presence of
the minor cycle is well understood on this picture as the hysteresis width is larger than
the 25K shift we use to cycle around T0. The sketch shows a minor cycle that reaches
the other branch of the hysteresis between the points ≡ 0V and ≡ 21V , however in
the experiment, the other branch of the hysteresis is never reached as the width of the
transition (35K) exceeds the voltage induced shift(25K).

In this regime, the magnetization dependence is mainly symmetric, suggesting that
voltage-induced strain effects from BaTiO3 are dominating the response [210]. Here too
we notice an asymmetry of the curve that could arise from a slight structural asymmetry
of the strain response of BaTiO3 to voltage or maybe from the ferroelectric polarization
direction.

6.2.5 Tcrit shift induced by strain effect

The fact that the transition temperature of FeRh depends on external hydrostatic pres-
sure [118] suggests that inter-atomic bond lengths are an important factor in the tran-
sition mechanism, through exchange and electronic reconstruction. We can thus think
that, if the stress exerted on the film by the substrate is sufficient, eventhough epitaxial
strain is anisotropic, it can modify the average volume and average bond length of the
alloy, preventing or favoring the transition. We could see, Fig. 5.15, that in the virgin
state before voltage application, the substrate peak BaTiO3(002) was split after growth.
Under these conditions, cFeRh calculated from the FeRh(002) reflection was very close
to the bulk value.

From the configuration of our system, voltage is only susceptible to reduce the average
surface of the sample, creating in-plane compressive strain. This mechanism can arise
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from two distinct effects, the first consists in changing the domain population of BaTiO3

with voltage, the second is the piezoelectric elongation response of ferroelectric domains
under voltage. The most likely to play a decisive role at such low electric fields, only 0.4
kV.cm−1, is the former.

To investigate on that aspect, we used X-ray diffraction in temperature under voltage
to visualize the voltage-induced change of the c and a domain population in BaTiO3 and
strain variation associated on the film. These measurements were done at Ecole Centrale
Paris in collaboration with Lee Phillips, Ingrid Canero-Infante and Brahim Dkhil.

The sample was mounted on a sample holder with the possibility of connecting both
sides to a voltage source. The voltage was applied in situ and 2θ-ω scans of the FeRh(001)
and BaTiO3(002) and (200)/(020) reflections were performed at several voltage steps in
the ±60 V range and several temperatures ranging from room temperature up to 440 K.

6.2.5.1 Cell parameters of FeRh and BaTiO3 versus temperature at 0V

We present in Figure 6.5-a a measurement of the out-of-plane parameter of FeRh, cFeRh,
versus temperature. cFeRh at room temperature is about 2.996 Å, which corresponds to
the virgin value calculated from Fig. 5.15 and reaches 3.020 Å in the ferromagnetic phase
at 430 K. The cycle is hysteretic and mimics the M(T) done on the same sample under
no voltage, but shifted by ∼15 K towards to higher temperatures due to the absence of
external magnetic field. Figure 6.5-b and c show the evolution of the a and c-domains
out-of-plane cell parameters and the cBTO

aBTO
ratio, respectively, with temperature. The TC

of BaTiO3 is found at 405 K.

Figure 6.5: a: temperature dependence of cFeRh. b: temperature dependence of the a
and c cell parameters of BaTiO3 on heating and cooling. c: temperature dependence of
the c/a ratio of BaTiO3 cell parameters.

A small feature reflecting the TC of BaTiO3 can be seen in Fig. 6.5-a in the be-
havior of the cell parameter around 405 K, consisting of a faster increase of cFeRh when
heating, coming from a reduction of in-plane strain in the paralectric-cubic phase, and a
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faster decrease of cFeRh when cooling, induced by the strain increase when entering the
ferroelectric-tetragonal phase.

6.2.5.2 Voltage dependence of the a/c domain ratio in BaTiO3 and cFeRh

We then performed voltage dependent measurements at fixed temperature, Tmes = 390 K.
According to Fig. 6.5-a, this temperature is sufficient to induce a partly FM state even
though no magnetic field was applied. These conditions are meant to be similar to the
SQUID-magnetometry measurement.

Figure 6.6: a, b 2θ-ω scans of the (002) and (200)/(020) reflections of BaTiO3 at 0V,
20V and 60V (a) and the (001) reflection of FeRh at 0V and 60V (b), at 390K. c
Voltage dependence of the c

a ratio of BaTiO3 top and out-of-plane cell parameter of
FeRh bottom at 390K.

Figure 6.6-a presents the split peak of BTO at 0V, 20V and 60V. We can see that
at 0V there is a coexistence of both domain types, with a majority of a domains(with a
34%/66% c-to-a domain population ratio). At 20V, the domain proportion changes in
favor of the c domains. At 60V, we see that the a domain peak has almost disappeared,
leaving just a very small signature (98%/2% ratio). In parallel, figure 6.6-b shows that
increasing voltage from 0V to 60V produces a shift of the FeRh(001) reflection by ∼ 0.1◦

which corresponds to an elongation of the cell from 3.006 Å at to 3.017 Å.

The influence of the voltage on cFeRh is also visible in figure 6.6-c. A hysteretic
variation of cFeRh with voltage is obtained, consistent with the ferroelectric character of
BaTiO3. The positions of the minima in this butterfly loop are in rather good agreement
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with those of the maxima from the voltage dependence of the magnetization (Fig. 6.4-a),
which further confirms that voltage-induced strain is driving the magnetization variation.
We note that applying a voltage of 60 V at 440K (well above the Curie point of BaTiO3)
leaves cFeRh unchanged, consistent with the paraelectric character of BaTiO3 at this
temperature.

6.2.5.3 Irreversible effect of strain on FeRh properties

The subtraction of the magnetic hysteresis versus temperature at electric remanence(0V)
and saturation(± 21V), presented in Fig. 6.3-c, shows where the voltage induced ∆M
is maximum. The maximum variation is obtained with a comparison between M(T) at
21V and the virgin state, 1-2 on the figure. Other M(T) taken at ferroelectric remanence
show a permanent loss of magnetization at 400K and a drop of the voltage induced ∆M
by almost a half, from 550 emu.cm−3 to about 400 emu.cm−3, 3-2 on the figure.

This irreversible effect is also imprinted on the out of plane cell parameter of the
FeRh film. In the virgin state, the cell parameter of FeRh is very close to the bulk value.
After voltage is applied for the first time, the base value had increased from 2.996 Å to
3.006 Å. This change represents an increase of approximately 0.010 Å, that is almost half
the total initial change, similarly to the magnetization change. This comparison reflects
the strong correlation between the cell volume and geometry change, and the transition
temperature.

6.2.5.4 Estimation of the surface change and strain effect on FeRh

We can roughly estimate the overall surface variation arising from the voltage-induced
domain redistribution at 0V and 60V. We cannot evaluate the exact experimental value
as we don’t have the in-plane parameters of BTO and FeRh. We can take the 2

3 -a and 1
3 -c

domain proportions obtained at 0V. This domain configuration at 0V probably results
from the after growth cool down through the TC of BTO when the domains rearrange
from cubic to tetragonal with the same 1

3 probability for the three directions of space. At
60V we can assume that all domains have transformed into c domains. From the out-of-
plane cell parameters of a and c domains at 0V we can calculate the surface of a c-domain
as Sc−domain = c2a−domain and a or b-domain as Sa−domain = ca−domain × cc−domain, with
ca−domain < cc−domain. We can estimate the surface ratio between the case at 0V and
60V as :

RBTO =
S60V

S0V
=

S2
c−domain

1
3S

2
c−domain + 2

3S
2
a−domain

(6.1)

From the BTO double peak, figure 6.6, we get experimental values of the cell pa-
rameters, ca−domain = 3.994 Å and cc−domain = 4.037 Å, yielding RBTO = 0.993 so a
surface change of ∼0.7%. We can also calculate an indicative value for the piezoelectric
related elongation of the BTO unit cell from ǫ = d33

V
t = 1.027 × 10−5. The piezoelectric

coefficient value d33 = 85.6 m.V−1 was taken from [211]. We obtain ǫ = 1.027.10−5.
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This elongation is not significant in comparison to the ∼0.7% accounted for the domain
reconfiguration.

We can now compare that value with a similar estimation of the surface reduction of
the FeRh film from the measured out-of-plane cell parameter change at 0V and 60V. We
know that the FeRh film is relaxed. We then allow the in-plane cell parameter to change,
accounting for the overall surface change induced by the substrate under voltage. We
evaluate the in plane parameter from the Poisson coefficient in the AF phase νFeRh =
0.32 [121] applied first on the transformation from virgin state (close to cubic) with a0
= c0 = 2.996 Å to tetragonal at 0V with c1 = 3.006 Å, see sketch 6.7.

Figure 6.7: Sketch of the elongation of the FeRh bcc cell in bulk (left), under compres-
sive strain due to growth mismatch (middle), under voltage-induced compressive strain
(right).

Then from 0V to 60V with c′1 = 3.017 Å:

a1 = c0 − (c1 − c0)ν = 2.992Å a′1 = a1(1−
c′1 − c1

c1
ν) = 2.988Å (6.2)

We neglect here the fact that FeRh changes phase depending on the (V,T) values.
The surface ratio is given by RFeRh = a12

a′
1

2 = 0.997, i.e. a surface change of ∼0.3%, and

at best ∼0.5% if we take the surface difference between the virgin and 60V state. This
value compares well with the surface change calculated for BTO suggesting that the effect
arises from the domain reconstruction rather than a piezoelectric related elongation.

6.2.5.5 Estimation of the trend temperature shift ∆T versus Voltage

At 390K and 0V FeRh is in the FM phase. Increasing voltage produces a positive
contribution to elongation of cFeRh from the BaTiO3 substrate. When the voltage reaches
50V, the elongation reaches a maximum then decreases as the voltage is further increased
to 60V, see Fig. 6.6-c. This negative contribution to elongation probably comes from
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the cell contraction occurring at the FM to AF transition. As a remark, the elongation
of BaTiO3 under voltage coming from the a to c-domain transfer is monotonic when the
voltage is higher than the coercive field, so there is no reason for this elongation decrease
to come from the substrate.

This feature is present on the four branches of the +60V to -60V to +60V cycle. It
indicates that 50V are sufficient to induce a temperature shift larger than the transition
width and recover an AF phase, see qualitative result ’if ∆T = 50K’ in Fig. 6.4-b. To
have a better idea, we can plot the temperature shift ∆T versus V , the voltage applied,
extracted from the comparison between the regions ∆M = M(0V)-M(21V) from Fig.
6.4-a and ∆T = T[M(21V)]-T[M(0V)] from Fig. 6.4-a. We thus have plots of M(T) and
M(V) so we can extract M−1(T)=T(M) and we plot T(M(V)), see Fig. 6.8-a.

Figure 6.8: a: Voltage dependent shift of the transition temperature.b: Same as a but
plotted versus

√
V . The trend is rather linear.

The function ∆T seems to evolve as the square root of voltage. To bring out that
behavior, we show a plot of the function vs

√
V in Fig. 6.8-b. Note that here we don’t

take into account the fact that anisotropic strain modifies the sharpness and width of
the transition. These effects, added to the variations between measurement of M(T) and
M(V) due to experimental error, might induce a modification of the trend. We know that
the variation of the critical temperature versus tensile stress is linear, see insert of Fig.
2.5-left. The square root trend observed then likely comes from the relation between
voltage and the cFeRh elongation, see Fig. 6.6-c. Assuming that the behavior of ∆T is
kept at higher voltages, with the slope provided by the linear fit, we can evaluate that
at 60V the temperature shift should be around ∆T60V ∼ 32K.

The width of the hysteresis under 21V is about 20K compared to the 35K in the
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virgin state. This means that the latent heat of the transition diminishes under voltage,
that is, for compressive strain. According to [109] this can be explained by a direction
change of the magneto-crystalline anisotropy induced by strain. They observed that as
the cell parameter ratio c

a < 1 and further decreases, the hysteresis width increases. And
on the contrary, for increasing values of c

a > 1, the hysteresis width decreases. This is
very pronounced on our measurement done at 5.5T. We note that the hysteresis width
should not depend on the external magnetic field [126]. We can conclude that ∆T60V is
larger than the width of the transition at 20V, so a fortiori, larger than the transition at
60V.

6.2.6 Imaging the surface magnetic domains of FeRh/BaTiO3 by XMCD-
PEEM

We previously showed that voltage applied on the system FeRh/BaTiO3/Au can shift
the transition temperature of FeRh by a strain mediated magneto-electric effect. To
obtain more insight on that effect at the microscopic scale of surface domains, we studied
a similar sample, FeRh/BaTiO3/Pd, by XMCD-PEEM with voltage applied in-situ (see
section 3.2.2.3). These measurement were done in collaboration with Lee Phillips, Florian
Kronast and Sergio Valencia.

6.2.6.1 Technical information

High resolution magnetic images were taken at the spin-resolved photo-emission electron
microscope (SPEEM) at the BESSY II storage ring in Berlin. This setup is based on an
Elmitec III instrument with energy filter, permanently attached to an undulator beamline
with full polarization control in an energy range from 80 to 2000 eV. The lateral resolution
of the SPEEM is about 25 nm for X-ray excitation. For magnetic imaging the photon
energy was tuned to the L3 resonance of Iron (706.8 eV), exploiting the element specific
X-ray Magnetic Circular Dichroism (XMCD).

Each of the displayed XMCD images was calculated from a sequence of images taken
with circular polarization (90 degree of circular photon polarization) and alternating he-
licity. After normalization to a bright field image, the sequence was drift-corrected and
frames recorded at the same photon energy and polarization have been averaged. The
Fe magnetic contrast is displayed as the difference of the two average images with oppo-
site helicity, divided by their sum. The magnetic contrast represents the magnetization
component pointing along the incidence direction of the X-ray beam.

6.2.6.2 XAS spectra and XMCD images at Fe L-edge and Rh M-edge

In Figure 6.9-a we present the XAS spectra taken at the Fe L2,3-edges and Rh M2,3-edges
at 390K, that is in the FM phase of FeRh. The signal is collected from the top 5nm of
the sample and shows typical metallic Fe and Rh signals [203], with no trace of oxidation.
A small FeOx shoulder at 710 eV develops only after irradiation for several days, so our
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film is essentially stable in our measurement conditions. In Fig. 6.9-b, we present the
associated XMCD-PEEM images taken at the Fe L3-edge and Rh M3-edge both showing
ferromagnetic domains in the µm range, with a signal 10× smaller at the Rhodium M3-
edge. The comparative weakness of the Rh signal (about 10× weaker) comes both from
the smaller induced moment on Rh atoms, typically µRh = 0.7µB against µFe = 2.2µB

[212], and the weaker XMCD contrast at the M-edge.

Figure 6.9: a: Absorption spectra in TEY at the L-edge of Fe and M-edge of Rh. b:
XMCD-PEEM images of a 12x12 µm2 surface of FeRh, at the L3 edge of Fe with hν =
707.5eV (left) and t the M3-edge of Rh at hν = 496.2eV (right).

The blue and red colors indicate magnetic domains perpendicular to the beam direc-
tion with opposite magnetic orientation. We can see that the magnetic moments of Fe
and Rh are co-linear, as expected in the FM phase.
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6.2.6.3 XMCD-PEEM under voltage

In the present experiment, we tried to reproduce the same protocol as for the magne-
tometry experiment, taking care of the magnetic cycling history of the sample. We note
that along these measurements, no magnetic field was applied in order to preserve the
spontaneous magnetic domain configuration of FeRh.

We first applied a saturating voltage of 100V to insure a mostly c-domain configu-
ration of BaTiO3 and warmed the sample from room temperature to 385K with voltage
applied. We used a higher voltage in this experiment because the BaTiO3 substrate used
here had larger coercive fields, around 50V at 300Hz.

In Figure 6.10 we show a series of images taken for incremental voltages ranging
from 100V to -100V at 385K. We recall the idea here: the measurement starts under
high voltage in the AF state, then releasing the voltage should lower the transition
temperature, so the system transits to a FM state, and we hope that applying the voltage
again should drive the system back to a completely AF state.

The first top-left images taken at 100V and 50V look identical, we see that the
FeRh surface shows no XMCD contrast, consistent with a completely AF state. At
such high voltages, the domain orientation of BaTiO3 is almost exclusively out-of-plane
(c-domains). Lowering the voltage further down to 20V we see a ferromagnetic region
appear on the lower left corner as well as a slightly contrasted region on the top right
corner. At 10V, the ferromagnetic region has expanded further to the center of the image,
and some ferromagnetic domains also appear on the top right corner. At 0V only a small
band is still antiferromagnetic.

Similarly to the magnetometry results, we show that high voltages favor the AF phase
via compressive strain effects of the substrate, and lowering the voltage to 0V is equivalent
to a sufficiently large negative shift of Tcrit to enable ferromagnetism in the sample. The
progressive expansion of the FM region with decreasing voltage may reflect the dynamic
of a-domain nucleation. At 0V, the rectangular antiferromagnetic band remaining can
be identified as a region lying on a remaining c-domain. The ferromagnetic domains
observed are similar to those found on FeRh films grown on MgO [213]. Here however,
these FM domains are only observed in stripe-shaped regions that most likely correspond
to a-type structural domains in BaTiO3. This reflects the stabilization of the FM state
on areas experiencing a weaker strain (a-type domains), and AF state on more highly
strained regions (c-type domains), in agreement with [214].

The second row of images of Figure 6.10 shows the down sweep of voltage from 0V to
-100V. We see that at -10V and -20V the sample region is now completely ferromagnetic.
The disappearance of the c-domain remaining at 0V seems to be correlated with the fer-
roelectric switching of BaTiO3. Indeed as positive DC voltages are reached, ferroelectric
switching of remaining c-domains becomes more favorable. In the switching process, the
Ti ion of each domain must pass through the center of the cell that becomes cubic at
that instant. As the process is collective, the switching induces a collective breathing of
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Figure 6.10: Series of PEEM images taken between +100V and -100V, chronologically
starting from top left. Each box corresponds to an 8×8µm2 physical region.

c-domains. If this breathing energy is greater than the energy formation of a-domains, it
will be more favorable to stabilize the structure by transforming a part of the remaining
c-domains into a-domains.

Another possible explanation can be extracted from the results of Bordel et al. [109].
FeRh thin films tend to have an in-plane magnetization under tensile in-plain strain and
out-of-plane magnetization under in-plane compressive strain, see paragraph 2.5.2.2. The
presence of a pale zone at 0V, associated to a remaining c-domain strap of BaTiO3, can
be associated to a mostly out-of-plane magnetization. This however does not explain
why this pale zone recovers strong contrast at -10V.

At -50V, we see that the contrast of FM domains fades, to leave almost no contrast at
-100V. Here voltages are larger than in the SQUID experiment, thus the transition width
must shrink even more than the 20K cycle width measured at 21V and the equivalent
temperature shift should be large enough to almost suppress remaining magnetic regions.
We see more contrast at -100V than at 100V, this must take the same explanation as for
the magnetometry measurement, see voltage-induced Tcrit shift in Fig. 6.4-b.

The fact that the hysteresis width shrinks when voltage is applied does help to com-
plete the transition from FM to AF because it is when the voltage is ON that the system
has to go through the hysteresys width where the magnetization is constant, before the
transition from FM to AF occurs. It means that the system transits from FM to AF in
the most favorable situation. The situation would of course be inverted if the transition
temperature would increase under voltage. The relevant factor here is the comparison
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between the voltage-induced shift of Tcrit and the width of the transition at Vmax.

6.2.6.4 Interface effect expansion through the film

The fact that we observe these structural dependent changes proves that the effect
happens on the full thickness of the 22nm FeRh film whereas the homogeneous in-
crease/decrease of the magnetization at the transition visible on M(T) cycles (Fig. 6.3)
only suggested that the strain propagates through the whole film thickness.

The fact that the whole thickness of FeRh is subject to the magneto electric effect
resides in the growth process. FeRh is deposited at high temperature, above the TC of
BaTiO3, at 630◦C. FeRh grows with a larger unit cell, corresponding the unit cell in the
FM phase plus the effect of thermal dilatation. As the sample cools down, At about
the same temperature FeRh and BaTiO3 both pass through their FM to AF transition
temperature and ferroelectric Curie temperature respectively. In this case, the cell volume
of FeRh decreases by about 1% and the in-plane cell parameter of BaTiO3 is smaller for
ferroelectric domains out of plane, called c domains, and larger in one direction, either x
or y whether the domains are a or b. At these temperatures, FeRh cannot rearrange and
even though the growth is not perfectly epitaxial, rather textured, the cooling process
insured an overall slight compression on the whole FeRh film. The sample will then follow
the in-plane variations of the substrate average surface, function of the voltage applied.
This effect is very large as strain can propagate on quite large length scales, at least one
order of magnitude than the film thickness of our FeRh film, see section 1.2.3.2.

6.2.6.5 Magnetic anisotropy of FeRh on BaTiO3 domains

We noticed that the contrast intensity varies with the measurement angle between the
sample direction and incoming X-Ray beam. At 0◦ the contrast is weak, see the domain
imprint of BaTiO3 on FeRh, see Fig. 6.11. At 90◦, the strong contrast indicates a
magnetic anisotropy in the direction of the magnetic moment.

From the PEEM images showed in Fig. 6.10, it is possible to extract vector maps of
the surface to obtain the FeRh domain magnetization direction. These maps are reported
in Fig. 6.12 for -150V, 0V and 150V images. We can see that most domains have green
and red colors in the strong contrats regions at 0V. In the pale area, the color is rather
blue, showing another anisotropy direction, perpendicular to the a-domains area.
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Figure 6.11: PEEM images taken with two different directions of the incoming X-ray
beam with respect to the sample, 90◦ (left) and 0◦ (right). Each box corresponds to an
12×12µm2 physical region.

Figure 6.12: Vector maps of the sample surface under -150V, 0V and 150V. Each box
corresponds to an 8×8µm2 physical region.

6.3 Investigation on the influence of charge effect on Tcrit

The transition of FeRh is accompanied with a large resistivity drop. A possible explana-
tion given by [100] resides in a gap opening of the Fermi Surface at the transition 2.4.3.
The large differences in the alloy band structure in each phase [108] and the change
in carrier concentration at the transition as well as carrier type [153], [100] are strong
arguments in that direction.
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If we assume that the explanation stands, an interesting experiment would be to force
a positive or negative shift of the Fermi energy by accumulation of electrons or holes,
respectively, and see if it can influence the transition temperature.

We can make a simple assumption based on free carrier concentrations reported from
[153]: In the AF phase, the conduction is made by electrons, probably indication a
less than half filled band, and a density of free charges almost two orders of magnitude
smaller than in the FM phase. Considering only these facts, the injection of electrons at
the interface should destabilize the AF phase whereas a charge depletion should further
stabilize the AF phase, resulting in a respectively lower or higher transition temperature.

The experiment is fundamentally interesting because it gives a feel on the importance
of charge distribution at the Fermi level in the core mechanism of the transition. This
can be evaluated through the consequences of this large carrier density change on the
transition temperature/properties.

6.3.1 Free carriers and Tcrit

The group symmetry of the crystallographic cell is identical in both phases, hence the
large band modifications cannot be related to the expansion of the cell alone. To illus-
trate this statement, in the absence of phase transition, a 1% increase of the cell volume
of any bcc metallic crystal would mainly reduce the mobility of the free carrier in the
simplest case. The band structure reorganization at the transition can only arise from
a modification of the volume dependent exchange interaction through the d-band hy-
bridization. The linearity of the relation between Tcrit and Pcrit and Tcrit and Hcrit

indicates that the important factor is the energy provided to the material to reach the
critical volume by whichever means. If now injection of charges affects the transition in a
similar way of thermodynamic quantities such as H, P, T, it would strongly suggest that
the charge concentration and charge localization in the AF phase are very important in
the magnetic order. This would present the first specific mean to affect the transition
and target more specific mechanisms to explain the transition. And the volume change
should come from localization-delocalization process (process arising from the complex
hybridization of the d-orbitals, hence the strong influence of small doping concentration
of 3, 4, 5 d electrons on the transition T and shape [114]).

Considering that the band structure of the AF phase varies strongly at the Fermi
level, with ∂n

∂E > 0, so a positive shift should, on first approximation, induce a large
modification of the density of states at the Fermi level. This charge accumulation at the
interface represents a charge chemical potential that should now be taken into account
in the thermodynamic potential of the system, favoring both an increase of the mag-
netic moment of each Fe atom and a change in density of charge at the Fermi surface.
Of course if we consider more complex processes, we should have in mind that as the
Fermi level changes, the magnetic exchange energy will be modified. And should arise
a reorganization of the spin dependent density of states at the new value of the Fermi
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level. This effect, depending on its magnitude, can either emphasize or reduce the charge
induced effect. If this idea stands, we should expect a shift of the transition temperature
towards lower temperatures as more electrons are injected in the metal. But we should
be aware of some effects that can reduce the charge accumulation effect even though the
mechanism expressed above stands.

6.3.2 Charge accumulation by electric and ferroelectric field effect

The first consideration is the fact of charge screening in metallic materials. We can
estimate rTF the Thomas-Fermi screening length in AF-FeRh from the Thomas-Fermi
model by the following formula:

rTF =

√

ǫ0
e2D(EF )

(6.3)

with ǫ0 the vacuum permittivity, e the electron charge and D(EF the density of states
at the Fermi level. For free electron gas, D(EF ) =

3
2

n
EF

, so:

rTF ∼
√

1

2

(

a03

n

)

(6.4)

with a0 the Bohr radius and n the carrier density. In the best case, for well chemically
ordered FeRh samples, the carrier density reported by [153] is about n = 0.08 e−.unit
cell−1. For a cell parameter aFeRh = 2.997 Å, a3FeRh = 26.919 Å3, so nFeRh = 2.97×10−3

e−.Å−3 = 2.97×1021 e−.cm−3. Injecting that value in Eq. 6.4, we get a screening length
for FeRh in the AF phase of about rTF = 0.96 Å. This value suggests that the experiment
should be performed on very thin films to be able to detect this localized effect. On the
other hand, if magnetic interaction are involved, the magnetic exchange length should
also be considered. The approximate order of magnitude of FM interaction length is
around 10nm, which is favorable to the extension of the effect if its strength is sufficient
to propagate gradually as the temperature is raised, see Fig. 6.13. Hypothetically,
the charges at the interface lower locally the transition temperature, allowing for the
interfacial region to switch phase before the rest of the film. As the electronic properties
of each phase are different and the charge density of the FM phase is higher, we could
think that the transition temperature of the AF region in contact with the FM phase is
lowered step by step as the temperature is raised, allowing for a smooth progression of
the phase transformation, early in comparison to the reference transition cycle.

Now the question is to know how much charges we can inject by electric field effect
or ferroelectric field effect. From a simple capacitive electrostatic calculation, we can
approximate the change in 2D free carrier density:

∆n2D = ǫǫ0
Vg

et
(6.5)

with ǫ the dielectric constant of the dielectric, ǫ0 the vacuum permittivity, Vg the
gate voltage, e the electron charge and t the thickness of the dielectric. We present the
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Figure 6.13: Sketch of the concept of charge effect and progressive gradual magnetic
propagation of the electron accumulation effect in AF-FeRh. The temperatures indicates
schematic sketches of the FeRh film under electron doping at 300K, 340K and 360K, to
be compared with the M(T) at -21V in Fig. 6.14.

t (nm) ǫ Vg ∆n2D

STOsub 500 × 103 ∼300 (300K) 100V ∼ 1012 e−.cm−2

STOfilm 20 ∼300 (300K) 5V ∼ 1015 e−.cm−2

MgO 20 ∼ 9 5V ∼ 1013 e−.cm−2

Al2O3 20 ∼ 9 5V ∼ 1013 e−.cm−2

BTOsub 500 × 103 – – P ∼ 20µC.cm−2 ∼ 1.2 × 1014 e−.cm−2

BTOfilm <50 – – P ∼ 50µC.cm−2 ∼ 3.1014 e−.cm−2

Table 6.1: The dielectric constant of the dielectric materials are bulk values. Depending
on the growth type and crystalline quality of the films, ǫ can take smaller values. The
∆n2D calculation in table 6.3.2 are thus upper limit values for the thin dielectric gates.

results for different dielectrics and thicknesses in table 6.3.2.

We can give a coarse prediction of the carrier density change in the vicinity of the
interface by adding the charges induced by gating to the carrier density of FeRh. We know
that the charge accumulation at the interface decreases as e

− r
rTF taking the maximum

value, ∆n2D at the interface, however let’s use the rough approximation that charges
accumulate in FeRh following a step function of width rTF . Which means that on rTF

the carrier density of FeRh at the interface n3Di is:

n3Di = n3DFeRh +
∆n2D

rTF
(6.6)

And we can estimate the change in free carrier density then obtained by Hall mea-
surements, meaning with the contribution of the interface weighted on the whole film,
we introduce tf as the film thickness:

170



6.3. Investigation on the influence of charge effect on Tcrit

n3D =
n3Di × rTF + n3DFeRh × (tf − rTF )

tf
(6.7)

Considering a ferroelectric field effect by a BTO crystal substrate, we would obtain in
the best case n3D

i ∼ 4.22 × 1021 e−.cm−3, and an overall carrier density for a 22nm film
n3D=3.03× 1021 e−.cm−3, which corresponds to a 2% increase of nFeRh under electron
doping. This value is only an indication of the upper limit (likely not reachable) for the
best samples and a good ferroelectric polarization at the interface in the simple case of
charge screening from a spherical conduction band. In FeRh, it is certain that hybridized
d-bands contribute to the conduction in AF-FeRh, which makes the prediction more
hazardous. An enhancement of the effective charge propagation could also come from
constructive effects due to the AF and FM phase cohabitation (as conceptually described
in Fig. 6.13) in the thin film as the system approaches the transition.

6.3.3 Effect of the ferroelectric polarization direction on the M(T) of
FeRh/BaTiO3

The ME experiment performed by SQUID presented in section 6.2.3 shows the large
displacement of the transition by voltage effect. However, it is not possible to see the full
cycle under voltage because the transition temperature is displaced to close the maximum
measurement temperature of the SQUID (400K).

A measurement under 5.5T can shift the transition further down by 44K according
to the dTcrit

dH factor, see paragraph 5.1.2.2.2. The transition can thus be completed even
under ±21V. Such measurement under voltage are presented in Fig. 6.14.

We immediately see in the figure that the cycles are very different. The dark blue
curve is taken under +21V, with the ferroelectric polarization pointing away from the
FeRh thin film, potentially inducing a depletion of electrons at the interface in FeRh.
This M(T) resembles the ones taken at 0V, with a quite sharp onset of the transition
around 365K. The light blue M(T) is taken under negative voltage, so the polarization
of BaTiO3 points towards the FeRh film and potentially induces an accumulation of
electrons. This curve shows an early onset of the transition around 325K with a small
initial slop that increases continuously afterwards. A discontinuous change of the slope
is maybe observed at about 360K.

This difference between the two opposite voltage values can be due to an electronic
effect of the ferroelectric polarization at the interface. But we should not neglect the
possibility of an asymmetric strain response of the BaTiO3 substrate with voltage, as
seen in Fig. 6.6 - c.
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Figure 6.14: Temperature dependence of the magnetization of an
FeRh(22nm)/BaTiO3/Au(50nm) sample under -21V (light blue) and +21V (dark
blue). The measurement are taken under a magnetic field of 5.5T.

6.3.3.1 Effect of asymmetric strain?

Even though the domain distribution of BaTiO3 should theoretically be independent of
the voltage sign, an asymmetry can exist and is indeed observed in our samples. We could
argue that such an asymmetry could yield a different magnitude of in-plane strain on the
FeRh film. We showed earlier that in-plane strain on FeRh results in a proportional shift
of the transition temperature. This effect should then be visualized as shift between the
light and blue M(T)s. A shift is indeed seen and disappears as the temperature reaches
400K. This progressive effect is likely due to the presence of the Curie temperature of
BaTiO3 around 400K, at which a and c domains transform into cubic domains.

However, this asymmetry in strain is harder to apply to the very clear early onset of
the transition on the -21V M(T) (light blue curve). We could still use the strain scenario
if we assumed that the strain difference diminishes with increasing temperature: so the
onset of the transition at -21V starts early due to a weaker in-plane strain than at +21V,
but as temperature increases, the thermal agitation progressively transforms a part of
the a-domains into c-domains.
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6.3.3.2 Effect of the ferroelectric polarization?

Another explanation can come from the influence of charge accumulation on the transition
of FeRh. The light blue curve exhibiting an early transition from AF to FM is taken
under ferroelectric field effect, with an accumulation of electrons. Due to the low carrier
density of FeRh in the AF phase, it is plausible that the electron accumulation is sufficient
to provide a positive energy contribution to the transition. In the contrary, the depletion
of electrons would rather act to prevent the transition to occur. The effect can be seen
as an added contribution to further lowering of the energy of the FM configuration. In
the band structure of FeRh, this can be seen as an increase of the density of states at
the Fermi level as electrons are added in the system, see Fig. 8.3, that would favor a
positive exchange constant. We will develop more on the role of charge accumulation on
the band structure of FeRh in the AF phase in the next chapter.

The shape of the M(T) under -21V in the 320K - 360K region should be addressed. If
the electron accumulation was homogeneous on an interfacial slab of the FeRh film, one
should rather expect a first jump of magnetization at Tcrit interfacial and another jump
at Tcrit. We however do not see such a clear behavior, but a rather progressive increase
of the magnetization. This effect can be understood if we suppose that the charge
accumulation only triggers the M(T), and by proximity effect, renders the transition
more favorable to the nearby layers of the film in contact with the newly transformed
FM regions, until the temperature is sufficiently high to trigger the transition of the
majority of the film, far from the interface, at about 360K.

We can also argue that because the polarization of BaTiO3 follows a Curie-Weiss law,
measuring further below the Curie temprature of BatiO3 should result in an enhanced
magnitude of the ferroelectric polarization. Then, the measurement of Fig. 6.14 under
5.5T shows a displacement of the transition sufficiently lower TC so a larger ferroelectric
field effect is obtained. The measurement done under 2T presented in Fig. 6.3 do show
a small discrepency at ±21V, but quite smaller than the one observed in the 5.5T case.
This could be related to the explanation brought above.

We also performed the same measurement on a FeRh/SrTiO3/Au sample under a
voltage of ±200V, see Fig. 6.15. The result did not show the type of modifications
obtained on the previous sample involving the large ferroelectric polarization of BaTiO3.
This can be due to the weaker field effect in the present case. indeed, we predict a ∆2D

of about 1012 charges with SrTiO3 in comparison to the 1014 induced by ferroelectric
field effect, see Table 6.3.2. It could also be so if the effect arises from asymmetric strain
values in voltage.

6.3.4 Hall measurement on FeRh/BaTiO3

To verify the hypothesis explained above, we can first see if the free carrier density can
be modified under voltage. Due to screening effects, the change of carriers, if there is, is
going to be diluted by the contribution of the whole film thickness to the Hall coefficient.
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Figure 6.15: Temperature dependence of the magnetization of an
FeRh(22nm)/SrTiO3/Au(50nm) sample under -200V (light blue) and +200V (dark
blue). The measurement are taken under a magnetic field of 5.5T.

However, the modification of the M(T) under positive versus negative voltage suggests
that the modification, if it indeed comes from a charge carrier modulation, should arise
from a thicker portion of the sample than predicted by the screening length, see Eq.
6.3.2.

The best experiment would be to measure the Hall coefficient in the AF phase and
in the FM phase, and show that under voltage, the carrier density is modified close to
the transition in a similar fashion as suggested by the M(T) measurement. It is however
difficult to do so for technical reasons due to the high transition temperature of FeRh.

We can simplify the experiment by first trying to see if the carrier density of FeRh
can be modified by field effect. A positive result would strongly indicate that the inter-
pretation of the M(T) tends to be right. However, a negative result should not discard
the result, because the charge effect can only be triggered cloise to the transition, where
the susceptibilities tend to diverge. Another verification should then be performed at
temperatures right before the transition at Tcrit-∆T.
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6.3. Investigation on the influence of charge effect on Tcrit

6.3.4.1 Technical details

The transport measurement were made in a cryostat refrigerated with He. Two thermal
probes are used to measure Temperature, one closer to the sample, placed on the copper
mass at the bottom of the long holder. The other is placed inside the chamber, close (in
height) to the top of the long holder and gives the average temperature inside the cryostat.
The magnetic field is applied perpendicular to the sample, so a rotation of the sample
holder can be used to measure with field on plane or out-of-plane. For Hall measurement,
we positioned the sample so the external magnetic field is perpendicular the surface of
the sample. The configuration was not perfectly perpendicular, so we could observe an
even magnetoresistance contribution in the normally odd Hall magnetoresistance with
H.

The magnetic field was incremented starting from 0Oe -> 30kOe -> -30kOe -> 30kOe
-> 0Oe following a fixed ramp of 45Oe.s−1. One measurement was taken every 240Oe in
average. The sample was mounted on an electronic chip and contacts from the corner of
the film were made via Al wirebonds. The sample was stuck on the holder with Ag paste
so a back gate could be applied during the measurement. The chip was then clipped
on a connection slot at the bottom of the cane. To measure in the Hall configuration,
the measurement current was applied on two diagonally opposite corners, and the read
voltage was measured between the two other corners. We verified that the measurements,
repeated in both Hall configurations via the two pairs of corners, were superimposed.

To obtain uniquely the contribution from the Hall magnetoresistance, we averaged the
positive and negative contributions ρ(H+)+ρ(H−)

2 of the resistivity. The Hall coefficient
was extracted from the higher field region, from 20kOe to 30kOe.

6.3.4.2 Hall coefficient under voltage - not conclusive

We present the following experiment and results as indicative only. We only measured the
carrier concentration in the AF phase since the measurement of the BaTiO3 ferroelectric
cycle was destroyed after the experiment. The difference obtained under voltage thus
cannot be taken as a definite result.

In Fig. 6.16, we present the field dependence of Hall resistivity of a 22nm FeRh thin
film grown on a BaTiO3 crystal. A Pd electrode of 50nm as grown on the back side
of the substrate to apply voltage accross the sample. The measurement were done at
290K in the virgin state and for both directions of the voltage, +31V and -31V. The gate
voltage was applied from the bottom of the sample this time (from the Pd electrode), so
a positive voltage would induce a ferrolelectric polarization of BaTiO3 pointing towards
the FeRh thin film, supposedly resulting in an accumulation of electrons at the interface
in FeRh. The curves decrease monotonically, indication of negatively charged carriers, as
reported by De Vries et al. [153]. We also note the sharper increase in the H=0 - H=5kOe
region, which can be associated to the anomalous Hall effect, due to the presence of a
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ferromagnetic moment in the AF phase. At magnetic fields higher than 20kOe, the Hall
resistivity seems to enter a linear regime. We can notice that the virgin curve enters
the linear regime earlier, suggesting that the anomalous hall effect is smaller. This could
arise from the effect of in plane strain under voltage that modifies the microstructure of
FeRh in certain areas.

Figure 6.16: Hall resistivity versus magnetic field under 0V, -31V and +31V. Inset: close
up of the 20-30kOe region with the linear fit for each branch.

The expectations from such an experiment were presented at the end of section 6.3.2.
We calculated that for an averaged polarization of BaTiO3 around 20 µC.cm−2 and
an FeRh film thickness of 22nm, an increase of 2% should be observed in the carrier
concentration of the film under electron doping compared to the undoped film. We
would also expect that the carrier density of the film under hole doping is smaller than
under 0V. The carrier density can be obtained from the Hall coefficient RH at high
magnetic field via the following relation:

RH =
dρxy
dB

=
1

en2D
(6.8)

From Eq. 6.8, we obtain the 2D carrier density n2D in e−.m−2. The linear fits
were performed on the 20kO-30kOe field region where the Hall resistance RHall seems
linear, see inset of Fig. 6.16. We obtain RH=5.276 × 10−2 Ω.T−1, yielding n2D=1.1846
e−.cm−2, so for a thickness of 22nm of FeRh, n3D[0V]=5.384 × 1021 e−.cm−3=0.14
e−.cell−1 in the virgin state. Under electron doping at +31V, we obtain RH=5.054 ×
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10−2 Ω.T−1, yielding n3D[+31V]=5.621 × 1021 e−.cm−3. At -31V, RH=5.091 × 10−2

Ω.T−1, so n3D[-31V]=5.580 × 1021 e−.cm−3.

We can see that the difference between the virgin state and the states under voltage
is very large, around 4.4%, whereas we our hopeful approximation gave about 2%. We
could hope that this difference is due to the effect of charge doping. However, the fact
that there is a very slight change between the +31V and -31V states around 0.7%, where
we would expect the largest effect, suggests that we only see a sign independent effect
of voltage on the film properties. his could be an irreversible effect which could hae
been visible on similar measurements a remanence. We do not have these measurements
because we first wanted to verify the state of the ferroelectric properties of BaTiO3. The
application of voltage seemed to have damaged the properties of BaTiO3, the crystal
batch used also tended to break at high temperature.

This experiment should thus be re-done on another sample with good ferroelectric
properties, reproducible ρxy(H) under voltage and a verification that the M(T) displays
a similar effect of the voltage as seen in Fig. 6.14. Ideally, the quality of the films in
terms of transport properties should be enhanced to reach very low carrier densities in
the AF state such as 0.08 e−.cell−1 and the thickness of the films should be reduced in
the 10nm range to increase the interface signal ratio.

6.4 Ab-initio calculations of the magneto-electric coupling
in the FeRh/BaTiO3 heterostructure

To gain more insight into the physical mechanisms responsible for the observed giant
voltage-induced magnetization changes, we have performed first-principles calculations
in the framework of density-functional theory. The lower energy of the AF phase and cell
volume for each phase are quite well predicted by first principle calculation in general
The moments in the AF phase and FM phases are also quite close to experimental values
from neutron diffraction [95] and XMCD [203]. Also, the electronic modifications of
the valence band arising at the transition are fairly well described by band structure
calculation, see Fig. 2.12. One should note however that the energy difference between
the AF and FM phase is predicted one order of magnitude larger than the experimental
value [138]. All calculations are made at 0K, but it is possible to use the linear Pcrit

- Tcrit equivalence to obtain estimations of the critical temperature variations. These
base elements gives confidence in the qualitative results first principle calculations can
provide. The spin polarized density functional calculations were performed by Viktoria
Ivanovskaya with the AIMPRO code [215] in the local density approximation, based on
regular fruitful discussions and experimental feedback.
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6.4.1 Technical details and basic characteristics

Relativistic pseudo-potentials were generated using the Hartwingster-Goedecker-Hutter
scheme, resulting in basis sets of 50 independent Gaussian functions for iron and rhodium,
40 for titanium and oxygen and 20 for barium atoms. All atoms were optimized us-
ing a conjugate gradient scheme until the forces become less than 10−4 eV.Å−1. Elec-
tronic structure convergence was assured by constraining the energy difference in the
self-consistent cycle to be below 10−7 Hartree.

We obtain for the body-centered cubic AF FeRh a cell parameter of 2.922 Å and
for the FM phase a cell parameter of 2.935 Å. Magnetic moments on the Fe and Rh
atoms are respectively 3.21 and 0.00 µB in AF FeRh and 3.29 and 0.94 µB in FM FeRh,
consistent with previous first-principles simulations [108]. For the tetragonal phase of
BaTiO3 we obtain an equilibrium lattice parameters of a = 3.945 Å and c

a = 1.018 Å,
in good agreement with the experimental values [216]. In order to simulate the epitaxial
growth of the metal onto the perovskite, we fixed the FeRh in-plane cell parameter to the
optimized value for BaTiO3 and left the out-of-plane supercell parameter free to relax
simultaneously with the atomic positions.

6.4.2 Influence of strain on the stability of AF and FM states of FeRh/BaTiO3

We first address the influence of strain on the properties of FeRh. The red lines in
Fig. 6.17 present the dependence of the internal energy as a function of the isotropic
strain for the FM and AF states (for both states the strain corresponds to the relative
cell parameter change relative to that of the equilibrium AF state). At zero strain,
the AF state is more stable by 93 meV, as usually reported from LDA and most GGA
approximation codes. The energy minimum for the FM state occurs at positive strain
(∼0.6%), which reflects the larger cell volume in the FM state.

The red curve in Fig. 4b shows the difference ∆E = EFM -EAF between the two energy
curves (again, the AF equilibrium cell parameter and internal energy have been taken as
a reference for both magnetic states). We find a monotonic increase of ∆E as compressive
strain increases, which corresponds to a progressive increase of the stabilization of the
AF phase. This means that the AF phase is favored on a larger range of temperature at
the expense of the FM phase. This trend is consistent with previous calculations [217]
and corresponds to the reported enhancement of Tcrit with hydrostatic pressure [119],
[218].

For comparison, we reproduce in Fig. 4b (square symbols, right axis) experimental
values of Tcrit as a function of the isotropic strain estimated from the hydrostatic pressure
(see 2.4) and Young’s modulus E = 170 GPa.m−2 [119].

In order to compare favorably our theoretical data with the experimental points from
[119], we assumed that, following the trend of ∆E for increasing tensile strain, one should
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Figure 6.17: Influence of strain on the stability of antiferromagnetic and fer-
romagnetic states. a Energy per FeRh unit formula vs. isotropic strain for AF and
FM bulk FeRh. b Energy difference between the AF and FM phases for isotropic strain.
The data for the transition Tcrit temperature dependence vs. isotropic strain are taken
from [119], see Fig. 2.4 - right.

reach a point where the FM state would become more favorable the lowest energy state.
This state would correspond to ∆E = 0. As the calculation are done at 0K, this would
mean that the transition temperature is hypothetically 0K. This is the first point of
equivalence between the energy scale and the critical temperature scale. To fix a second
point, we can associate ∆E at 0% strain with the value of Tcrit at atmospheric pressure.
Doing so, we can associate a temperature variation induced by the strain we calculated
from the FeRh(001) reflection shift in 6.2.5.4. If we assume a strain of 0.5% at 60V, the
equivalence gives a shift of Tcrit by 33K. From the figure 6.8-b, we estimated a rough
change of about 34K under 60V (i.e. 0.5% strain) for anisotropic strain. This comparisons
are to be taken as indications only. We remind that our ∆E = 93meV at equilibrium
overestimates the energy change at the transition by one order of magnitude, like most of
Ab Initio predictions. We do not know what factor causes this large discrepancy, which

179



Chapter 6. Electric control of the magnetic state of FeRh

could evolve non-linearly and not equivalently for isotropic and anisotropic strain.

6.4.3 Influence of charge injection at the interface of FeRh/BaTiO3

We now turn to the role of electrostatic effects. Figure 6.18-a and b present spin-resolved
partial densities of states (PDOS) projected on Fe and Rh sites. We find a much lower
density of states at the Fermi level in the AF state than in the FM state, consistent with
previous calculations for bulk cubic FeRh([133], [108])and with Hall measurements [153].

As a consequence, a lower capability for charge accumulation and higher depolariza-
tion fields are expected at the FeRh/BaTiO3 interface when FeRh is in the AF state
compared to when it is in the FM state. This effect is evident in Fig.6.18-c, which
presents the energy difference between the FM and AF states as a function of the in-
jected charge (for both cubic and constrained FeRh) that would correspond practically
to different values of the ferroelectric polarization in the BaTiO3. Whereas hole injection
into FeRh does not significantly alter the relative stability between the two magnetic
phases, electron injection progressively stabilizes the FM phase. This latter figure is
the result of self-consistent calculations of electron or hole-charged cells i.e. it does not
directly correspond to specific, ab initio-computed, polarization-dependent hybridization
and screening effects at the interface.

These results present the trend that the system follows for various levels of charge
injection (i.e. stabilization of the AF state for hole injection) that would practically
correspond to different values of the ferroelectric polarization in the BaTiO3. From the
explicit calculations for the equilibrium interface structure at zero applied electric field
(Fig. 6.18-d) we can calculate that hybridization and screening effects in this case induce
a charge accumulation of about 0.1 e- in the first two metal atomic planes in the Pup case
and a nearly 0 charge in the Pdown case (practically corresponding to about -0.1 h+ charge
in Fig. 6.18-c, i.e. these effects will tend to favor the FM state). One can thus expect
that at the interface between BaTiO3 and FeRh, the Pdown state (polarization away
from the interface) has only a weak effect on the stability of the magnetic order but the
Pup configuration (polarization towards the interface) should promote the stabilization
of ferromagnetism.

The relative stability of the two magnetic phases described here for bulk FeRh has
also been investigated in the specific case of the interface with BaTiO3 at its equilibrium
polarization. We consider the interface between Fe-terminated FeRh [001] and TiO2-
terminated [001] BaTiO3, which corresponds to the most energetically favorable cutting
plane. Metal atoms are located on top of oxygen atoms of the perovskite surface [219],
see Fig. 6.18-d. The two interfaces of the supercell have the same composition but
different relative orientations with respect to the ferroelectric polarization Pup or Pdown.
As expected, the interface with the AF slab is more stable than with the FM slab.
However, to investigate more precisely on the influence of the ferroelectric polarization
on the interfacial magnetic state, we have also considered an FeRh/BaTiO3 supercell
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Figure 6.18: Influence of charge injection on the magnetic order. a, b Spin-
resolved Fe 3d and Rh 4d PDOS for AF (a) and FM (b) FeRh at the compressive strain
expected for the interface. The Fermi level is set at zero energy. c Energy difference per
FeRh unit formula between the FM and AF states as a function of the injected charge
in hole(h+) per interfacial unit cell. d Atomic structure of the FeRh/BaTiO3 supercell
(the direction of the ferroelectric polarization P is denoted by the arrow) and optimized
structures with different magnetic ordering. In the AF* configuration the first FeRh unit
cell at the Pup interface is FM. The color scale represents the local magnetic moment.

where the first FeRh unit cell at the Pup interface was set to be FM (AF* in Fig. 6.18-
d). We found that this structure is 100 meV more stable than the structure for which
the FeRh is entirely in the AF state. A similar analysis at the Pdown interface gave a
lower energy for the purely AF configuration. This behavior indicates a clear asymmetry
between the Pup and Pdown states and an easier transition to the FM state in the first
case. This is consistent with our observation of a larger magnetization at -21V (Pup)
than at +21V (Pdown) in Fig. 6.4-a.
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6.5 Sum up

In summary, we have found that in FeRh/BaTiO3 a moderate electric field can produce
a giant magnetization variation, arising from the electric-field induced transformation of
the FeRh from an antiferromagnetic state to a ferromagnetic state. The effect occurs
just above room temperature and is mostly driven by the piezoelectric effect of BaTiO3

but charge accumulation and depletion effects related to the ferroelectric polarization of
BaTiO3 possibly contribute as well. In the future, it would be attractive to combine
FeRh with piezoelectric elements with larger responses such as relaxors [220], as our
extrapolation suggest Tcrit changes by 60K under 1.5% strain. The effect could be
further increased and tuned to a range of operation temperature including 300 K by
using Pd-substituted FeRh [112]. We have also showed that here is a likely effect of
charge doping on the transition of FeRh, via SQUID measurement under voltage. The
observations are backed by ab initio calculation on the BaTiO3 system showing an effect
of charge doping on the phase stability of FeRh at 0K. We have attempted to gain more
insight on the phenomoenon by measuring the carrier density of FeRh in the AF phase
under positive and negative voltage. These transport measurements are promising but
demand more rigorous realization and analysis.
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Chapter 7

Concept of a tunable memristive
response in a FeRh/piezoelectric

system

One aspect of the metamagnetic transition of FeRh in thin films is the fact that any
state along the way can be stabilized, meaning that the system can sustain a given ratio
of cohabitation of the AF and FM phases at a given temperature along the transition.
This in itself is not typical of a first order phase transition and can be explained by the
structural properties of FeRh thin films. The presence of microscopic grains suggests
that the macroscopic transition observed is a summation of all first order transition of
each homogeneous grain with each a given composition and strain state. The situation
can be understood as a distribution of activation energies of each grains, centered around
the average transition temperature situated at the inflection point of the magnetization
increase or decrease, see Fig. 5.4-a and b. And the width of the distribution is directly
related to the variance in microstrain in the film and composition of each grain.

This situation indicates that at a given temperature along the transition, any mag-
netization state from 0 up to the magnetization of the FM phase can be sustained with
no risk for the whole system to either creep back to a fully AF state or creep up to a
fully FM state. In addition, the magnetic transition of FeRh being accompanied by a
large resistivity change, any value of resistance along the transition can also be stabi-
lized. Stabilizing any magnetic/resistivity state of the system at will can be conceptually
and practically very useful in the design of a memristive unit, because not only the
magnetization/resistivity state changes, but it retains the information, as long as the
energy associated to the thermodynamic environment (P,V,T) is stable. This last point
is of importance because, it implies that some energy has to be provided to the system,
for instance, for the temperature to be kept at a given range, for the magnetic state
to be maintained. The range corresponds theoretically to the width of the hysteretic
cycle. To illustrate this last point, if the temperature T1 larger than the temperature
of the thermostat T0 (room temperature), the temperature slightly decreases down to
T1-∆Ttr on warming (and increase to T1+∆Ttr on cooling) and still maintain the mag-
netic/resistance state, see Fig. 7.1.

As memristor is by definition an electronic component in which the electric flux φ is
function of the electrical charge q that passed through it [221]. Is then introduced the
memristance M in the relation between the charge and the flux:
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Figure 7.1: Sketch of the AF to FM transition of FeRh. Both the change of magnetization
M(T) and resistivity ρ(T) are represented. T0 is the thermostat and T1 correspond to a
meta-stable state along the transition. ∆T is the width of the transition, and corresponds
to the maximum temperature variation allowed so the meta-stable state is maintained.

dφ = Mdq (7.1)

This can be written in terms of the current i and the resistance state R of the
memristive system in the following generalized form [221]:

v = R(w, i)i (7.2)

dw

dt
= f(w, i) (7.3)

with Eq. 7.2 the normal I-V relation of the system between the current intensity
and the voltage expressed with the resistance R, and Eq. 7.3 the relation linking the
time derivative of the state variable of the system w with the current. This last equation
indicates that the resistance is going to depend on the state variable history.
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The fundamental question here is to know if any electronic or magnetic phase transi-
tions, and even other types involving the desired properties, can be domesticated to lead
to new types of processing. In the present case, we try to address the question in terms
of analog data storage with a memristive functionality using the material FeRh. The
problem we face here is the retention of information. The typical characteristic looked
for in a material to be memristive is first that the resistivity changes permanently when
a critical current is applied and second, that all of the stable states are at the same
energy level when the system is at rest, meaning that the state of the system will remain
with a long characteristic time. Is is for instance the case for the first ever designed
memristor by Strukov et al. based on an electro-migration process under electric field
in a TiO2-oxygen-poor TiO2−x bi-layer [222]. Following this, other works have been de-
veloped using similar electro-migration processes via defect or vacancy propagation [223]
and current-dependent formation of a metallic filament [224], [225], [226]. Another exam-
ple that we can cite and on which we contributed has been developed by Chanthbouala,
Grollier et al. [227] where the resistance of a BaTiO3 ultra thin ferroelectric film changes
as current passes though. The change of resistance in this device is associated to the
gradual change of domains with polarization pointing towards one electrode or the other.
In this device, every intermediate state between all domains up or all domains down is
stable because the dynamics of polarization reversal is limited by the nucleation charac-
teristic time, and not the domain propagation. This can be understood as an assembly
of uniform grains with a statistical distribution of activation energies.

In such a devices, we note that the potential landscape is rather flat, with metastable
states along the electro-migration path. This situation is illustrated in the first scenario
of Fig. 7.2 where we first expose the initial state of the system, then after application
of an electric field-induced electro-migration. This situation involves an ensemble of
equipotential states that can be reached at will using en external parameter.

The key point in using any phase transition to act as a memristive system is to find a
current-related trigger to the parameter or parameters driving the transition. In FeRh,
the potential landscape along the transition is schematically described in the second
scenario of Fig. 7.2. We can see that the energy landscape is not flat in average but
slanted so that as the order parameter increases, the energy of the states increase. What
we propose here is to artificially flatten the potential landscape using an other external
parameter acting on the transition. In FeRh, we can use the external pressure or magnetic
field to do so. Of course, the energy involved to drive the transition is constant, but the
energy provided by the current is now tunable. Strain, for instance, can be used to shift
down the potential ramp of FeRh. The thin film of FeRh then logically behaves like a
memristor (but still not ideal due to the i2 dependence of Joule energy [228], similarly
to the work published by Kuzum et al. [229]).

This approach is interesting in the sense that it allows to separate the logical schemes
necessary to build a system with memristive properties and widen the range of possibil-
ities and combination.
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Figure 7.2: Representation of the energy landscapes versus order parameter of a. an
ideal memristive system, b. the phase transition of FeRh in thin films (hence the local
minima along the energy increase).

In the following, we will expose a simple system of equations describing the memristive
response of FeRh in thin films. The first section will expose the case of FeRh under
heating only, the second section will try to show the simplifications in the memristive
response of FeRh when a modulable strain state on the film is considered.

7.1 Can FeRh (in thin films) be described as a memristive
system?

In our system, we can associate the state variable to the proportion of volume that has
switched from one phase to the other. For instance, we can introduce the parameter w(t)
= pFM that represents the proportion of the volume in the FM phase versus the total
volume. The parameter then takes values between 0 and 1. According to the simplified
hysteresis cycle of the FeRh transition represented in Fig. 7.3, on warming, at T≤Ti (the
onset of the transition) pFM(T) = 0, and at T≥Tf (the end of the transition) pFM(T)
= 1. We can consider that the transition is linear on both heating and cooling to simply
the problem. We also introduced Tcrit the average transition temperature, defined as
Tcrit = Tf−Ti

2 , and ∆Ttr the width of the hysteresis.
We can then write w(t) under constant warming for Ti ≤ T ≤ Tf :

186



7.1. Can FeRh (in thin films) be described as a memristive system?

w(t) =
1

Tf − Ti
(T (t)− Ti) (7.4)

Figure 7.3: Simplified representation of the transition of FeRh with a linear in-
crease/decrease of the magnetization and resistivity. The y axis represents the proportion
of volume of FeRh in the FM versus the whole volume.

We can now try to define the system with via equations 7.2 and 7.3. We have to
consider that the heating is induced by joule effect:

dQ

dt
= R(w, i)i(t)2 (7.5)

An because Q = CT , we have:

dT (t)

dt
=

R(w, i)

C
i(t)2 (7.6)

At the same time, there is a loss of heat due to the environment that acts as a ther-
mostat at temperature T0. The temperature change over time of FeRh can be described
by Newton’s law of cooling (we consider cooling in air):

dQ

dt
= −hA(T (t)− T0) (7.7)

with h the heat transfer coefficient used to calculate heat transfer by convection
between a fluid and a solid, A the area of FeRh exposed to air, T(t) the temperature of
the solid exposed to the fluid at temperature T0. We can also substitute Q by T in this
equation:

dT (t)

dt
= −1

τ
(T (t)− T0) with τ =

C

hA
(7.8)
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We can write the above equation in terms of the order parameter w(t):

dT (t)

dt
= −1

τ

[

(Tf − Ti)w(t) + Ti − T0

]

(7.9)

We note that τ is a constant characteristic of the system and has the dimentionality
of a time. It can be set as the characteristic time of the system. A solution to this
equation takes the following form:

T (t) = T0 + (T (t0)− T0)e
− t

τ (7.10)

If we consider instead that the thermostat is a hot plate, we’ll have to consider heat
transfer from the plate through the substrate where the FeRh volume is grown. We
won’t consider this approach in the following, but rather the simplified case where FeRh
is surrounded by a fluid where convection contributes in majority to the heat flow. (Also,
we neglect the heat loss by emissivity and conduction.)

We introduce the values Ri=R(Ti) > Rf=R(Tf ) that designate the resistance state of
FeRh respectively at the start of the transition where the material is completely AF and
the resistance is maximum, and the end of the transition where the material is completely
FM and the resistance is minimum, see Fig 7.3. We can express the equivalent resistance
to the system via the order parameter w(t) as :

R(w) = Ri(1− w(t)) +Rfw(t) (7.11)

We consider that the resistance of the FM and AF volumes are in series because
of the similar trend of the magnetization and resistivity of FeRh along the transition.
Considering resistors in parallel would suppose that there is a percolation of the AF and
FM regions together along the current flux, which is not the case.

We can then write the equations 7.2 and 7.3 on the warming branch of the transition
function of the temperature contributions from Eq. 7.6 and 7.9.

v(t) = [Ri(1− w(t)) +Rfw(t)]i(t) (7.12)

dw

dt
=

1

Tf − Ti

[

R(w)

C
i2 − 1

τ
Π∆Ttr(t)

[

(Tf − Ti)w(t) + Ti − T0

]

]

(7.13)

We introduced a gate function, Π∆Ttr(t), defined as:

Π↓
∆Ttr

(t) =

{

0 if maxt≥0(T (t))−∆Ttr ≤ T (t) ≤ maxt≥0(T (t))
1 else

to take into account the fact that if the heating stops or is not sufficiently high, the
temperature will decrease. However a decrease of the temperature does not mean that
w(t) will also decrease due to the hysteretic behavior of the transition: as said earlier,
the maximum value of w(t) will remain constant as long as:
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max
t≥0

(T (t))−∆Ttr ≤ T (t) ≤ max
t≥0

(T (t))

So during this time, dw
dt = 0. We can calculate this time ∆t during which the

information of the system is retained after the current is set to 0 at t = tstop. It is the time
needed for the system to experience a temperature loss of ∆Ttr during which dw(t)

dt = 0
when no current is applied. For clarity, we can say that T (tstop) = maxt≥0(T (t)). We
can use Eq. 7.10:

∆Ttr = (T (tstop)− T0)e
−∆t

τ

And follows:

∆t = τ
[

ln(T (tstop)− T0)− ln(∆Ttr)
]

If the temperature decreases enough to reach the other side of the hysteresis, that is,
for values of T lower than Tmax-∆Ttr, w(t) will start to decrease along the other branch
of the hysteresis. This is well described. However, we don’t take into account the fact
that if the temperature goes up afterwards, the system will have to travel again through
the hysteresis width before it increases again. If one considers this cycling, we have to
consider the times of ton and toff that define the start and stop of the last current pulse,
and another condition should then be added to Eq. 7.13 stating that if dw(t)

dt < 0 then
the gate function becomes:

Π↑
∆Ttr

(t) =

{

0 if mint≥toff (T (t))−∆Ttr ≤ T (t) ≤ mint≥toff (T (t))

1 else

It follows that the previous gate functions has to be applied if dw(t)
dt > 0 and has to

be modified:

Π′↓
∆Ttr

(t) =

{

0 if maxt≥ton(T (t))−∆Ttr ≤ T (t) ≤ maxt≥ton(T (t))
1 else

Such a construction is conceptually interesting but not practical to manipulate ex-
perimentally. Within this simple picture, we can see that FeRh in itself can be regarded
as having memristive characteristics, but the associated temperature loss is problematic
because it forbids long-term information storage. We also see that as the temperature
increases, so as w(t) increases, the loss of heat accelerates. This makes each current pulse
less efficient in changing the state of the system, which can be translated into a harder
learning as the memristor becomes less resistive. As discussed in the introductory part,
this is inherent to phase transitions driven by temperature. However, with FeRh, we
have several ways to stabilize a given thermodynamic environment, via external stress
and magnetic field.
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7.2 FeRh/piezoelectric for a tunable plastic-response mem-
ristive system

Let’s assume here that the system consists of a thin film of FeRh grown on a piezoelectric.
Using the equivalence between external pressure and temperature, it is theoretically pos-
sible to stabilize Tcrit at any temperature in a given working range. This feature greatly
simplifies the problem because now we can suppress the effect of thermal relaxation on
the order parameter w(t): If the system is heated by the current flow up to T0+∆T,
we can prevent the temperature of the system to decrease after heating due to thermal
relaxation by setting the piezoelectric to the right amount of tensile strain (to shift down
Tcrit) on the FeRh film, so the hysteresis cycle is shifted by -∆T, see Fig. 7.4.

Figure 7.4: Effect of strain on the transition temperature in the simplified description of
the transition.

From the linear relation between critical pressure and temperature (see section 2.2.4.1
and Fig. 2.4), we can assume that around the transition we can write:

P (t) = αT (t) + β (7.14)

With α the slope of the linear relation and β the transition pressure at 0K. We can
thus set the evolution of P(t) so it exactly counter the evolution of the temperature lost
via Newton’s law of cooling:

dP (t)

dt
=

1

ατ
(T (t)− T0) (7.15)

Doing so is equivalent to translating Tcrit to Tcrit-∆T, or if we stay in the referential
of the hysteresis it is equivalent to shift T0 to T0+∆T.
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We can thus get rid of the second part of Eq. 7.13 associated to heat loss so it
becomes:

v(t) = [Ri(1− w(t)) +Rfw(t)]i(t) (7.16)

dw

dt
=

1

Tf − Ti

R(w)

C
i2 (7.17)

The fact that there is a direct equivalence between several parameters on the same
phase transition opens the possibility to tune at will the time-evolution of the resistance
of the system. For instance, changing the value of the slope in Eq. 7.14 can modify the
resistance of the film as w(t) increases. For a smaller coefficient, for an identical time
pulse repeated several time, the later pulses will induce a smaller ∆w(t) than the first.
On the contrary, if the slope is larger than α, each subsequent pulse will induce a larger
∆w(t) than the previous.

The memristor will then become more resistive or less resistive function of P(t), so
that it mimics a harder learning as knowledge is gained (every knew bit of knowledge
is harder to obtain than the previous). Or inversely, learning gets easier as the sum of
knowledge increases.

Now dw
dt simply depends on i(t)2 and every state along the transition is stable for as

long as the strain is kept. We agree on the fact that it costs energy to keep the memory
state, but on a logical point of view we showed that a phase transition can be used to
build a memristive system. We can further push the logic and set the evolution of P(t)
so that the FeRh film behaves like an ideal memristor, so that dw

dt only depends on i(t)
and w(t).

7.3 Sum up

In the previous chapter, we showed that FeRh is an interesting system that gives the
opportunity to study several types of effects due to the several degrees of freedom of its
magnetic/structural transition. We proposed that in thin films the normally abrupt first
order transition can be understood as a sum of abrupt transition of each grain form-
ing the film, resulting in a progressive transition with metastable state along the phase
change. This observation lead us to consider FeRh in thin films as fitting in the descrip-
tion of memristive systems. However, due to the stabilization of each state under a given
thermodynamic environment, when the system is not heated by the current flow, its
temperature rapidely decreases until it reaches the thermostat temperature (room tem-
perature). A solution to this is to use the proven shifting effect of in-plane strain on the
magnetic transition of FeRh, exposed in section 6.2, to stabilize the state reached along
the transition under current heating. This effect can lead to build memristive systems
with the desired hardening/softening resistance over time and opens the possibility to
consider a wider range of materials and energetic phenomena to build logical memristive
architectures.
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First-principles study of FeRh
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8.1 Introduction

Most of the methods used to calculate the FeRh system via first principles proposed
a vision based on macroscopic energy criteria. And the mechanisms that activate the
magnetic transition remain unknown. More studies now focus on the role of magnetic
fluctuations and so use conjunction of first principle calculations and, for example, Monte-
Carlo simulations [107], [134], [108]. However, it is also possible to try to view the system
from the inside, through the subtle energetic variations of the energy with the parameters
known to macroscopically change the transition temperature, in other word, change the
stability of one phase at the benefice of the other. With calculation using DFT (density
functional theory), it is only possible to study one magnetic configuration at a time. It
allows to find the lowest energy state of the system function of its crystalline phase and
cell parameter, and takes into account magnetic correlation.

That said, it is possible to get around that fact and record the state of the system in
each phase along a continuous variations of a given parameter, so that the study of the
DOS of the system at each step should show the trend of modifications occurring. FeRh
is a good candidate because several thermodynamic parameters act on the transition,
permitting to define the logical landscape of the possible causes of the transition. The
continuous variation of the transition temperature with several parameters indicates that
the instability of the system close to the transition, or rather the consequence of the
intrinsic cause of instability, can be observed at a microscopic level in the variation of
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the band structure of the material. Understanding these changes should bring to light
more logical elements that can help in finding the key mechanism of the transition and
the chronological order of the modifications leading to the macroscopic result observed at
the transition: a change of 1% in volume, of magnetic order, of carrier density and type.
In the following, we propose to study the changes of the band structure and Fermi surface
under external pressure to extract the continuous or let’s say, "progressive" modification
of the band properties, with special attention to the d-band.

This intuition is based on the idea that for any transition, there is a possibility to
find a parameter that depicts the continuous energy change that the system undergoes
before the transition happens. Even if the transition is brusque according to a given
order parameter, an energy build-up should be observable on some of the material prop-
erties and should possibly shed light on a deeper reason of the phase change. Statistical
mechanics smooths individual behaviors to extract the average response and trend of a
system and its evolution. However, in both directions, from microscopic to macroscopic
or macroscopic to microscopic, a continuous to discontinuous or discontinuous to contin-
uous relation can logically be established. In the present system, the transition is labeled
as first order, meaning that the transition viewed through the magnetization properties,
on a microscopic and macroscopic point of view, is discontinuous. But it does not imply
that the transition is not accompanied by a continuous change with temperature for in-
stance. This idea of a continuous change over some properties of the material in FeRh is
supported by the high number of degrees of freedom affecting the transition. Also, the
high transition temperature is unusual in such transition metal systems and supports
the idea that antagonist mechanisms are involved and reinforced by thermally activated
effects in a similar fashion until the pro-transition mechanisms take over.

It is then possible to imagine that until the transition temperature is reached, the
underlying conditions that direct the magnetic order is maintained. It is therefore con-
sistent to project that the system progressively changes until the point of instability is
reached and the energy build-up, reaching a critical value, can be minimized via another
magnetic-related mechanism. This is materialized by the hysteretic nature of the tran-
sition. It is not always so, in other types of transitions the change from one state to
another can be continuous and just limits the propensity of the energy build-up with
respect to a given parameter rather than lowering the energy of the system (continuous
energy E(χ) but discontinuous derivative ∂E

∂χ of the energy versus the given parameter
χ).

We can assume that all changes macroscopically observable close to the transition,
such as the magnetic susceptibility, should take root in the sublevel scale, in the electronic
structure of the material. We can try to observe the changes close to the crossing point
of the energies of both phases function of the interatomic distance. We can obtain a
critical volume from which, at 0K, the lowest energy phase goes from the AF phase to
the FM phase and this energy change must be associated to continuous changes of the
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band structure that would be lowered in the FM phase.
Therefore, the idea is to look at changes that are not energetically favorable at the

electronic level, such as electron-localization, accumulation of anti-bonding states below
the Fermi level, etc, that can be avoided if the system transits to the other phase.
The route to bring light on the directing mechanisms can then be found by studying
the structural electronic properties of the alloy in each phase that are reflected in their
band structure and density of state. Then, attempt to find what thermally-activated
mechanism could alter the system in such a way that it would modify the magnetic
ground state.

8.1.1 Computation parameters

Our calculations were performed with the code Quantum Espresso. We performed our
calculation on the FeRh system within the linear augmented plane wave approximation,
using PBE(GGA) and LDA pseudo-potentials from GBRV [230]. We selected the type-II
AF spin configuration for the AF ground state for which the AF coupling is in between
successive layers of (111) planes of Fe, as previously predicted by first principle calcula-
tions [137] and suggested by the experiment. Four atoms per cell are necessary to study
the type-II AF configuration. Accordingly, we made all calculations for both magnetic
phases under the same conditions to be able to compare the total energies and extract
relative trends.

We used 8x8x8 kpoints for static total energy calculations of both the AF and the
FM phase. We used 16x16x16 k-points to calculated density of states and projected
density of states. For total DOS we used both the tetrahedron method and the smearing
method.

We used a kinetic energy cutoff of 150 Ry for wavefunctions so that the total energy
has a precision of 10−3Ry. We typically used a 10 times larger kinetic energy cutoff for
charge density and potential. This high cutoff value is necessary to converge forces and
stress.

In this chapter, we present a fundamental work using total-energy rigid-lattice cal-
culation to investigate on the role of the lattice parameter on the magnetic transition of
FeRh. We focus primarily on the volume dependence of electron occupation and magne-
tization of eg and t2g states and the modification of the fine structure of the projected
density of states.

In this section we focus on the electronic modification that occur under volume com-
pression and expansion of the crystal and the related magnetovolume instability of FeRh
in the α’ phase. We will first present the computed system and general properties of
both the AF and FM phases. We’ll then show the effect of the cell parameter on the pro-
jected density of states of FeRh. This will allow us to gain more insight on the transition
mechanism.
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8.2 Magnetic phase stabilization and cell parameter

8.2.1 Computational cell

The FeRh phase possessing the AF to FM transition is a bcc ordered crystal of the CsCl
type. The primitive cell of that crystal is the usual cubic cell, see section 3.1.1.2. To
describe the FM phase, the simple unit cell with 2 atoms in the cubic structure with
periodic boundary conditions is enough to define the system. However, in the AF phase
the equivalence between all Fe sites is broken due to the spin inversion of the G-type AF
ordering, imposing the need of four atoms to define the system. This type of structure
imposes to now elongate the primitive cell to a double cell, of a twice larger volume.

Figure 8.1: a: Representation of the primitive cell used for each magnetic phase of FeRh.
b: Conventional unit cell of FeRh. It contains 8 traditional unit cells of bcc-CsCl type
FeRh. The image was obtained with the software XCrysden.

All computations were performed on a double primitive cell presented in Fig. 8.1 to
insure a reliable comparison between the AF and FM phase properties.

8.2.2 Properties of the magnetic phases at equilibrium

8.2.2.1 Total-energy versus volume

Total energy versus cell parameter calculations allowed to determine the most stable
magnetic configuration and equilibrium volume associated to each phase. The calcula-
tions were carried out using LDA and GGA approximations, all results are shown in
Table 8.2.2.2 and compared with experimental values. The GGA total-energy versus cell
parameter are presented in Fig. 8.2.

From this we can deduce the state equation by fitting with a third order Birch-
Murnaghan equation [231]. We obtain the bulk modulus B0 = V ∂2E

∂V 2 |V=V0
and its first

pressure derivative B1:
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Figure 8.2: FeRh total-energies in mRy/atom versus cell parameter in the AF and FM
phases (we set E0 the energy of the AF phase).
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(8.1)

The bulk modulii, their first pressure derivative and the equilibrium cell parameters
are extracted from the fit of each branch, see Fig. 8.2, and reported in Table 8.2.2.2.

The lowest minimum E0 is found for the AF branch at an equilibrium cell parameter
aAF = 2.996 Å. The energy minimum of the FM branch is ∆E = 1.78 mRy.at−1 higher
than E0 and aFM = 3.011 Å. The cell parameter difference represents a volume increase
by 2%. These results compare very well with previous first principle calculations [105],
[107], [108] and qualitatively well with experimental results, see Table 8.2.2.2. However,
the energy separating the two phases is larger by about one order of magnitude than the
experimental value ∆Eexp=0.196 mRy.at−1.

8.2.2.2 Magnetic moments

In Table 8.2.2.2 we also report the local magnetic moments on Fe and Rh on both phases.
We obtain larger but still close to experimental values with a moment mFe = ± 3.37 µB

and mRh = 0 µB in the AF phase, and mFe = 3.33 µB and mRh = 0.96 µB in the FM
phase.

It is usual to obtain larger equilibrium volumes with the GGA in comparison with
the LDA. We observe this discrepancy with a 5-8% larger volumes in our calculation in
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Approximation phase a0 (Å) ∆V B0 (GPa) ∆E (mRy) mFe(µB) mRh(µB)

GGA - This work
AF 2.995

2.1%
198

1.78
3.37 0.00

FM 3.016 181 3.33 0.96

GGA [107]
AF 3.003

1.75%
197

2.5
3.18 0.00

FM 3.021 193 3.23 1.00

LDA - This work
AF 2.921

1.65%
228

2.08
3.25 0.00

FM 2.937 220 3.25 0.97

LDA [105]
AF 2.99

1.72%
214

1.9
2.98 0.00

FM 3.007 202 3.15 1.0

Exp.
AF 2.987 [97]

1%
142 [122]

0.196
3.3 [102] 0.00

FM 2.997 [97] 158 [122] 3.14 [102] 1.00

Table 8.1: Calculated and experimental equilibrium cell parameter, bulk modulus and
local magnetic moments in both the AF and the FM phase of FeRh.

the GGA.

8.2.2.3 Transition pressure Pcrit

A transition pressure can be extracted from the total energy calculations. At the tran-
sition pressure, the enthalpy H(P)=E+PV should be identical for the AF and the FM
states. We obtain the equality at Pcrit=-165.9 kbar from the AF to the FM phase, com-
parable to the literature, see [105]. This transition pressure is overestimated by one order
of magnitude, in accordance with the too large energy difference separating the phases.

8.2.2.4 Estimation of the zero-point contribution

The zero point energy has been considered as a possible explanation of the large difference
of ground state energies of the AF and FM FeRh states by Moruzzi and Marcus [137].
In their study, they estimate that the zero point energy of the AF phase should be 1.6
mRy/atom greater than the zero-point energy of the FM phase to obtian consistency
between the calculated and experimental value (∆E = 0.3 mRy/atom). The zero point
energy per atom in the Debye model is given by:

E0 =
9

8
kBθD (8.2)

where kB is Boltzmann’s constant and θD is the Debye temperature. The stiffness of
the lattice is strongly modified by the magnetic state of the system and accounts for a
change of about 50K in Debye temperature, from 340 ± 13 K in the AF phase to 393 ± 20
K in the FM phase [121]. (The direction of the difference of Debye temperature between
both phases is consistent with a softening of the lattice in the AF phase [121], [122]).The
direction of the difference indicates that the zero-point energy tends to increase the energy
difference between the AF and FM phase by ∆E0 = 0.29 mRy instead of reducing it as
suggested by Moruzzi and Marcus [137]. We note that the Debye model only takes into
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account the contribution from acoustic phonons and neglects optical phonons. Also, a
contribution from magnons at 0K could be considered.

8.2.3 DOS of the AF and FM states at equilibrium

We can start with a general view of the density of states of d transition metals to set the
frame.

For elemental crystals at the beginning of every d-series, the first occupied states
are the bonding states, lowest in energy. These states tend to accumulate the electrons
in-between atoms, favoring a stronger cohesion of the material and tighter packing such
as hcp (like Ti, Zr and Hf [184]), with small lattice constants, hence a larger orbital
overlap. Around the middle of the transition metal series, mainly non-bonding and
partially anti-bonding states are occupied. These second neighbor states tend to locate
electrons closer to the nucleus to screen its charge and the electron-electron repulsion of
the free electron s-band starts to compete with the cohesion of the bonding states. The
overlap of the orbitals tends to diminish and the lattice constant increases, favoring a less
packed crystal structure such as bcc (like Cr, Mo or W [184]). Further increasing Z will
tend to accentuate the effect because anti-bonding states are more populated, leading to
more repulsion , so less orbital overlap. Such metals are usually found in the fcc structure
(like Ni, Pd or Pt [184]). FeRh is composed of Fe and Rh which are respectively around
the middle right of the 3d and 4d series with 6 and 7 d electrons. According to the above
statement, the bcc and fcc lattice-structure experimentally observed for FeRh alloys can
be intuitively justified.

Here we use the denominations bonding, non-bonding and anti-bonding states taken
from the molecular orbital vision. Schematically, the bonding and anti-bonding states
depict interaction with nearest neighbors and are respectively at the lower end and higher
end of the d-band in energy. Non-bonding states are in-between bonding and anti-
bonding states and are associated to the interactions between second nearest neighbors.
This rough description can however be modified when the type of bonding is taken
into account, ie. if the orbitals making the bonds are along the same axis (σ-type),
or on parallel planes (π-type), the former being more stable than the latter. In FeRh,
interactions with first neighbors consist of Fe-Rh bonds, second neighbors with Fe-Fe and
Rh-Rh bonds.

In Fig. 8.3, we show the total and local DOS per fomula unit (f.u.) of FeRh from
calculations of the AF and FM phases at equilibrium, with respectively aAF = 2.995 Å
and aFM = 3.016 Å. The aspect of the DOS extracted from our calculation compares
well with previous works such as [232] in the LDA and [107] or [108] with the GGA.

The total DOS of FeRh in the AF and FM phase differ, especially due to different
exchange and electron weight shifts in each phase, but both look similar on general aspects
to the typical band structure of bcc alloys (like FeCr [184], CoFe, TiFe [233]), displaying
in particular the pronounced pseudo-gap separating the bonding/non-bonding states at
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Figure 8.3: Total DOS and projected DOS of the d states of Fe and Rh of the AF and the
FM phases at equilibrium, with respectively aAF = 2.995 Å and aFM = 3.016 Å. The
black dotted arrows indicate the position of the typical pseudo-gap of bcc alloys. (The
total DOS calculation were performed with the tetrahedron method which provides more
precision on the fine structure of the density of states. Projected DOS were obtained using
the smearing method since LDOS calculations using tetrahedron was not implemented
in the code. The energy scale has been normalized to 0 at the Fermi level.)

lower energy from the anti-bonding states at higher energy. This gap is due to the type
of hybridization of the d band with sp states. Due to the repulsion of bands of the same
symmetry, these mixed states display ’sharper features’ and ’gaps’ in the DOS. The large
gap observed here, where the Fermi level lies in AF-FeRh, is generally observed in bcc
metals and alloys but not in fcc or hcp crystals [234]. This particularity of bcc band
structures arises from the presence of doubly degenerate bands at the top an bottom of
the energy spectrum of the d band. On the contrary to fcc for instance where the bands
are also degenerate but connect the bottom bands with the top bands, allowing for more
mixing of the states and preventing a pseudo-gap to form. (As a remark, the presence of
multiple twin peaks in the fine structure of the DOS arises from the broken degeneracies
induced by the spin-polarized calculation in comparison to a non-spin-polarized band
structure.)

The magnetic unit cell in the AF phase consists of 4 atoms for which the total DOS
is completely symmetrical. In Fig. 8.3, we present the DOS of AF FeRh for one couple
Fe and Rh, hence the apparent spin-band shift (the full AF cell contains two Fe atoms
of opposite spin directions yielding a symmetrical DOS). The Rh 4d states contribute
symmetrically to the DOS showing that there is no moment carried on the Rh sites.
Looking at the Fe 3d contribution, we see a clear exchange shift between the majority

200



8.2. Magnetic phase stabilization and cell parameter

and minority spin bands. The calculated moment carried by Fe sites is 3.37 µB , well
above the moment of iron-bcc (2.2 µB), with the majority spin band completely full. We
note a hybridization of the Fe 3d and Rh 4d states via the presence of identical small
peaks present on both contribution at the same energies. In the FM phase, both Fe and
Rh sites carry a magnetic moment with a total magnetic moment per atom MFeRh =
2.15 µB (see Table 8.2.2.2 for a comparison with literature values). The moment carried
by Fe is slightly lower in the FM phase, with 3.33 µB. And the splitting of the up and
down spin bands of Rh results in a Rh magnetic moment of 0.96 µB.

Importantly, we remark that the spin-dependent 3d states are not simply shifted
with respect to the Fermi level. Added to the shift, there is a strong spectral weight
displacement of the spin populations which explains the large DOS in the spin-up low
energy region, counterbalanced by the high DOS in the spin-down high energy region
above the Fermi level. This indicates that, like antiferromagnetism in δ-Mn or bcc Cr
and magnetism in Pd compounds and other transition metal alloys, the Stoner picture
using rigid band shift to describe magnetism does not apply in FeRh. One must rather
consider covalent magnetism [235], see Fig. 8.4.

Figure 8.4: Schematic description of the spin populations change in the covalent mag-
netism versus Stoner magnetism pictures. The left and right sketches represent respec-
tively the paramagnetic state and the magnetic state. In the Stoner picture of magnetism,
the spin bands are rigidly shifted in energy. In the covalent magnetism picture, the spin
bands are represented with a separation of the bonding and anti-bonding states. The
bands are not rigid and the electronic weight is shifted in opposite direction below and
above the Fermi level. Image taken from [235].
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In order to gain more insight concerning the various peaks forming the density of
states, we can look at the projected DOS on the eg and t2g symmetries. In Fig. 8.5 we
present the PDOS of the Fe 3d states and Rh 4d states in each phase. For Fe in the AF
phase (Left), the general aspect of the spin-up band consists of 4 peak groups, with one
pair at lower energy, the other pair at higher energies, the separation being associated
to the deep valley of bcc transition metals separating the bonding states from the anti-
bonding states. At the lowest energies, the first group (∼3 bumps) at the bottom of
the band consists of bonding states of the eg symmetry, involving the dx2−y2 and dz2
orbitals, pointing in the direction of the crystal axis. The bonds formed by these orbitals
are associated to the Fe-Fe interaction, with a σ bond type [236]. The next lowest energy
peak group is of the t2g symmetry type, involving dxy, dxz, dyz orbitals. These orbitals
are oriented in the diagonal of the unit cell planes, thus rather forming Fe-Rh bonds
of the π-type with first neighbors [236]. At higher energy, the same scheme is repeated
for the anti-bonding counterparts. We note the presence of a high double peak in the
group labeled σ∗ at about -2 eV. The spin down band approximately mimics the spin up
band, with the typical exchange shift due to the magnetic polarization of Fe. We note
however that the t2g states seem more affected by the change in spectral weight described
in the covalent magnetism picture. The eg states behave slightly more like a rigid band.
Overall, the density of states of spin down is fairly week in comparison to the spin up
band.

Looking at the PDOS of Rh 4d, we see that the DOS amplitude is much smaller,
indicating the less prominent role of Rh in the atomic interactions. The DOS landscape
displays less clear features than for Fe, probably due to the larger spatial extent of the
Rh 4d orbitals, allowing for more hybridization with first neighbors as well as second
neighbors. The t2g orbitals have a dominant contribution on the whole energy range.
Also, the hybridization with the π-type Fe-Rh bond is visible both in the t2g states of Fe
and Rh at E = -4.3 eV.

In the FM phase, the projected Fe 3d states also show the four peak groups, but with
modifications in the peak amplitude with respect to the AF phase. Overall, we see a clear
dominance of the t2g states in the bonding region with several peaks of high intensity
instead of one major peak in the AF phase, whereas in the anti-bonding region a large
eg peak is observed around -2.3 eV instead of the double peak at around -2 eV in the
AF phase. Looking at the Rh 4d state in the FM phase, we can see a clearer structure
in each spin bands. For the majority spin band, the bonding region in the lower energy
part is dominated by t2g states. An arrow indicates a hybrid peak present both in Fe
and Rh t2g states that we associate to the Fe-Rh bond. As expected the minority spin
band is shifted due to the moment carried by Rh in the FM phase. We see clearly that
the anti-bonding peaks of both the eg and t2g symmetry are almost completely above
the Fermi level. On the other hand, the weight of the bonding t2g states below the Fermi
level is high.

From these observations, we show that the weights in the projected DOS are quite

202



8.2. Magnetic phase stabilization and cell parameter

Figure 8.5: Fe 3d and Rh 4d projected DOS in the AF and FM state with a decomposition
on the eg and t2g orbital symmetries. The black arrow points at the bonding Fe-Rh bond
clearly identifiable in both Fe and Rh d states.

different in the AF and FM phases. We can expect that changing the volume of the unit
cell will tend to modify the populations forming the bonding and anti-bonding state, both
in the majority spin band and in the minority spin band. Elements such as the presence
of an increased weight of anti-bonding states below the Fermi level can be regarded as
hints of an out-of-equilibrium system. By labeling the peaks of the PDOS, we allow to
understand the density of state as a tool to visualize the interaction between atoms and
the role in the crystal cohesion of each of the bonds of the crystal.

Another important aspect of Fig. 8.3 lies in the difference of density of states at the
Fermi level between the magnetic phases, larger in the FM case. The values of the DOS
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at the Fermi level for each magnetic phase of FeRh has been discussed by several authors
and was pointed out as being of importance in understanding electronic aspects of the
transition, as exposed in section 2.3.2. Having the DOS in each phase, we can address one
of the electronic aspects of the transition. As a result of Hall measurements (see section
2.4.3.2), De Vries et al. [153] showed that the carrier density of the AF phase was about
one order of magnitude smaller (in terms of free carriers per cell). The presence of the
Fermi level very close to the pseudo-gap could partly explain the large variation of the
carrier density between the AF and the FM phase, assuming that d electrons contribute
to the conduction in FeRh and are responsible for the unusual low carrier density in the
AF phase.

In the following paragraphs, we will first calculate the electronic contribution to the
heat capacity, directly related to the entropy change at the transition, in each phase in
the simple picture provided by the free electron model approximation and compare our
values with the experiment. Second, we will analyze the symmetry of the d electrons
likely to contribute to the conduction in each phase.

8.2.3.1 Electronic contribution to the heat capacity

We can use the free electron model approximation to calculate the electronic contribution
to the heat capacity. As discussed in section 2.3.2.1, it is possible to extract the electronic
specific heat entropy at the transition from low temperature heat capacity measurements.

We can write the electronic specific heat only function of the density of states at the
Fermi level as:

γ = kB
2TD(ǫF )

∫

dxx2
ex

(ex + 1)2
=

1

3
π2kB

2TD(ǫF ) (8.3)

Injecting the values of D(ǫF )AF and D(ǫF )FM in the equation above we are able to
predict a calculated value of the Sommerfeld coefficients for each magnetic phase. We
obtain γAF

c = 1.23 mJ.mol−1.K−2 and γFM
c = 4.56 mJ.mol−1.K−2, with the super-

script c for the denomination ’calculated’. These values are now to be compared with
the experimental values found in [130], γAF

e = 2.54 mJ.mol−1.K−2 and γFM
e = 9.52

mJ.mol−1.K−2, with the superscript e for the denomination ’experimental’. The discrep-
ancy between calculated values from the free electron model and the experimental values
resides in the base assumptions of the model. In order to understand the experimental
values within the frame of the model, it is common to use the concept of thermal effec-
tive mass expected to take into account the fact that ’free’ electrons in a metal are not
completely free but interact with ion cores, phonons and other electrons [237].

The thermal effective mass is defined as [237]:

mth =
γe
γc

me (8.4)

with me the electron mass and mth the thermal effective electron mass.
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We theoretically find that in both phase, the ratio of the calculated and experimen-
tal values of γ is very similar, with 2.07 for the AF phase and 2.09 for the FM phase.
According to these results, we cannot identify any ’localization’ process in either phase
of the conduction electrons in equiatomic FeRh. As a side note, the situation might
be different for FeRh trialloys with dopants possessing f electrons. We can think of the
FeRhIr trialloys (see paragraph 2.3.2.2 where we comment on the anomalous behavior
of the Sommerfeld coefficient in FeRh-Ir) where we see that the Sommerfeld coefficient
increases monotonically with the Ir concentration and reaches quite high values, around
30 mJ.mol−1.K−2 for 6.5% doping, see [113]. To verify that this increase is due to a
localization process, a measurement of FeRh-Pt and FeRh-Au tri-alloys would be inter-
esting because both Au and Pd possess f electrons but when the former element tends
to increase Tcrit as Ir, the latter lowers Tcrit [111]. It would then be possible to verify
if the Ir anomaly indeed comes from the heavier f electrons and more generally, to gain
more insight on the correlation between the Sommerfeld coefficient and the transition.

The electronic contribution to entropy can be calculated using our theoretical values
of γ, the Sommerfeld coefficient, with Eq. 2.5. For Tcrit = 350K we obtain ∆Sel = 7.4
J.kg−1.K−1, very close to the experimental value of 8±1 J.kg−1.K−1 given by Cooke et
al. [121].

Interestingly, the contribution to the entropy obtained from our calculated values
is close to the experimental value. A question we can ask here is whether or not the
calculated energy difference between the magnetic phases of FeRh is correct at 0K. We
have already noted, first principle calculation overestimate the energy difference by one
order of magnitude. We could suppose that there is a problem in the prediction. But
we could also assume that this energy difference is correct. As we mentioned earlier,
the concept of temperature might be necessary for such a phenomenon to happen. It is
therefore possible to simply imagine that the energy difference at 0K is what it is and
that temperature might affect it at early stages, through diverse types of thermally driven
excitation related to the lattice, the magnetic properties, hence Stoner excitations or spin
waves, etc. It is thus important to have a hold on the behavior of Hcrit vs Tcrit and Pcrit

vs Tcrit at low temperature in order to deduct the thermally excited phenomena. It could
be possible that at 0K, the energy difference is large, but as soon as thermal effects step
in, the difference in energy is reduced but that this energy difference decreases slightly
until reaching zero at Tcrit. For this to happen, it would require two opposite sources
of energy going both in opposite ways as temperature is increased, that is one favoring
the AF order and another the FM order. It is possible to imagine a phenomenon that
delays the transition and the critical temperature could correspond to the point where
that contribution wears off.

As an open remark, one could try to determine such interactions, among the possible
thermally activated phenomena, that would depend linearly on P and H, so the linear
relation of the critical pressure and field are conserved with Tcrit.
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8.2.3.2 A possible contribution to conduction by d electrons

In this paragraph, we compare the density of state at the Fermi level, assuming that the
electrons in the vicinity of ǫF can be thermally activated and contribute to the conduction.
We do not discuss the mobility of the electron channels here, even though it should also
be considered to identify which channels contribute the most to the conduction. We
however estimate from transport [146], see Fig. 2.15, and carrier density measurement
[153], that the mobility is comparable in each phase and comparable to mobilities of
typical transition metals.

From the total density of states of each phase in Fig. 8.3, we obtain D(ǫF )AF = 0.52
eV−1.(f.u.)−1 and D(ǫF )FM = 1.935 eV−1.(f.u.)−1.

The projected DOS and decomposition on d orbital symmetries in Fig. 8.5 provides
an indication on the types of bonds that channel conduction electrons.

In the AF phase, we see that the contribution of the Rh 4d states is about twice as
large as the contribution from Fe 3d states at ǫF in the AF phase. The contribution
from Fe 3d states is almost uniquely from the spin-down 3d band, the spin-up being
completely filled. More precisely, the largest contribution of conduction electron is given
by the Rh 4d eg states with about 0.28 states.eV−1, followed by the Fe 3d t2g orbitals
with about 0.18 states.eV−1. Thus, conduction electrons tend to use bonds along the
Rh-Rh directions via the Rh 4d eg bands, whereas electrons forming the Fe-Fe (Fe 3d eg
bands) and Fe-Rh (Fe 3d and Rh 4d t2g bands) bonds tend to be more localized.

The situation is very different in the FM phase, where most of the density of states
at ǫF arises from the Fe 3d spin-down band. More precisely, the largest contribution of
conduction electron in given by the Fe t2g orbitals with about 0.5 states.eV−1, followed
by the Fe eg states with about 0.2 states.eV−1. The Rh d-states contribute much less
to transport with a dominance of 4d eg states with about 0.1 states.eV−1. In this case,
conduction electrons mostly use bands forming the Fe-Fe and Fe-Rh bonds to travel.

The contribution of states below the Fermi level and their bonding type will be further
discussed in the following section.

8.3 Effect of strain on the DOS of FeRh

We will now try to analyze the modification of density of states of FeRh under isotropic
strain, in each magnetic phase. The density of states is sensitive to the overlap of the
atomic orbitals and results from all magnetic and electronic information of the crystalline
phase. The study of the total and projected density of states enables to witness contin-
uous changes brought by an external parameter such as stress on the properties of the
material.

In the following, we use the remarkable features of the DOS depicted in the previous
section as markers of the evolution of the crystal under strain. We thus will try to extract
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the electron transfers occurring under stress in the full majority spin band and half-full
minority spin-band below the Fermi level, via the orbital symmetries mainly involved
in the modifications of the DOS. We then propose a qualitative understanding of the
results for more insight on the mechanisms triggered by volume fluctuations, preceding
the magnetic transition of FeRh.

8.3.1 DOS of the AF and FM states under isotropic strain

A common observation for all magnetic systems at 0K is that ferromagnetism tends
to stabilize with volume expansion, going from paramagnetic to ferromagnetic or from
paramagnetic to antiferromagnetic. This statement is consistent with the Bethe-Slater
curve, showing that the sign of the exchange is governed by the atomic spacing. The
Bethe-Slater curve, interesting on a qualitative point of view, finds many counter exam-
ples and has been criticized for its lack of theoretical basis but the trend described stands
when looking at the evolution of the exchange energy of the same compound subjected
to volume contraction or expansion. Accordingly, multiple first principle studies showed
that under a critical interatomic distance, ferromagnetism disappears and all common
ferromagnets become paramagnetic [238], [193], [184].

This can be understood by the volume dependence of the DOS that determines the
kinetic energy price to exploit the inter-atomic exchange. The DOS depends on the vol-
ume and crystalline structure of a material, and is dominated by the d-band for transition
metals. When the volume is small the kinetic energy price is too high for the magnetic
exchange to be exploited, thus a nonmagnetic ground state is more favorable. As the
volume expands, the overlap of the orbitals becomes smaller, resulting in a narrowing of
the bands. The kinetic energy price is then lesser and the system can take advantage of
the exchange to lower its energy, which results in a magnetic state. Depending on the
metal type and crystal structure, direct or indirect exchange can be observed, leading
to a ferromagnetic or antiferromagnetic ground state. This last type of exchange has
been considered to explain the magnetic orders of FeRh by Hernando et al. [239]. They
proposed a model that addresses the different contribution of the d-band in the indirect
exchange interaction and showed that the density of states at the Fermi level N (ǫF ) is
the key parameter governing the total exchange coupling sign. Mainly, the indirect ex-
change is said to have two components of opposite signs, a ferromagnetic coupling term
that is very sensitive to the states close to the Fermi level, and an antiferromagnetic
coupling term sensitive to all the states of the d-band. In magnetic metals involving
the 3/4d band [240], electrons are not completely delocalized, but rather a mixture of
localized (covalent bonds) and delocalized (metallic bonds) electrons, so that the model
used to describe magnetic interaction is usually RKKY, ie indirect exchange. In the case
of FeRh, we can clearly see the effect of both delocalized magnetism, described by the
Stoner picture, and more localized magnetism that accounts for the electronic weight
shift of covalent magnetism, hence the importance of states forming the whole d band
in the statement from Hernando et al. We think that such changes in the DOS can be
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identified and interpreted to provide a finer understanding of the relative stability of the
phases.

8.3.1.1 Qualitative observation of the projected DOS

In Fig. 8.6, we present the total density of states projected on Fe and Rh. We use blue for
the majority spin bands and red for the minority spin bands. As indicated on the figure,
lighter colors are used for higher isotropic tensile strain, darker colors for compressive
strain. We performed calculations at several cell parameters and see a gradual change in
the DOS from low volume to high volume. So for clarity, we only present the PDOS of
the extreme compression and tensile cases.

Figure 8.6: Total DOS of FeRh in the AF and FM phases under tensile isotropic strain
(light colors) and at equilibrium (dark colors). (Bottom panel) Detail of the total DOS at
the Fermi level. The darkest curves at 2.86 Å in the FM phase are drown as indications
of the trend on further compression.

As said previously, increasing the cell parameter tends to narrow the energy width
of the band due to a smaller orbital overlap as atoms are brought apart. At the Fermi
level, we note that the strain state of the system affects the value of the density of states
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at the Fermi level, with a 26% increase of N(ǫF ) going from 2.99 Å up to 3.15 Å in the
AF phase and 29.8% in the FM phase, see the lower panel in Fig. 8.6. This observation
is made for both magnetic phases and suggests that the density of states at the Fermi
level might only weakly contribute to the onset of one magnetic order at the expanse of
the other.

In opposite, strong modification of the fine structure of both phases are observed
under strain. In the AF phase, a peak in the lower energy part of the band around
E ∼ -4 eV appears sharper and grows progressively as the volume of the cell expands,
indication of an accumulation of states in the same energy window, see Fig. 8.6 left.

In Fig. 8.7, we show the projection of the density of states of Fe and Rh on the
orbital symmetries for the AF phase.

The peak, in the low energy Fe d-band at about -4eV, corresponds to a π bonding
states of the t2g symmetry forming the Fe-Rh bond, see Fig. 8.7-b, thus involving orbitals
pointing in the (xy), (xz) and (yz) directions. The peak attributed to the same bond in
the Rh projected DOS, Fig. 8.7-e also sharpens as the volume of the cell is increased,
but its intensity does not change. These observations suggest that, first, the states of
Fe are more sensitive to volume variation, likely doe to the smaller spatial extent of 3d
orbitals in comparison to 4d. Second, that tensile strain on the AF unit cell tends to
locate electrons along the Fe-Rh bond, likely closer to the Fe atom, in a narrow energy
band. Additionally, we point out the decrease of the σ∗ Fe-Fe peak with eg character in
favor of the bonding σ Fe-Fe lower in energy, see Fig. 8.7-c. This effect could indicate
that the bond becomes stiffer due to more cohesive energy.

Looking at Rh 4d, we see that there is a slight increase of the anti-bonding state
at the Fermi level, see Fig. 8.7-d and f. These states are of the eg symmetry, and
can be associate to the σ∗ Rh-Rh bonds. An increase of repulsive energy along these
bonds can be stabilized by the onset of a ferromagnetic moment on Rh, so using the
electronic redistribution of spin-up and spin-down electrons could lower the total energy
of the system by preventing the accumulation of anti-bonding states below the Fermi
level. Consequently, the resulting magnetic interaction should favor a larger Rh-Rh
inter-atomic distance.

In the FM phase, we consider the evolution under volume contraction to favor the
AF configuration, ie. from light colored curves to dark colored curves. A small peak of
the DOS at large volume in the mid energy range, around E ∼ -2 eV, grows as the unit
cell shrinks, see Fig. 8.6 right lower panel. The projection of the DOS in Fig. 8.8-c
shows that the states responsible for that peak increase are of the σ∗ eg symmetry of
Fe, involving the dz2 and dx2−y2 orbitals. So, on contraction of the FM unit cell, the
anti-bonding weight of the Fe-Fe bond increases at the expanse of the σ bonding states.
The t2g orbitals, Fig. 8.8-b, on the contrary does not display any particular change in
their features, but overall decrease of the bonding character of the π Fe-Rh peaks. We
also see that the anti-bonding states of the spin-up band tend to sweep closer to the
Fermi level as the volume shrinks. In Fig. 8.8-d and f, we note the increase of Rh 4d
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Figure 8.7: Total d DOS of Fe and Rh and projected on the dz2 (eg) and dxy (t2g) orbital
symmetries in the AF phase.

anti-bonding states below the Fermi level as the volume of the FM cell is compressed.
This results in the increase of the total energy of the system.

According to these observations, we see that the Fe-Fe bonds seem to be at the center
of the transition mechanism. We suppose that the observed accumulation/depletion of
states in the same energy range and changes in bonding/anti-bonding weights in each
of the magnetic phases has a high energy cost, eventually sufficient to drive a magnetic
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Figure 8.8: Total d DOS of Fe and Rh and projected on the dz2 (eg) and dxy (t2g) orbital
symmetries in the FM phase.

phase change to lower the total energy of the system. In the following paragraph we will
enrich these observation with quantitative comparisons of the electron population in the
symmetry-dependent Fe 3d orbitals.
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a (Å) bonding weight (%) anti-bonding weight (%)

Tot Fe 3d
2.99 64% 36%
3.15 71% 29%

t2g
2.99 71% 29%
3.15 77% 23%

eg
2.99 53% 47%
3.15 64% 36%

Table 8.2: Table of calculated electron weight of the bonding states and anti-bonding
states of the majority-spin band of Fe 3d in the AF phase.

8.3.1.2 Electron redistribution under pressure

The evolution of the bands under strain suggests that the spin down population do not
seem to strongly change, except for the anti-bonding states that are above the Fermi
level, see Fig. 8.7 and 8.8. Oppositely, the majority spin band sees strong modifications
that could arise from electron transfer between d orbitals of different symmetries and
between Fe and Rh. In order to have more information on that matter, we will study the
evolution of the d- electrons of Fe. We can roughly separate the low energy area with
bonding states from the higher energy area containing anti-bonding states and see how
the bonding and anti-bonding populations change with pressure. According to Fig. 8.7
and 8.8 left panels, the split can be set for each phase at -2.90 eV, where there is a clear
mid-band dip in the majority spin Fe 3d DOS. We consider that the dip is wide enough
to cope with the band features shift due to band enlargement/contraction for different
cell parameters.

In the following, we look at the global electron occupation of the lower and higher
energy regions as defined in the previous paragraph, for the majority spin state where
most of the changes occur. In Fig. 8.9 we present the integrated projected DOS of the
Fe 3d band as well as the integrated DOS of the eg and t2g states of the Fe 3d band in
each the AF and the FM phase.

The color code used in Fig. 8.9 is consistent with previous plots, the dark lines are
associated to the equilibrium cell volume V0 = 2.993 Å3 considered approximately the
same for each phase, the light lines correspond to a expanded volume Ve = (3.15)3 Å3.

A similarity between the AF and FM phase resides in the increase of electrons in
the bonding region of the majority spin band under volume expansion. Indeed, the light
blue line indicating the number of electrons in the larger volume cell, reaches a higher
number of electrons at the dotted line (representing the limit between the bonding and
non-bonding states) compared to the dark blue line. This observation is also very clear
in the case of the eg and t2g states of both phases.

More precisely, the electrons in the bonding region represent about 60% at 2.99 Å
for each phase, with slightly more bonding electrons in the AF phase. The number of
bonding electrons tends to decrease under compression in favor of the anti-bonding region
and inversely, increase under volume expansion. We note that the largest contribution
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Figure 8.9: Integrated total and projected Fe 3d densities of states. The dotted lines
represent an approximate separation of the bonding and anti-bonding regions, for the
spin up band in blue and spin down and in red.

to bonding states is given by t2g electrons, around 70% at the equilibrium cell parameter
and reaching almost 80% at 3.15 Å. All numbers are reported in Tables 8.3.1.2 and
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a (Å) bonding weight (%) anti-bonding weight (%)

Tot Fe 3d
2.99 59% 41%
3.15 69% 31%

t2g
2.99 69% 31%
3.15 78% 22%

eg
2.99 44% 56%
3.15 56% 44%

Table 8.3: Table of calculated electron weight of the bonding states and anti-bonding
states of the majority-spin band of Fe 3d in the FM phase.

8.3.1.2.
In the AF phase, on volume expansion we can see that the largest variation in electron

weight is attributed to eg states, with about 12% as reported in the table. However, this
value is underestimated because the separation between the bonding and anti-bonding
states for the eg states at 2.99 Å is rather at -3.5 eV, see Fig. 8.7-c. The number of
electrons integrated up to this value is 0.92 which represents a weight of about 48%
bonding states against the 64% at 3.15 Å. This change of 16% is large and represents a
transfer of 0.32 electrons in the bonding region. It clearly shows that the Fe-Fe bonds
are very sensitive to volume fluctuations. In comparison, the t2g (Fe-Rh bond) states
gain approximately 0.20 electrons in the bonding region (Fig. 8.9-b).

In the FM phase, on volume compression we see opposite effects, with a transfer
from the bonding states to the anti-bonding states of 0.26 electrons for the t2g orbitals
(Fig. 8.9-e) and 0.23 electrons for the eg orbitals (Fig. 8.9-f). We see in this case
that the Fe-Rh bond carries the largest electron weight shift, in comparison to the AF
phase, where the Fe-Fe bond is more sensitive to volume expansion. This measurable
difference in the band structure of FeRh when going from AF to FM versus FM to AF
difference indicates that the mechanism triggering the transition o one way or the other
might be different. Two different interactions are at play in the transition, with likely
different activation energies. This difference in interaction energies could partly address
the hysteretic behavior of the transition at the atomic level.

For spin down electron population, the separation of bonding and anti-bonding states
is roughly at the Fermi level, with a plateau before a sharp increase just above the Fermi
level where anti-bonding populations start in the AF phase. In the FM phase, there is
a small contribution of the anti-bonding states. At the Fermi level, we can see a very
slight increase of majority spin electrons and a slight decrease of minority spin electrons.
These changes account for a small change in the magnetic moment carried by each orbital
symmetry and do not seem to be dominant effects with respect to the change of spectral
weight between bonding and anti-bonding states.
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8.3.2 A possible explanation of the transition

We can sum up the results observed in the previous section into a scenario for the
magnetic transition. We will first consider the transition from the AF to the FM phase.

In the AF phase, the material has a smaller volume than in the FM phase, with
a magnetic antiferromagnetic order carried by the Fe atoms. Rh has not net moment.
There are three types of bonds in the crystal, Fe-Fe, Fe-Rh and Rh-Rh. At the bottom of
the band, we can find the Rh-Rh σ bonds, followed by the Fe-Fe σ bonds. These bonds
tend to be lower in energy because they are of the σ type. In the same energy range of
the Fe-Fe bond, we can find the Fe-Rh π bonds.

The fact that Rh is a 4d element induces that the orbital overlap between Fe-Rh
and Rh-Rh are wider, and the Rh-Rh bond equilibrium length is likely longer than the
Fe-Fe equilibrium length. This is due to the fact that the Rh atoms have one more node
in their radial wave function than Fe which is a 3d element. This observation implies
that the bonds involving Rh will tend to be less affected by the increasing inter-atomic
distance. On the contrary, the Fe-Fe bonds are going to be more sensitive to the volume
expansion.

On volume expansion, the crystal reorganizes its electronic population to cope with
the frustration. Considering a progressive expansion, electrons are going to gradually
’consolidate’ the bonds the most affect by the volume increase, resulting in an increased
electronic weight in the bonding regions. As expected, this effect is larger on bonds
involving Fe due to the smaller spatial extension of the 3d orbitals. The largest effect is
observed on the Fe-Fe σ bond in the eg 3d states, followed by the Fe-Rh π bonds in the
t2g states, in accordance with the statement that Fe-Fe bonds should be more sensitive to
volume fluctuations. As more weight is carried by the spin up low energy region, the spin
down band is going to counter act the effect by forming more states in the anti-bonding
region above the Fermi level. This is a consequence of the covalent type of magnetism
in FeRh. This change in weight can also slightly modify the spin up and spin down
population, allowing for a higher moment carried by Fe atoms.

In the process, the Rh 4d states start to see a rapidly increasing anti-bonding dome
of the σ∗ states entering below the Fermi level. This gain of electron may increase the
susceptibility of the non magnetic Rh atom to polarize. We know from [108] that Rh has a
local spin polarization, even though the overall moment is 0 at the site. We can suppose
here that this magnetic polarization with no net moment, conjugated with the small
transfer of electrons of the Fe spin down towards the Fe spin up band that increases the
moment on Fe sites, might be too energetic and could be lowered if Rh gains a magnetic
moment.

We can then think that the appearance of a ferromagnetic interaction between Fe and
Rh can be favorable at longer interatomic distances. This change should be accompanied
by a flip of the magnetic interaction between Fe-Fe from anti-parallel (AF) to a paral-
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lel(FM) to redistribute the spin population in a less peaked fashion, such as observed in
the t2g states under volume expansion, see Fig. 8.7-b and 8.8-b.

The sensitivity of the Fe-Fe bonds have also been pointed out by Ju et al. [139]. They
proposed to describe the FeRh system as a conjunction of localized magnetic moments
on Fe sites, described by a Heisenberg model (ie. with any possible direction and an
approximately constant magnetization), and delocalized moments on the Rh sites with
interactions described by a Stoner model (co-linear moments that can continuously de-
crease to 0). They further argue that the sensitivity of the Fe-Fe magnetic interaction
to inter-atomic distance can be described by direct exchange, whereas the interaction
between Fe and Rh being less sensitive, can be described via indirect exchange.

To go from the FM phase to the AF phase, the system will first experience an increase
of electronic weight in the anti-bonding majority-spin states of the Fe-Rh bond. This
increase depicts the cost of contracting the cell below the equilibrium distance of the
FM magnetic interaction between nearest neighbors, making the induced moment on Rh
unstable. This FM interaction between Fe and Rh can also play a role in the increased
stiffness of the lattice observed in the FM phase [121]. In conjunction, the Fe-Fe bond also
accumulates anti-bonding states. This last effect can be regarded as Coulomb repulsion
between electrons with parallel spins forming the bond. The energy of the system can
then be minimized when the electrons making the Fe-Fe bond flip into an anti-parallel
configuration. This larger electron weight shift at the Fe-Rh bond energy suggests that
going from the FM phase to the AF phase, the instability of the Rh moment precedes the
sign change of the Fe-Fe exchange interaction. This interplay between the Fe-Fe and Fe-
Rh interactions could explain the large hysteretic behavior at the transition. We could for
instance think that the AF Fe-Fe bond length is the main interaction to overcome when
going from the AF to FM phase, further helped by the onset of a magnetic moment on
Rh sites. Whereas, when going from the FM to AF phase, the Fe-Rh bond will first resist
to the change before the Fe-Fe bond reaches the critical length at which the exchange
becomes negative. In other words, we can say that the hysteresis of the transition comes
from the delayed exchange flip between Fe-Fe going from FM to AF versus AF to FM, the
shift in Tcrit being modulated by the energy needed to set (AF to FM)or overcome (FM
to AF) the Fe-Rh FM interaction. For example, from FM to AF, the transition energy
is determined by the energy barrier to bring back the Fe atoms to their closer position,
that then favors the AF order, but with a joint force of the Fe-Rh FM interaction.

Now considering temperature, the lattice contribution helps the spin fluctuations to
become more and more critical to the material. The fluctuations insure that when the
Fe-Fe distance will be large enough, a FM moment will arise on Rh, building a favorable
environment for the FM spin flip. Phonons can help if for instance they make the cell
breathe: we can argue that certain vibration modes can enhance the magnetic suscepti-
bility of an FM interaction around the Rh atom, for instance, mode combinations that
would separate the planes in the [111] directions. Studying these can bring light on the
temperature dependence of critical phonon/magnon modes that need to be activated to
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induce an oscillatory net magnetization at the Rh site and so favor a parallel alignment
of the magnetic moments. We can think of an interplay between the thermal expansion
favoring the electron weight shift explained above, and the lattice vibrations that be-
come critical at a certain temperature. Vibrational energy would then play the role of
symmetry breaker so that the AF ordering is destabilized and flips to FM. On the way
back from the FM phase, we can think that the decrease of the temperature towards the
transition temperature induces a contraction of the cell. And this fact combined with
insufficient vibrational energy to maintain the moment on Rh will eventually allow the
AF Fe-Fe interaction to prevail. We can add that the lattice is stiffer in the FM phase
[121], thus at the same temperature, the FM cell vibration will have less amplitude than
the AF cell. This fact is in accordance with the hysteretic nature of the transition.

8.4 Sum up

We have exposed an analysis of the density of states of α’-FeRh in the AF and FM
magnetic phases. We have proposed to determine the changes occurring in the full d-
band of the material under an external perturbation that should favor the onset of the
transition. We have considered volume effects, known in FeRh to drive the transition
from AF to FM on extension, and FM to AF on compression.

We have demonstrated that volume expansion of the AF phase tends to redistribute
electrons across the majority spin band, with an increase in the bonding region. The
largest electronic transfer towards the bonding region occurs along the Fe-Fe bond di-
rection with about 0.32 electrons followed by a change of 0.20 electrons along the Fe-Rh
bond. Oppositely, volume compression of the FM phase tends to increase the weight
of anti-bonding states in the full majority spin band, with the main electronic transfer
being attributed to the Fe-Rh interaction with 0.25 electrons in the anti-bonding region,
followed by 0.23 electrons for the Fe-Fe interaction. At the Fermi level, the changes
observed are not remarkably strong but we still note an increase of the anti-bonding
states of Rh under expansion of the AF phase, that could favor the appearance of a
ferromagnetic moment on Rh.

We have proposed that the transition is induced by a magneto-volume interaction
that would be related to the sensitivity of Fe-Fe bonds to volume variations. As the
volume of the cell is increased in the AF phase, the bonds become stiffer because more
weight is being put on the bonding states of the Fe-Fe bonds. At the same time, the t2g
states responsible mostly for the Fe-Rh interaction also have an increase in the bonding
regions, but less dramatic. This difference of behavior is thought to be at the origin of
the flip from a AF order between Fe sites to an FM order. In conjunction, the presence
of a rapidly increasing anti-bonding dome in the Rh 4d states characterizing the Rh-Rh
interaction close to the Fermi level tends to favor an electronic reorganization of the Rh
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d spin band to minimize the energy, resulting in the appearance of a magnetic moment
at the Rh site.

At this point, we can ask several question concerning our approach. Indeed, changes
in the DOS are forced to be related to the intimate modifications of the band structure
of the material. In the itinerant magnetism picture, mobile electrons carry the spin, so
only modifications at the Fermi level are considered. But we still wonder to what extent
the modifications of a full spin band can play in the bonds interplay. The band being
full, the band tends to contract closer to the nucleus [241], hence the bonding is rather
insured by minority spin electrons. We noted changes on the whole d-band, but should
one consider that lower energy states have less influence than states closer to the Fermi
level?

We are actively working on these aspects to further understand the fine structure
of the density of states and find part of the answer to these questions of fundamental
interest.
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Conclusion

We started this work from the general idea to investigate on magneto-electric horizontal
structure and build a system with a strong magneto-electric coupling. We have first
studied the system BaTiO3/Fe via XRMS, an element specific and surface sensitive tech-
nique, under positive and negative saturating voltage of the ferroelectric polarization.
We showed that there is a small signal difference in the reflectivity measurements be-
tween +100V and -100V. The distortion of the BaTiO3 crystal being a pair function of
voltage, we argued that the effect can be allocated to a charge mediated magneto-electric
coupling. We also reported a few technical difficulties due to oxidation of the interface
and loss of ferroelectric properties encountered when working with reactive species on
BaTiO3 crystals.

We continued our approach on magneto-electric coupling in horizontal epitaxial struc-
tures with the use of FeRh a transition metal alloy possessing a magnetic transition close
to room temperature, that can be equivalently driven by temperature, magnetic field
and pressure. The first challenge was to obtain state of the art thin films of FeRh with
bulk-like properties. We demonstrated the successful epitaxial growth of thin films rang-
ing from 45nm down to 5nm on MgO and SrTiO3 substrates with a bulk-like transition
temperature around 380K and a rather sharp transition from AF to FM with a well
defined hysteresis cycle. We also noted that associated to the size reduction of the films
was a large decrease of the magnetization per unit volume. Only films of 45nm had
the typical bulk magnetization around 1200 emu.cc−3. We finally used these optimized
growth condition to grow an epitaxial 22nm thin film of FeRh on a BaTiO3 substrate.

We then studied the system FeRh(22nm)/BaTiO3/Au by SQUID magnetometry un-
der voltage and demonstrated that the transition temperature of the whole film of FeRh
can be shifted by 25K under 21V. We attributed this shift to an in-plain strain generated
by the electro-elastic domain rearrangement of the BaTiO3 substrate, going from a mix-
ture of a-(in plane polarization) and c-domain(out-of-plane polarization) configuration to
completely c-domain configuration under voltage. This effect uses the sensitivity of the
magnetic transition of FeRh to pressure. It represents a very large magneto-electric effect
mediated by strain, with a record associated coupling constant of α=1.6×10−5 s.m−1,
about one order of magnitude higher than previous reports. This work showed the inter-
est in using transition metals and transition metal alloys with well know properties for
the design of composite magneto-electric systems.

Another effect on the FeRh film was also expected from ferroelectric polarization
direction of BaTiO3 at the interface of FeRh. We estimated that due to the low charge
carrier density of the FeRh AF phase around 1021 e−.cm−3 and the large electronic
entropy generated at the transition, a charge accumulation/depletion induced by BaTiO3

at the interface with a polarizaition of about 20µC.cm−2 could influence the transition
temperature of the interfacial FeRh region. A strong modification of the shape of the
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M(T) was recorded under electron doping by SQUID magnetometry under voltage that
could be associated to a charge effect. In order to confirm this observation, we measured
the carrier density of the film at room temeprature in AF phase by Hall measuremnt
under voltage. This last experiment did not bring conclusive results due to a lack of
time. It would be interesting to repeat rigorously these measurements because they
could bring interesting experimental proof of the sensitivity of the FeRh transition to
electronic modifications at the Fermi level.

We also realized that FeRh in thin films possesses a progressive transition from one
magnetic phase to the other, with a meta-stability of any magnetization and associated
resistivity state along the transition. We suggested that this dynamics could be attributed
to a change from propagation-limited switching in thick films to a nucleation-limited
switching in thin films due to a more preeminent independence of the grains forming
the structure. This observation led us to propose a mathematical description of FeRh
in thin films as a memristive system. Then, we also showed that within the defined the
mathematical framework, we could use the voltage induced shift on the transition of FeRh
by BaTiO3 of our previous experiment to conceive a memristive system with a tunable
plastic response. Indeed, the implementation of a feedback loop to judiciously direct the
strain state of the FeRh thin film allows to lively set the hardening or softening of the
resistance of FeRh with time. This system a-fortiori also allows to transform FeRh into
an ideal memristor. The conceptualization gave us the opportunity to assess the practical
interest of using materials with phase transitions, especially when several parameters are
conjugated, as memristive systems.

Finally, we have used first principles calculations on bulk FeRh in each of the magnetic
phases, AF and FM, to gain a better understanding of the properties of FeRh and the
presence of the magnetic transition. We simulated pressure on each phase by setting
sub-equilibrium and sur-equilibrium lattice parameter and studied the changes arising
in the projected density of states. From these simulations, we finally proposed a unified
view of the phase change and the possible triggers at play in the transition at 0K.

Next steps

On a general point of view, in this work we tried to embrace the impact of our research
and connect it with ongoing research in our field of material science, from state-of-the-art
literature to older open problems such as the transition of FeRh. We tried to render the
richness of interrogations and investigations of the common tree-like progression of our
research, trying to bridge knowledge and concepts to create new branches on the tree.

On the paths we opened, further effort could allow to grow better FeRh thin films
to investigate on the magnetic properties of the system at the ultrathin limit. The ME
experiment we developed here is not optimized yet, so one can easily think that larger
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coupling constants can be obtained using strain on FeRh films with sharper transitions.
There is also some interesting aspects of the influence of charge doping at the Fermi level
to be understood. We initiated an experiment that seems promising, and could bring
more insight in the entanglement of electronic/volume/magnetic fluctuations as a trigger
to the transition.

One could also analyze the changes of TMR across the transition, to bring an ex-
perimental proof to the change from the large to low spin polarization of FeRh as the
materials transforms from AF to FM. The same experiment could be repeated with a
thin ferroelectric barrier, using for instance BaTiO3, which would allow to isolate the
effect of charges at the interface on the one hand, and show the modification of the
magnetic properties of FeRh depending on the ferroelectric polarization direction on the
other hand. One could as well consider the sizable contribution of spin-orbit coupling in
the magnetism of FeRh could make it a good candidate for the stabilization of skyrmions
in thin films.

Also, the experimental realization of the memristive system mathematically describe
in Chapter 7 should not be a difficult task once the current flow in FeRh is well under-
stood. Indeed, we can for instance easily imagine that because the resistivity drops as we
heat along the transition, paths of the FM phase will tend to form along the current flow,
changing the resistance description from series to parallel until enough heat is generated
to heat the whole FeRh channel. We can also study the aging of the resistivity properties
under multiple cycling. FeRh in air can oxidize if enough energy is provided. Considering
the full system with the piezoelectric substrate, a fine tuning of the feedback loop should
be implemented, etc. Such issues should be addressed for a reliable realization of the
system.

Finally, further investigation on the role of volume/charge perturbation on the mag-
netic phases of FeRh could unveil the subtle triggers at play in the transition mechanisms
and phase stability. And in the process, more information could be gathered on the spin
rearrangement occurring at the Fe sites, typical of a covalent magnetism vision rather
than a Stoner-type rigid band shift. Magnetism in transition metals and alloys has been
widely studied in the 20th century, and a sizable step forward in the understanding of
microscopic causes of magnetic properties of materials has been possible thanks to first-
principle calculations. Pursuing on that path, one can further dig on these problems
using modern tools developed to understand better atomic bonding in solids and their
contribution to the energy stability of a given phase.
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A.1 Complement on materials used in the study

A.1.1 Dielectric and ferroelectric substrates and thin films

A.1.1.1 MgO

Magnesium oxide, MgO, is an insulating ionic crystal. MgO monocrystals have a NaCl-
rocksalt structure, with a cell parameter a = 4.21 Å. We used it primarily as a substrate
for FeRh ultra-thin films growth and characterization as the lattice mismatch is very
small (at 45◦, FeRh has a double cell parameter of 4.23 Å).

The oxide is stable at high temperature, making possible the growth of oxidable
compounds (such as Fe, permalloy, Co, FeRh) up to 800◦C and more, with no risk to
form an oxide layer at the interface.

MgO in ultra-thin layers down to 1 nm can be used as a tunnel barrier. The very low
hot-spots density alloys to measure good tunneling through MgO down to 1 nm-thick
barriers, in junctions as wide as 100 µm2. For its good tunneling properties in can be
used to perform electric field effect even though the dielectric constant of MgO is small (ǫ
= 9.8 in bulk, comparable to Al2O3 used for the same purposes). The 2D charge density
induced by field effect is inversely proportional to the thickness of the dielectric barrier
and directly proportional to the dielectric constant of the dielectric and field applied.
Advantage is thus taken on the exceptional low thickness of still insulating MgO on wide
surfaces.
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A.1.1.2 SrTiO3

Strontium Titanate, SrTiO3 (STO), is a centrosymmetric perovskite with a cell parameter
a = 3.905 Å [242]. The unit cell is cubic at atmospheric pressure and room temperature.
At 105 K STO undergoes a crystalline transition from cubic to tetragonal [243].

STO is a paraelectric insulator and has a high dielectric constant at room tempera-
ture, ǫr ∼ 300. At low temperature, the material approaches a ferroelectric state with
a very high dielectric constant of about ǫr ∼ 10000 [244]. This high value decreases
dramatically with increasing electric field [245], this has to be taken into account when
one wants to maximize gating effects at low temperature.

Figure A.1: Left: Temperature dependence of the remnant polarization in SrTiO3 mea-
sured for various field amplitudes E0 (◦: 100 V.mm−1, +: 200 V.mm−1, ⋄: 400 V.mm−1,
×: 700 V.mm−1). The inset shows the field dependence of the polarization at two dif-
ferent measuring cycles with E0=100 V.mm−1 and with E0=400 V.mm−1. Right: Tem-
perature dependence of the dielectric constant in SrTiO3 for various bias fields between
0 V.mm−1 and 500 V.mm−1 as described in the figure [245].

In the 105 K - 50 K range, the dielectric constant of STO follows a Curie-Weiss law.
Hence it is possible to extrapolate a transition temperature from paraelectric to ferroelec-
tric at about 36K. However, no transition is observed in pure stoichiometric SrTiO3 and
below 50K, the dielectric constant diverges. The paraelectric to ferroelectric transition
doesn’t occur due to quantum fluctuations, STO is said to be a quantum paraelectric
[246]. The paraelectric to ferroelectric transition can be triggered by replacement of O16

by its isotope O18 or by slightly substituting Sr by other cations [243].

STO crystals surfaces in the [001] direction can have two distinct terminations. One is
SrO, the other TiO2. This last termination is the most thermodynamically stable. TiO2

terminated substrates insures a stable interface with most oxides and oxidable metals up
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to 1000◦C [247].
As STO is to be used as a insulating barrier, it is important to note that deficiency

of oxygen in the stoichiometry can lead to a metallic behavior. After growth, the sample
must be annealed in high oxygen pressure to insure that the oxygen vacancy density,
high as grown, is sufficiently minimized [248].

[SrTiO3 was interesting on our project for its structural properties for growth opti-
mization and good dielectric properties down to 20nm to perform field effect on FeRh
(see FeRh section below).]

A.1.1.3 BiFeO3

Bismuth ferrite, BiFeO3 (BFO), is a multiferroic perovskite with a rhombohedral crys-
talline structure. Ferroelectric and antiferromagnetic ordering cohabitate on a wide range
of temperatures with respectively the following Curie point TC=1118 K [249] and Néel
temperature TN=643 K [250]. BFO is also denoted a magneto-electric as there is a
coupling of its ferroic orders.

BFO can be also found in small monocristals but it is very brittle and thus hard to
manipulate. Our interest was rather direct towards the use of BFO thin films grown on
STO. It has been reported that BFO polarization under limited strain can reach P = 70
µC.cm−2 [251].

We ran growth tests on BFO thin films to potentially use its good ferroelectric prop-
erties and take advantage of its high ferroelectric TC . In the end we had limited use of
this material as growth of FeRh on it was hard to achieve.

A.1.2 Eligible electrodes for a Magneto-electric coupling

The following elements are all transition metals, they all have a partly filled d-shell.
Bonding is made by the valence electrons in the d-shell. They show good heat and elec-
trical conductivity and have high metling and boiling points. When ordered in a crystal
form, a magnetic order can arise below a critical temperature in these 3d metallic species
(the curie temperature TC for ferromagnetism and the Néel temperature TN for antifer-
romagnetism) due to direct effect of adjacent spins (exchange constant sign). In Fe-like
materials, the strong magnetic order comes from the fact that electrons that carry the
swiveling spin are also the ones making the bonds.

In this subsection we present the various metallic materials used as magnetic elec-
trodes for magneto-electric coupling or just electrodes.

A.1.2.1 Magnetic electrodes: Fe, Co, CoFeB, NiFe

The three elements we present here, Fe, Co and Ni, have very close properties. They are
said to be part of the ’iron family’. Notably, they conserve their bulk magnetic properties
in thin films down to very low thicknesses, ∼ 2nm.
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A.1.2.1.1 Iron: Fe Iron [Fe] is the chemical element with atomic number 26 and
electronic configuration [Ar] 3d64s2. For the perspective, it is the most common com-
pound on earth and is widely found in the universe (6th element in abundance overall).
At room temperature and pressure Fe adopts a bcc crystalline structure with a cell pa-
rameter a = 2.87 Å. At temperatures below TC = 1043 K, Fe is ferromagnetic with a
moment per atom of MFe = 2.12µB [186], [252].

Fe has several oxydation states whose most common are type 2 and 3, respectively
FeO and Fe2O3 and a mix of type 2 and 3, Fe3O4 (magnetic oxyde).

A.1.2.1.2 Cobalt: Co Cobalt [Co] has the atomic number 27 and the following elec-
tronic configuration: [Ar] 3d74s2. Pure Co orders in an hcp structure at room tempera-
ture and atmospheric pressure and transforms to fcc above 450◦C. Below TC = 1388K,
Co is ferromagnetic with a moment per atom of MCo = 1.6µB [186].

A.1.2.1.3 Permalloy: FeNi FeNi in 20-80 proportions is referred as permalloy. The
alloy presents remarkable magnetic properties, notably its very high magnetic permeabil-
ity (can be used as magnetic shielding). The alloy can be found in bcc or fcc structures,
with similar moment per formula unit of Mbcc = 1.03±0.1 µB and Mfcc = 1.07±0.1 µB,
but very different Curie temperatures, respectively 553 K and 871 K [253].

A.1.2.1.4 Vapor pressure of metals Here we show the vapor pressure of several
species, noticeably Fe and Rh, see Fig. A.2.

A.1.2.2 Other electrodes: Pd, Pt, Al, Au

We used Pd, Pt, Al and Au mainly for their metallic properties as standard electrodes
or capping layers.

Pd and Pt are practical to use on oxides because they wet oxide surfaces. The surface
energies of Pd and Pt, γ ∼ 1J.m−2 [254] are generally smaller than perovskite surface
tension such as BaTiO3 or SrTiO3, γ ∼ 5J.m−2 [255]. Al is useful to cap samples to be
measured at the synchrotron. As it is a light element, it is more transparent that heavier
elements to incoming X-Rays.

Pd and Pt are paramagnetic but with a Stoner criterion close to 1. They are thus
easily polarizable. We focused on Pd in chapter 4 in a magneto-electric experiment where
we hoped to modify the magnetic ground state of a Pd thin layer from paramagnetic to
ferromagnetic via ferroelectric field effect.

A.2 Other characterization techniques

A.2.1 Reflection High Energy Electron Diffraction (RHEED)

Reflection high-energy electron diffraction is a powerful real-time characterization tech-
nique. The glancing incidence angle allows for high surface sensitivity and insures com-
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Figure A.2: Vapor pressure of a series of elements.
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patibility for in-situ crystal growth monitoring. RHEED provides information on the
crystalline structure and roughness of the surface.

A RHEED system is composed of an electron gun and a photo-luminescent screen
placed opposite to the beam. A high-energy electron beam impinges on the surface of
the material at grazing incidence. The glancing angle forces the electrons to only probe
the first atomic layers of the structure.

A.2.1.0.1 Principle Considering that the main scattering process is elastic, we can
use the Ewald sphere representation in the reciprocal space. The diffraction condition
is fulfilled when the Ewald sphere of radius k0 = 2π

λ intercepts a node of the crystal
reciprocal space. The diffraction pattern is projected on a fluorescent screen, see fig.A.3.

Figure A.3: Ewald sphere construction and diffraction geometry of RHEED Intensity
maxima on the screen correspond to projected intersections of the Ewald sphere with the
reciprocal lattice [256].

The magnitude of the wavevector for high-energy electrons is given by:

k0 =
1

h̄

√

2m0E +
E2

c2
(A.1)

With E the energy of the incoming electrons and E2

c2 a relativistic correction term
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arising from the high incident velocity. The diffraction pattern reflects the reciprocal
space of the sample surface structure. In RHEED, the wavevector k0 of incident electrons
is large, hence the Ewald sphere of radius k0. The penetration depth of the beam is very
small compared to the radius of the Ewald sphere, and represents at most a few atomic
layers. The periodic part in the z direction can thus be neglected and the sample regarded
as a 2D plane. In the reciprocal space, this translates into vertical rods (perpendicular
to the real space sample surface).

In practice, this rod-type RHEED patterns are typically observed when the growth
is 2 dimensional. It indicates low roughness and good surface crystallinity, fig.A.4-a,b.
Diffraction on a high surface quality sample can present features arising from inelastic
scattering such as Kikuchi lines (usually present on high crystalline quality substrates
and highly epitaxial thin films).

When the surface is crystalline and three dimensional (higher roughness), the electron
beam travels through larger crystal islands. Hence, the planar character of the surface
is lost (z direction degenerates). The typical RHEED pattern of a 3D surface consists of
dots, fig.A.4-c.

If the surface is textured or pollycristalline, the long range in-plane ordering is lost.
The Ewald sphere can now intersect an almost continuum of reciprocal lattice nodes.
The diffracted pattern then forms concentric arcs, fig.A.4-d.

Figure A.4: RHEED patterns for a. ideal, b. 2D, c. 3D and d. pollycristalline surfaces.

RHEED intensity and patterns can be recorded in situ, during the growth process.
It is thus possible to characterize at all times the growth type and surface state of
the sample. Also, during an epitaxy procedure the material is usually deposited layer
by layer. When one layer is complete, the specular RHEED intensity is maximal (the
absorption is minimized). When the surface is half covered by a new layer, the disorder
is maximum (as the absorption) and the intensity reaches a minimum. The intensity of
the RHEED signal informs on the growth type and rate, the thickness of the film, its
crystalline order, cell parameter and roughness.
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A.2.2 Topography: Atomic Force Microscopy (AFM)

We used atomic force microscopy to characterize the surface state and roughness of sub-
strates and samples. During a sputtering growth optimization process RHEED indicates
the type of growth, AFM provides complementary quantitative information on the sur-
face quality and roughness.

AFM is a high resolution scanning probe microscopy that allows to study topography
of any type of solid-state material at the sub-nanometer scale . The technique is based
on the interactions of a few Ångstroms wide AFM tip mounted on a cantilever with
the surface. When the tip approaches the surface, attractive or repulsive short range
forces induce a deflection of the cantilever. A negative feedback loop is implemented
in the circuit, so that the tip follows the surface topography. Depending on the tip
characteristics and composition, AFM can be sensitive to various forces and physical
properties of the surface, such as Van Der Waals forces, capillary forces, chemical bonding,
electrostatic forces, magnetic ordering, Joule expansion, etc.

Several scanning modes are available: contact mode, tapping mode, conductive-tip
mode. We mainly used tapping mode as it offers the best topography resolution.

A.2.3 Structural characterization technique: X-Ray Diffraction

We mainly used X-ray diffraction (XRD) to characterize the crystalline order and epitaxy
of thin films.

X-Ray diffraction is a universal method to identify the nature and structure of crys-
talline compounds. The method can only be used when atoms are arranged in periodic
patterns. X-rays in most diffraction experiments yield from Cu Kα1 with λ = 1.54056 Å.
This wavelength is of the same magnitude order as the inter-atomic bonds in a crystal.
The incident X-rays will interact with the electron clouds of atoms in an electron scat-
tering process (Rayleigh scattering). As the material is crystalline, several atomic planes
will scatter incoming photons in the same direction. Interference patterns then arise and
form constructive interference only when the Bragg condition is fulfilled:

2d sin θ = nλ (A.2)

with d the distance between two cristallographic planes, 2θ the angle between the
incident beam and the detector, n, the reflection order and λ the X-rays wavelenght.

A.3 Growth of FeRh on dielectric films

We tried to grow FeRh at various thicknesses on homoepitaxial STO//STO, STO/LSMO//STO,
BFO/SRO//STO. All these attempts failed in generating epitaxial α′-FeRh and resemble
much the growth on BaTiO3 thin films exposed in the previous part. A recurrent ques-
tion was to understand why a growth on thin films was so different than on substrates of
the same material. A intuitive idea suggests that thin films have a higher energy state
due to various factors such as stoichiometry fluctuations and oxygen vacancy related
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instabilities that can critically influence the surface stability at high temperature under
vacuum when reactive species are deposited at high energy. We therefore turned towards
more stable oxide compounds in thin films such as MgO or LaAlO3 with stronger bounds
to their oxygen atoms, as we suspect that oxidation is the main issue in the failing FeRh
growth.

A.3.1 FeRh/MgO/Si

We grew FeRh down to 5nm on MgO polycristalline thin films of 20nm deposited by sput-
tering on SiO2(native)/Si. The growth of MgO was done in another Plassys sputtering
chamber by Cyril Deranlot.

The growth of FeRh was polycritlalline but not oxidized and we could obtain typical
M(T) showing both the AF phase at low temperature and FM phase at high temperature
for all thicknesses. In figure A.5 we present the M(T) of a 5nm FeRh thin film deposited
on 20nm of polycritalline MgO, with Tcrit = 374 K under 20kOe, with the reference
curve of FeRh(5nm)//MgO for comparison. The moment in the supposedly AF phase is
about 120 emu.cm−3 either due to a ferromagnetic background or a large paramagnetic
contribution induced by the high measuring field, as seen in 5.22-c. The amplitude of the
magnetization change and steepness of the transition are not as good as for the sample
grown on MgO.

Figure A.5: Temperature dependence of the volumetric magnetization of a 5nm FeRh
thin films grown on polycrytalline MgO(20nm)//Si (blue) and on an MgO substrate as
a reference (green).
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The polycrystalline FeRh film (blue) has similar features as the 22 nm FeRh film
grown on BTO thin films, fig. 5.22-a and the 10 nm FeRh film grown on MgO substrate
and annealed at 800◦C, fig. 5.7-b. This transition shape and magnetic features are
present when there is coexistence of γ and α-FeRh and a tendency of the grain size to
be smaller.

A.3.2 FeRh/LAO/STO

The growth on LAO/STO is the only growth that produced very good α′-FeRh at 22nm
and 11nm. The growth of LaAlO3 epitaxied on terminated STO substrates were grown by
Edouard Lesne by PLD. He used the LAO growth conditions he optimized for the 2D gas
at the interface of LAO/STO. The LAO thin film was a good choice for high temperature
growth of FeRh. The compound stoichiometry is more stable in temperature than STO
substrate and has a tendency to deplete the interface of STO from its oxygen atoms when
it is not at the right stoichiometry. We grew 22nm and 11nm thin films of FeRh on 2 u.c.
to 5 u.c. of LAO.

In Fig. A.6 we present X-Ray θ-2θ spectrum, AFM image and temperature dependent
magnetization data of an 11nm FeRh film. No trace of oxidation or parasitic phase is
observed, the 001 and 002 peaks are well defined and cOOP = 3.00 Å for both samples.
The SQUID data c show steep transitions under 20kOe, with a transition temperature
higher than usual, around 392K. We still see the thickness dependence of the volumetric
magnetization, but the magnetization reaches a maximum of 450 emu.cm−3, higher than
the max value of a typical 11nm film on MgO, see Fig. 5.18-b, and the transition is
obviously not complete at 400K.

The width of the transition is about 24K, comparable to the 25K on MgO. The
residual moment in the AF phase is about 100 emu.cm−3 at 330K. We also note that
the cycle does not close back completely on the way back of the hysteresis, reaching only
123 emu.cm−3 at 330K. This effect can be compared in minimal amount to the lingering
field cooled magnetic states visible in highly polycrystalline films grown Si (Fig. A.5) or
annealed at too high temperatures (Fig. 5.7-b). The samples grown on ultra thin films
of LAO were the only ones to display good structural data on the whole thickness and
a very sharp and bulk-like transition temperature. This success suggests that growth
on other thin films fails likely due to the too high temperature needed to grow or order
FeRh in comparison which intermixing and oxydization processes. A few unit cells of
LAO could be then used as a buffer layer if needed.
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A.3. Growth of FeRh on dielectric films

Figure A.6: a X-Ray θ-2θ of FeRh(11nm)/LAO(5 u.c.)//STO. b AFM image of the
surface, with an RMS roughness of Ra=0.64 nm.
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